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Preface

The concept to utilize an ion-conducting polymer membrane as a solid poly-
mer electrolyte offers several advantages regarding the design and operation
of an electrochemical cell, as outlined in Volume 215, Chapter 1 (L. Gubler,
G. G. Scherer). Essentially, the solvent and/or transport medium, e.g., H2O,
for the mobile ionic species, e.g., H+ for a cation exchange membrane, is
taken up by and confined into the nano-dimensional morphology of the ion-
containing domains of the polymer. As a consequence, a phase separation into
a hydrophilic ion-containing solvent phase and a hydrophobic polymer back-
bone phase establishes. Because of the narrow solid electrolyte gap in these
cells, low ohmic losses reducing the overall cell voltage can be achieved, even
at high current densities.

This concept was applied to fuel cell technology at a very early stage; how-
ever, performance and reliability of the cells were low due to the dissatisfying
membrane properties at that time. The development of perfluoro sulfonate
and carboxylate-type membranes, in particular for the chlor-alkali process,
directly fostered the further development of proton-conducting membranes
and, as a consequence, also the progress in this type of fuel cell technology
(polymer electrolyte fuel cell, PEFC).

Within the past 20 years, tremendous progress has been achieved in PEFC
technology, in particular since the automotive industry has joined forces to
further develop this energy conversion technology with its advantages in effi-
ciency and environmental friendliness. This development has brought about
a much deeper understanding of the various functions of the polymer elec-
trolyte in the cell, particularly under duty cycle conditions of automotive
applications. As a further and utmost prerequisite, the cost issue came to every
one’s attention.

Many national and international research programs have recently initiated
work on proton-conducting polymer membranes for fuel cell applications.
The contributions in these two volumes aim to summarize some major efforts,
without claiming to be exhaustive.

Hence, M. Eikerling, A. A. Kornyshev, and E. Spohr start out in Volume 215,
Chapter 2 with a general description of proton-conduction in polymer mem-
branes, elucidating the influence of water and charge-bearing species in the
polymer environment. Y. Yang, A. Siu, T. J. Peckham, and S. Holdcroft give an
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overview on implications of design approaches for synthesis of fuel cell mem-
branes in Volume 215, Chapter 3. Some recent progress in the most prominent
class of these membranes, the perfluoro sulfonic acid-type membranes, is de-
scribed in Volume 215, Chapter 4 from an industrial perspective by M. Yoshi-
take and A. Watakabe. The development of the radiation grafting process to
yield fuel cell membranes is covered in Volume 215, Chapter 5 by S. Alkan
Gürsel, L. Gubler, B. Gupta, and G. G. Scherer, based on their long-term expe-
rience working in this area. The requirement for operating cell temperatures
above 100 ◦C has led to the approach of composite membranes, combining
the advantageous properties of inorganic and polymeric proton conductors
(D. J. Jones, J. Rozière, in Volume 215, Chapter 6) to control the water content
at these temperatures. On the basis of the promising properties of polymeric
aromatic engineering materials and their modification to proton-conducting
membranes, G. Maier and J. Meier-Haack review the state-of-art in sulfonated
aromatic polymers in Volume 216, Chapter 1. High-temperature applications
are also in the focus of the next two contributions. Polymer blends with phos-
phoric acid allow operating temperatures well above 100 ◦C, with advantages
in water management and electrocatalysis (CO-tolerance), as pointed out in
the contribution by J. Mader, L. Xiao, T. J. Schmidt, and B. C. Benicewicz in
Volume 216, Chapter 2. A similar approach was followed, introducing the
phosphonic acid group directly onto the polymer chain, by A. L. Rusanov,
P. V. Kostoglodov, M. J. M. Abadie, V. Y. Voytekunas, and D. Y. Likhachev in
Volume 216, Chapter 3. Two new classes of polymers and their properties are
addressed in the last two Chapters 4 and 5 in Volume 216. R. Wycisk and
P. N. Pintauro describe their view on polyphosphazene-based membranes for
fuel cell applications, while C. Marestin, G. Gebel, O. Diat, and R. Mercier
report on their and others’ work on polyimide-based membranes.

As documented in and expressed by these various contributions, the topic
“Polymers for Fuel Cells” is a vast one and concerns numerous synthetic and
physico-chemical aspects, derived from the particular application as a solid
polymer electrolyte. In this collection of contributions, we have emphasized
work which has already led to tests of these polymers in the real fuel cell envi-
ronment. There exist other synthetic routes for proton-conducting membrane
preparation, which are not discussed in this edition. Furthermore, certain
polymers are utilized as fuel-cell structure materials, e.g., as gaskets or addi-
tives (binder, surface coating) to bipolar plate materials. These aspects are not
covered here.

In summary, we endeavored to bring together contributions from several
expert groups who have worked in this area for many years to summarize the
current state-of-the-art. There still exist many challenges down the road to
bring at least some of these developments to commercial fuel cell technology.
For an ultimate success, a comprehensive polymer materials approach has to
be adopted to rationalize all the various aspects of this highly interdisciplinary
task.
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Abstract Fuel cells are considered as a major energy conversion technology of the future,
due to certain inherent advantages of electrochemical conversion processes as compared
to thermal combustion processes. Polymer electrolyte fuel cells (PEFCs), operating with
hydrogen and air or oxygen at temperatures of around 100 ◦C, utilize a proton-conducting
polymer membrane as solid electrolyte. In this configuration, the proton-conducting
polymer membrane has to fulfill several functions: (i) the electrolyte function for sur-
face and bulk ion conduction and (ii) the separator function for gas (reactant) separation.
Furthermore, the membrane is part of the gasket system, requiring certain specific me-
chanical properties. This ensemble of required specifications asks for a comprehensive
approach in membrane development for this application. In this short introductory chap-
ter, we summarize some of the general aspects of membrane development for polymer
electrolyte fuel cells.

Keywords Polymer electrolyte fuel cell · Interfacial properties · Bulk properties ·
Proton exchange membrane · Membrane electrode assembly

1
Introduction

Interest in fuel cells and their applications has grown tremendously over the
past two decades, primarily due to energy conversion and environmental con-
cerns [1].
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Fig. 1 Scheme of electrochemical energy conversion in a fuel cell

The idea of a gaseous voltaic battery or fuel cell dates back to Grove, who
in 1839 described the first hydrogen/oxygen fuel cell consisting of platinized
platinum electrodes immersed in sulfuric acid [2]. Generally speaking, a fuel
cell is an electrochemical device that continuously converts the chemical en-
ergy of a fuel (and oxidant) directly into electrical energy, as shown schemat-
ically in Fig. 1. Heat is generated as a byproduct. The fuel cell process has the
major advantage of not being Carnot-limited, thus allowing a theoretical effi-
ciency higher than that of a heat engine. Fuels can include, for example, H2,
N2H4, NH3, CH3OH, coal gas, or hydrocarbons. In the case of pure hydrogen,
a fuel cell acts as a local zero emission converter. Normally, the oxidant for
terrestrial applications is air, and in some cases pure oxygen is utilized.

The basic design of a fuel cell, an ionically conducting electrolyte and
separator layer sandwiched between two electronically conducting gas dif-
fusion electrodes (the fuel anode and the oxidant cathode, respectively), is
shown schematically in Fig. 2 for a polymer electrolyte fuel cell with an acidic
electrolyte and hydrogen and oxygen as the corresponding reactants. Typic-
ally, under open circuit conditions, H2/air fuel cells exhibit a cell voltage of

Fig. 2 Operating principle of a H2/O2 fuel cell with acidic electrolyte membrane. Protons
are transported from anode to cathode, where water is formed
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Fig. 3 Components of the polymer electrolyte fuel cell (PEFC): membrane electrode as-
sembly (MEA) on the left, including separator plates and gasket. A schematic of a PEFC
stack is shown on the right, comprising a number of single cells in series

around 1 V and less than 1 V under current flow. Higher voltages, necessary
for any application, are obtained by stacking individual cells into a bipolar ar-
rangement (Fig. 3). Within the repetitive unit of the cell, the membrane also
functions as sealing material, in combination with gaskets introduced in the
periphery of the active area (Fig. 4). This plate-and-frame design is typical for
filter press type cells.

Historically, fuel cells are classified by the nature of the electrolyte and/or
by the temperature of operation. Thus, one separates fuel cells into alkaline
or acidic, or low temperature (up to 100 ◦C), medium temperature (up to
200 ◦C), and high temperature (up to 1000 ◦C) fuel cells. Currently, interest
focuses on the fuel cell families depicted schematically in Fig. 5. In general
terms, the nature of the oxidant as well as the type of fuel set restrictions on

Fig. 4 Repeating unit in a fuel cell stack with bipolar arrangement
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Fig. 5 Important fuel cell families considered today

the operating conditions of the various fuel cell types [1]. Polymer electrolyte
fuel cells (PEFCs), phosphoric acid fuel cells (PAFCs), and direct methanol
fuel cells (DMFCs or sometimes referred to as DM-PEFCs) are acidic fuel cells
that can utilize air as oxidant. Alkaline fuel cells (AFCs) must operate on pure
oxygen so as to avoid carbonisation of the alkaline electrolyte. Most of the PE-
FCs, as well as DMFCs and AFCs operate at temperatures up to 100 ◦C, while
some PEFCs utilize so-called high temperature polymer membranes, which
allow operation beyond 100 ◦C. PAFCs, with working temperatures of around
200 ◦C, tolerate fuels with CO levels in the range of several hundred ppm,
in contrast to PEFCs with platinum-based anodes, which require high purity
hydrogen. Operation of PEFCs with CO-containing hydrogen produced from
a reforming process, as well as DMFCs fed with gaseous or liquid methanol,
require anode catalysts with high CO-tolerance.

Molten carbonate fuel cells (MCFCs) and solid oxide fuel cells (SOFCs) are
high temperature fuel cells, which allow the utilization of fuels other than
hydrogen, e.g., methane.

Grove early discovered one of the major obstacles in designing an effi-
cient fuel cell: It is necessary to have a high interfacial area of the three-phase
boundary between gas, electrolyte (ionic conductor), and electrode (electronic
conductor) (Fig. 6). He expressed this prerequisite in his second publication by
stating that a fuel cell needs a notable surface of action [3]. Even today, the de-
sign and preparation of three-phase boundaries of high interfacial area is one of
the major challenges for fuel cell research. In solid electrolyte fuel cells, i.e., the
SOFC and PEFC, the three-phase boundary is designed as an interpenetrat-
ing network of electronic and ionic conductor material, with finite porosity
to allow the access of reactant. With regard to this three-phase boundary, an
aqueous electrolyte has an advantage in comparison to a ceramic one, e.g., in
SOFCs, in that the reactant gases are soluble in the aqueous medium.
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Fig. 6 Scheme of a three-phase boundary with an aqueous electrolyte

This notable surface of action is achieved by making use of a porous gas
diffusion electrode (GDE) that fulfills two essential prerequisites: A high elec-
trochemically active surface area and a possible mass flow perpendicular to
the electrode/electrolyte plane. As an illustration, a cross-section of a com-
mercial GDE (typically 400 µm thick), originally developed for PAFCs and
today also widely utilized in PEFCs, is shown in Fig. 7 (Kuhn, Paul Scherrer
Institut, unpublished results). A carbon cloth or carbon paper serves as sup-
port (middle) for the active layer (ca. 50 µm, right side) and the wet-proofing
gas diffusion layer (left side). The active layer is composed of a mixture of the
electrocatalyst, either platinum black or highly dispersed platinum particles
(2 to 5 nm) deposited onto carbon black (Pt/C electrodes), and the proton
conducting ionomer for combined electronic–ionic conductivity. A precious
metal catalyst is required for high activity and corrosion resistance due to
contact with the acidic electrolyte. The interphase is tailored by selective im-
pregnation of the three layers with PTFE, which acts as a hydrophobizing as
well as a bonding agent between the carbon particles.

The design of an optimum interface is strongly dependent on the pore
structure of the active layer of the gas diffusion electrode. According to Fig. 6,
the liquid electrolyte has to penetrate into the pores and to wet the pores, so
that a thin layer of electrolyte covers the pore wall (low contact angle). This
electrolyte film should be as thin as possible to allow a short diffusion path
for the reactant gases to exist. A high solubility of the reactant gases in the
electrolyte film is also favourable.

Furthermore, the pores of the support and the wet-proof layer have to
allow mass flow of reactants (fuel and oxidant) to, and products (liquid wa-
ter, at temperatures below 100 ◦C) from the wetted pore of the active layer,
where the electrochemical reactions take place. This requires a balance of
hydrophilic (carbon surface) and hydrophobic pores (PTFE), achieved by
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Fig. 7 Gas diffusion electrode (E-Tek). Scanning electron micrograph of a cross section.
Left side: carbon cloth; right side: active layer with platinum on carbon particles

selective impregnation of the different layers with PTFE-particles and sub-
sequent processing (heat treatment, rolling, etc.). The optimum interfacial
design for anode and cathode may be different, although today in many cases
the same electrode type is used for both electrodes.

The optimization of interfaces for low temperature fuel cells has always de-
pended on the availability of specific materials to control the porosity and
wetting behaviour of the respective pores by the electrolyte. For example,
one of the breakthroughs in the development of AFCs was the work of Ba-
con at a time when the chemically stable hydrophobizing agent, PTFE, was
not yet available [4]. Bacon managed interface control with a dual-layer, dual-
porosity electrode, made out of Ni powders of different grain size. The later
availability of PTFE opened up new possibilities for improved GDE designs.

This introductory chapter provides a brief outline and history of the PEFC
technology, and important requirements and aspects in the development of
polymer membranes for fuel cells. To obtain materials that meet specific re-
quirements, the relationship of composition/structure and the properties has
to be established. For the preparation of the membrane electrode assembly, it
is important to understand the interfacial properties between membrane and
electrodes.
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2
The Polymer Electrolyte Fuel Cell

The idea of using a proton-conducting ion exchange membrane as solid
polymer electrolyte (SPE) in a fuel cell was first demonstrated by Grubb [5]
(Fig. 2). Later on, SPE became a tradename for the technology (fuel cells, elec-
trolyzers, etc.) developed by General Electric. Due to the harsh environment
prevailing in these cells, the lifetime of PEFCs was limited by the stability of
the mainly hydrocarbon-based membranes available at that time [6]. A real
breakthrough was the development of perfluorinated cation exchange mem-
branes (Nafion, DuPont, USA) by Grot, which extended the lifetime to several
thousands of hours at operation temperatures below 100 ◦C [7, 8].

The required properties of solid polymer electrolyte membranes may be
divided into interfacial and bulk properties [9]. As described above, the in-
terfacial characteristics of these membrane materials are important for the
optimum formation of the three-phase boundary. Hence, flow properties, gas
solubility, wetting of carbon supported catalyst surfaces by the polymer, etc.
are of paramount importance. The bulk properties concern proton conduc-
tivity, gas separation, and mechanical properties. This whole ensemble of
properties has to be considered and balanced in the development of novel
proton-exchange membranes for fuel cell application.

Fig. 8 Solid Polymer electrolyte Technologies (LaConti AB, Giner Inc., USA, personal
communication)
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Interestingly, the concept of a solid polymer electrolyte can be applied to
a variety of electrochemical cells, as depicted in Fig. 8 (LaConti AB, Giner
Inc., USA, personal communication). This range of opportunities emphasizes
the importance of membrane research in specific applications, as well as the
significance of membrane research in general.

3
Required Membrane Properties for Fuel Cell Application

In the PEFC, the membrane, together with the electrodes, forms the basic
electrochemical unit, the membrane electrode assembly (MEA). The first and
foremost function of the electrolyte membrane is the transport of protons
from anode to cathode. On one hand, the electrodes host the electrochem-
ical reactions within the catalyst layer and provide electronic conductivity,
and, on the other hand, they provide pathways for reactant supply to the cat-
alyst and removal of products from the catalyst. The components of the MEA
need to be chemically stable for several thousands of hours in the fuel cell
under the prevailing operating and transient conditions. PEFC electrodes are
wet-proofed fibrous carbon sheet materials of a few 100 µm thickness. The
functionality of the proton exchange membrane (PEM) extends to require-
ments of mechanical stability to also ensure effective separation of anode and

Fig. 9 Requirements for fuel cell membranes
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cathode under aggravated conditions, such as operation on reactant gases
below the water vapour saturation point, fuel cell start-up/shut-down, and
transient load.

Generally, compared to the total number of articles on the subject, few
fuel cell tests using membranes other than the commercially available per-
fluorinated ones have been reported in the literature. Frequently, character-
ization is restricted to the membrane, and not extended to include fabrica-
tion of membrane electrode assemblies (MEAs) and fuel cell testing. There-
fore, important insights relating to electrochemical performance, membrane–
electrode interface properties, membrane integrity, and lifetime are missed
out. Significant necessary requirements for fuel cell membranes are sketched
in Fig. 9 and will be discussed in the following paragraphs.

3.1
Interfacial Characteristics

First modelling results of a solid polymer electrolyte interface suggested that
incorporation of solid polymer electrolyte particles into the active layer, thus
forming a spatially extended interphase rather than an planar interface, ex-
tending the electrode–electrolyte interface into the third dimension, should
improve the electrochemical polarisation behaviour [10]. In the past, this was
realized to some extent by pressing the GDEs onto the surface of the hy-
drated membrane at a temperature above its glass transition, thereby bring-
ing about the penetration of electrocatalyst particles into the membrane
surface. A solubilized form of the perfluorinated polymer membranes [11]
offered the possibility to impregnate the active layer of GDEs and thereby
increase the electrochemically available platinum surface, as shown schemat-
ically in Fig. 10 [12, 13]. Platinum particles dispersed on carbon, which have
previously not been in contact with the solid electrolyte, become electro-

Fig. 10 Catalyst layer of the PEFC, with co-existing electronic, ionic, and gas phase (poros-
ity). The cathode reaction, the reduction of oxygen and formation of water, is shown for
illustration
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chemically active due to the continuous thin film of solid electrolyte now
covering their surface. Combining both methods results in fuel cell polari-
sation curves much superior to those obtained with non-treated electrodes.
This approach is still used to test new membranes. For the preparation of
electrodes also containing the novel ionomer in the catalyst layer, the material
has to be available in a solubilized form.

Modelling work has addressed the optimization of the ionomer content in
the active layer, finding a balance between the limited transport of reactant
at high ionomer content and poor ionic conductivity at low ionomer con-
tent [14].

A more recent approach in preparing electrodes of low platinum load-
ing (∼ 0.1 mg/cm2) involves casting, doctor blading, or screen printing of
thin films, typically with a thickness of a few µm, from a suspension or
paste (“ink”) of electrocatalyst particles in solubilized membrane material
onto an inert support, and, subsequently, hot-pressing the dried film onto the
membrane surface [15] or directly coating the ink onto the membrane sur-
faces. Another promising approach has been taken by the company 3M [16].
Whiskers of a polymer (perylene red) with a thickness of around 70 nm and
a length of a few microns are thereby grown onto a substrate and subse-
quently sputter-coated with the nobel metal catalyst. Thus, a continuous and
corrugated catalyst surface with a high roughness factor is obtained. The
whisker layer is transfer-coated onto the electrolyte membrane. A conven-
tional gas diffusion layer can be attached next to the (thin) active layer. In this
catalyst layer design, high surface area carbon support is not required, ren-
dering carbon corrosion problems obsolete. Also, impregnation with soluble
ionomer does not appear to be necessary, and the entire catalyst area, being
a continous Pt or Pt-alloy surface, is electrochemically active.

In catalyst layers of conventional design, comprising ionomer-impregnated
catalyst particles, the gases have to permeate through the thin impregnated
solid electrolyte layer to react at the platinum surface (Fig. 5). Permeation of
oxygen in water swollen perfluorinated membranes has been studied at the
interface of a platinum micro-electrode in contact with membranes of differ-
ent equivalent weights (EW)1 [17]. Chronoamperometry facilitated a separa-
tion of the oxygen permeability into its solubility and diffusivity components.
Solubility is favoured by a higher EW, i.e., a higher content of the perfluori-
nated backbone phase, while diffusivity is favoured by a higher water content
(swelling caused by ionic content) of the membrane. These results have to
be further explored with respect to impregnation of GDEs, particularly for
the cathode, where reduction of oxygen occurs at rather high overpotential.
More recently, other types of membranes were also characterized using this
method [18].

1 The equivalent weight (EW) is the dry ionomer weight per sulfonic acid site, unit g(polymer)/
mol(H+).
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3.2
Bulk Characteristics

3.2.1
Ion Exchange Capacity – Water Sorption – Conductivity

The ion exchange capacity (IEC) of a polymer is defined as the dry mass
equivalent to one mol of acid groups, unit g/mol(H+), which is the recip-
rocal value of the equivalent weight (EW). The IEC or EW are quantities
often used to characterize a proton-conducting polymer material or to com-
pare different materials to each other. One aspect worth noting is that this
mass-mased IEC may be misleading, due to the fact that a different polymer
backbone chemistry leads to different masses in relation to the acid function-
ality. Therefore, a volume based IEC (unit mol/cm3) may be more meaningful
to quote, but that does not seem to be customary. Furthermore, the IEC, be-
ing measured as a bulk quantity, gives no indication about the distribution
of the exchange sites across the membrane thickness, which is, evidently, of
paramount importance for the protons to be transported all the way from
anode to cathode.

As the acidic groups need to dissociate for the proton to become mobile,
one can expect that the water content of the membrane will also have a strong
influence on conductivity. Proton transport occurs either via hopping of pro-
tons from one water molecule to the next (Grotthus mechanism) or via the
net transport of H3O+ or other aggregates of water and H+ [19]. Evidently, as
the number of ion exchange sites increases, so will the hydrophilicity of the
material, resulting in an increase of the water uptake.

In addition to the conductivity in water swollen state, the conductivity of
the fuel cell membrane under non-saturated water vapour conditions is of im-
portance, as partial drying of the membrane and electrodes may occur during
cell operation. Also, fuel cell operation with partially humidified or even dry
reactant gases is highly desirable to minimize system complexity.

The requirement of water within the polymer structure as a proton trans-
port medium limits the operating temperature of such membranes to below
100 ◦C at moderate pressure. Alternative membrane concepts using anhy-
drous proton conduction, and hence operation at temperatures above 100 ◦C,
are under development. Among the approaches, phosphoric acid doped poly-
benzimidazole (PBI) appears to be among the most promising. Here, protons
are transported via a phosphoric acid network [20]. The concept of a water
free proton conducting polymer material has been studied intensively with
sulfonic acid, phosphonic acid, and imdazole compounds [21]. The key prop-
erties to be optimized in this concept are the anhydrous conductivity and
electrochemical compatibility with available electrocatalysts to yield high ex-
change currents.
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3.2.2
Water Management

In the characterization of fuel cell membranes, there are a number of import-
ant materials and component properties that have to be assessed in order to
determine the applicability and operability in the fuel cell environment. Since
proton mobility within the polymer structure is a strong function of the wa-
ter content, the water uptake and transport properties of the membrane are
of paramount importance, determining the water profile through the thick-
ness of the membrane as well as in-plane. Water transport mechanisms in the
polymer include diffusion due to a gradient in water content, hydraulic per-
meation as a consequence of a pressure gradient between anode and cathode,
and electroosmotic drag, i.e., water flux coupled to proton transport [22]. Re-
cently, in-plane neutron imaging of liquid water in an operating fuel cell has
provided insight into the water distribution across the membrane electrode
assembly dependent on the operating conditions, i.e., relative humidities of
the feed gases [23].

3.2.3
Durability

Maintaining the chemical and mechanical integrity of the membrane over the
anticipated lifetime is a key requirement, and it deserves attention already
in the early stage of membrane development. Membrane aging is associated
with the loss of one or both of the electrolyte and separator functionalities.
The loss of ion exchange groups leads to gradual decrease in membrane con-
ductivity, whereas the loss of the mechanical integrity, by pinhole formation
or rupture, is perceived as a more “dramatic” event, because it represents
catastrophic MEA failure.

PEFC membranes undergo chemical degradation through polymer chain
scission, loss of functional groups or constituents (blocks, side chains, blend
component), caused by HO and HOO radicals, which are formed in situ
through interaction of H2 and O2 with the noble metal catalyst on both an-
ode and cathode side [24]. In this context, the permeability of the membrane
material for H2 and O2 is of importance. Higher rates of gas crossover will
lead to higher amounts of radical species formation and, thus, higher rates
of membrane degradation. In addition, hydrolysis may be the cause of chain
deterioration for some polymer types with respective susceptible functional
units.

The mechanical properties of the membrane are equally important, al-
though in the scientific literature this aspect is largely underrepresented. In
addition to tensile strength and elongation at break values, dimensional sta-
bility upon swelling, resistance to crack formation, and propagation also
have to be considered. Creep of the polymer is likely to occur because the
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water swollen membrane is plasticized and the membrane is under a con-
stant compaction force in the cell [25]. This may lead to membrane thinning
and, eventually, puncturing and pinhole formation. An effect especially per-
taining to swelling of the polymer upon water sorption is a fatigue-type
phenomenon, where the membrane electrode assembly is subjected to dry–
wet cycles, leading to periodic stress build up-relaxation in the membrane
and, ultimately, to crack formation. This has been observed to be a membrane
failure mode [26].

3.2.4
Cost

Last but not least, cost of the material is an important factor in membrane
commercialization. The most widely used class of membrane materials to-
day for the PEFC are of the perfluorinated sulfonic acid (PFSA) type, e.g.,
Nafion® (Dupont, USA), Flemion® (Asahi Glass, Japan), Aciplex® (Asahi Ka-
sei, Japan), and derivatives thereof, such as the GORE-SELECT® membranes
(W.L. Gore, USA). However, they have the disadvantage of being inherently
expensive due to the complex fluorine chemistry involved in their fabrication.
Although the projected membrane cost scales dramatically with increasing
production volume, the development of intrinsically more cost-effective alter-
native membrane materials that are partially fluorinated or even fluorine-free
is of high interest.

4
Conclusion

The development of membranes for fuel cells is a highly complex task. The
primary functionalities, (i) transport of protons and (ii) separation of re-
actants and electrons, have to be provided and sustained for the required
operating time. Optimization of the composition and structure of the ma-
terial to maximize conductivity and mechanical robustness involves careful
balancing of synthesis and process parameters. The ultimate membrane qual-
ification test is the fuel cell experiment. It is evident that the membrane is not
a stand-alone component, but is combined with the electrodes in the mem-
brane electrode assembly (MEA). Interfacial properties, influence on anode
and cathode electrocatalysis, and water management are the key aspects to be
considered and optimized in this ensemble.

Successful membrane development and demonstration in fuel cells of tech-
nical relevance involves collaborations of experts from various fields, includ-
ing polymer chemists, physicists, electrochemists, and process engineers, in
order to allow development of successful polymer materials.
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Abstract This article reviews the structure and properties of aqueous-based proton-
conducting membranes for fuel cell applications. We will discuss (1) structure of and
phase separation in the membranes, (2) principles of proton mobility in hydrogen-
bonded aqueous networks, (3) proton conductance through the percolating aqueous
phase inside the membrane, and (4) the effects determining membrane performance in
a fuel cell.
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1
Fuel Cell Membranes as Matrices for Aqueous Proton Transfer

The best proton-conducting membranes for fuel cell applications are cur-
rently phase-separated polymer electrolyte membranes (PEMs). They uti-
lize the anomalous proton mobility of aqueous-networks inside the mem-
brane [1–6]. Proton transfer in water has long been regarded as a sequential
concerted mechanism along the hydrogen-bond network, the original idea of
which dates 200 years back to the legendary Baron von Grotthuss [7]. Today, it
is widely accepted that fast proton mobility in water is triggered by hydrogen-
bond coordination fluctuations that destabilize localized proton states and,
thus, facilitate proton relocation between water molecules [8].

As we will see below, this briefly sketched mechanism of proton transfer in
liquid water could be highly relevant for important types of PEMs under real-
istic operating conditions in the fuel cell. In many cases, in particular when
it comes to advanced membrane design, it is, however, not enough to con-
sider the membrane as an “inert container for water pathways”. Indeed, the
dependence of membrane conductivity on the global or local water content is
determined not only by the connectivity of the aqueous percolation network
but also by the varying ability of each pathway to conduct protons.

A major incentive of this article will be to stress the complicating traits
of the membrane environment on effective proton transport and fuel cell
performance. The polymer affects distribution and structure of water and
dynamics of protons and water molecules at multiple scales. In order to de-
scribe the conductivity of the membrane, one needs to take into account
explicit polymer-water interactions at molecular level, interfacial phenomena
at polymer–water interfaces at mesoscopic scale and the statistical geometry
and topology of randomly distributed aqueous and polymeric domains at
macroscopic scale.

Appropriate membrane materials are usually composed of perfluorinated
(hydrophobic) polymer backbones with sidechains containing acid groups,
in most cases sulfonic acid (– SO3H) end groups. The most well-known ex-
ample of this class is Nafion® by DuPont de Nemours. Recently, polyether
and polyketo polymers with statistically sulfonated phenylene groups such
as sPEK, sPEEK and sPEEKK or polymers on the basis of benzimidazole
(sulfonated PBI) have been applied as well. When exposed to water, the
sulfonic acid groups in all these materials dissociate and release protons
as charge carriers into the aqueous sub-phase. At the same time, the re-
maining SO3

– groups become hydrated and form a neutralizing environ-
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ment at the polymer–water interface in which protons and water molecules
move.

In order to sustain high fuel-cell power densities, PEMs primarily require
high proton conductivity (>0.1 S cm–1) and impermeability to gases supplied
on anode and cathode sides. Membranes should be chemically stable and
mechanically robust. They have to survive in a chemically aggressive en-
vironment over the lifetime of envisaged applications, e.g. several 1000s of
operating hours for automobile applications. The high acidity that confers
the good proton conductivity could adversely affect the chemical stability of
PEMs and catalyst layers (CLs), causing problems of degradation. High levels
of hydration, required by present PEMs, limit the temperature of operation,
since water evaporates above 90 ◦C, even under pressurization (which is any-
way undesirable as it costs energy and, thereby, reduces system efficiency).
In fuel cell vehicles, PEMs should easily adapt to widely varying operation
conditions, e.g. start-up at –40 ◦C. On the other hand, fuel cell operation
at temperatures above 150 ◦C would significantly enhance electrode kinet-
ics and decisively increase CO tolerance of catalysts as well as improve heat
transfer (thus, facilitating cooling in, e.g., automotive applications).

The seemingly unavoidable coupling between good proton and high wa-
ter mobilities is a negative factor, as the resulting electro-osmotic flux shuffles
water molecules from the anode to the cathode. Although back diffusion
or hydraulic permeation partly balances this flux, the remnant water flux
depletes water at the anode side. Drying the membrane material there dras-
tically diminishes its conductive abilities, since the local conductivity of
presently available PEMs significantly decreases with decreasing local water
content. On the other hand, water traffic towards the cathode could cause
excessive membrane swelling and flooding of the catalyst layer and porous
transport layer on the cathode side. These effects could lead to dramatic volt-
age losses and cause limiting current behavior [9–16]. Overall, this poses an
issue of water management in the membrane, catalyst layers and the whole
cell [17]. Moreover, the dimensional instabilities due to excessive swelling and
deswelling (or even shrinking) of different membrane parts impair the dura-
bility of membrane electrode assemblies [18].

Proton transfer (PT) is of fundamental importance to a plethora of pro-
cesses in biology, chemistry and physics, and is as ubiquitous as electron
transfer (ET) [19]. In biological organisms, coupled ET and PT processes are
the key to understanding the energy metabolism of the cell. In the differ-
ent context of electrochemical energy conversion in fuel cells, coupled ET
and PT processes in electrodes control the conversion of chemically stored
energy into electrical energy. The separation of electron and proton fluxes
on macroscopic scales makes the free energy released available to external
appliances. These aspects of electrochemical performance oblige us, gener-
ally, to give special attention to the proton conductance not only in the bulk
of the membrane material, on which this article is focused, but also to the
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membrane performance in the electrode. As the microscopic mechanisms of
proton transport are believed here to be essentially the same as in the bulk
membrane (except for possibly a contribution of surface diffusion on the cat-
alyst surface) the problem here is rather in the “network” performance of the
randomly scattered ionomer domains and the interactions of ionomer with
other components in the random composite electrodes [20].

2
State-of-the-Art PEMs and Recent Membrane Development

Presently, the most widely used and tested polymer electrolyte membranes
are Nafion® (DuPont), Dow (Dow Chemicals), Flemion® (Asahi Glass), Aci-
plex® or various modifications thereof, which differ in chemical structure,
ion exchange capacity and thickness. These perfluorinated sulfonated poly-
mers all have Teflon-like backbones. Pendant sidechains contain charged hy-
drophilic segments or endgroups (usually SO3

–). Spontaneous aggregation of
polymer backbones, occurring to some degree even in the dry state, results
in phase-separation at nm-scale. The hydrophobic polymer phase forms the
stable membrane matrix, while a hydrophilic phase consisting of solvent, mo-
bile protons and fixed acid groups forms the pathways for proton conduction.
This phase separation leads to highly heterogeneous morphologies and com-
plex charge distributions in the hydrated state.

Proton conductivity in PEMs is usually a strong function of the degree of
hydration. The maximum conductivity in Nafion® (∼0.1 S cm–1) is attained
with water contents λ∼15 (H2O : SO3

– ratio) under typical operation condi-
tions. Conductivity decreases monotonically towards lower water content. It
usually exhibits a quasi-percolation transition for λ < 5 [21, 22].

Current membrane development focuses on perfluorinated ionomers,
hydrocarbon and aromatic polymers and acid-base polymer complexes.
Good recent reviews on membrane synthesis and experimental characteriza-
tion can be found in this volume and for example in [23–29].

Straightforward strategies for improvement of the membrane operation
in fuel cells involve increasing the ion exchange capacity (e.g. by increas-
ing the volume density of sidechains or by increasing the number of acid
groups per sidechain) in order to enhance the density of protons, water up-
take and proton mobility. Because of the higher density of hydrophilic groups,
such membranes often show increased solubility in water thereby decreas-
ing mechanical stability during operation. Reducing the membrane thickness
to ∼20–50 µm improves membrane conductance and fuel cell power density.
Fluorine-free and therefore cheaper PEMs can be synthesized using aro-
matic hydrocarbon polymers, e.g. polyether ether ketone and polystyrene.
Increased membrane stability (thermal, mechanical and electrochemical) can
be achieved by impregnating Nafion into inorganic matrices of clays, silica
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or phosphotungstic acid or into porous Teflon. Such hybrid membranes ex-
hibit reduced swelling, improved water retention and improved aptitude for
operation at T > 120 ◦C. Higher power densities could thus be achieved. Other
directions of research pursue the development of water-free systems, by uti-
lizing acid-base complexes [24] or simply by replacing water in Nafion by
other proton conducting groups such as imidazole, which can be immobilized
covalently to the polymer backbone [30].

3
Membranes: Structural Complexity at Different Scales

The structure of PEMs, in particular their phase-separated morphology at
nm-scale, has been studied with a number of experimental techniques, in-
cluding small- and wide-angle X-ray and neutron scattering, infrared and
Raman spectra, time-dependent FTIR, NMR, electron microscopy, positron
annihilation spectroscopy, scanning probe microscopy, and scanning elec-
trochemical microscopy (SECM) (for a review of this literature see [31]).
Structural studies of PEMs have mainly focused on Nafion. A thorough recent
review on this particular membrane is provided in [32].

Based in large part on small-angle X-ray scattering techniques (SAXS) and
later supplemented by small-angle neutron scattering (SANS), the first mor-
phological models of membrane structure emerged during the early 1980s.
The group at DuPont concluded from SAXS studies that the morphology
of hydrated ionomers is best described by a model of inverted spherical
micelles of nanoscopic dimension, confined by anionic head groups of the
sidechains [33, 34]. In a dry state, the diameter of these micelles is ∼2 nm and
they are disconnected from each other. With water-filling, the micelle diam-
eter grows up to ∼4 nm. In order to form pathways for proton and water
transport, it was inferred without any experimental evidence that aqueous
necks should form between spherical micelles at intermediate water contents.
After formation of a critical number of these necks, an uninterrupted pathway
through the water sub-phase emerges in the network of micelles and necks,
and the membrane percolates. During water uptake, the cluster network top-
ology continuously reorganizes by swelling and merging of individual clusters
and by formation of additional necks [22, 31, 33, 34].

Crystallinity in Nafion was probed by detailed wide-angle X-ray diffraction
(WAXD) experiments [35]. A small degree of crystallinity (<12%) was found
in sulfonated 1100 EW Nafion.

The cluster network model, described above, which is mostly referred to
as the Gierke model, motivated numerous studies of the phase-segregated
morphology of Nafion, utilizing SAXS and SANS techniques. However, those
techniques have difficulties in determining more than just the position of
the Bragg or ionomer peak characterizing the short-range periodical motif
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in the arrangement of the micelles. Thus, only information about the dis-
tance between the centers of the micelles is available, but not on the size of
the micelle. For the latter information, a Guinier analysis is needed, which
is difficult due to the closeness of this part of the spectrum to the ionomer
peak. The Porod part of the spectrum (q–4 power law dependence of scat-
tering intensity on wave vector) can aid the determination of the overall
surface of the micelles and the average micelle diameter. Additional infor-
mation about the size distribution of micelles can also be obtained from the
capillary pressure isotherms [36] and infrared spectroscopy [37], whereas
electron microscopy [38] discerns micellar shapes. For the necks there is no
method to detect them directly.

The weaknesses of the cluster-network model become apparent when it
is employed to describe the structural evolution of membranes over a wide
range of humidification conditions, from the highly diluted polymer solu-
tion (water volume fraction w → 1) to the dry membrane state (w → 0). An
earlier conceptual model for this morphological reorganization, suggested
by G. Gebel [39], had to involve a rather vague conjecture about the struc-
tural inversion from a colloidal dispersion of rod-like polymer aggregates
in solution to a cluster network of water-filled ionic domains (or inverted
micelles) embedded into a polymer matrix at w < 0.5. These considerations
evolved later into a new structural model of Nafion-type membranes, which
gives a continuous transition between dry membrane state and highly diluted
polymer solution [40]. Gebel’s group utilized SAXS, SANS and USAXS (Ultra
Small-Angle X-ray Scattering) techniques to study characteristic dimensions
of hydrated Nafion membranes from 1 nm to 1000 nm. The USAXS upturn in
scattering curves was related to large-scale inhomogeneities in electron dens-
ity (∼100 nm). The so-called matrix-knee corresponds to the supralamellar
distance in the crystalline domains. The main feature in the small-angle scat-
tering curves is the ionomer peak, corresponding to the first maximum of
the structure factor. It is attributed to local ordering between ionic clusters,
widely studied as a function of water content, ion exchange capacity, and tem-
perature. The scattering intensity in the region between USAXS upturn and
ionomer peak follows a q–1 power law. This is interpreted as scattering from
rodlike particles with diameter ∼6 nm and length ≥100 nm. At large scatter-
ing angles the intensity follows a Porod power law (I(q) ∝ q–4).

The emerging structural model consists of elongated polymeric aggre-
gates with cylindrical or ribbonlike shape, lined on the surface by an array
of acidic dissociated sidechains and surrounded by solvent and mobile coun-
terions. The model suggests that polymer rods and their aggregation should
be considered explicitly as the structure forming elements. This view opens
new intriguing perspectives for predictive theoretical modeling of the forma-
tion of random heterogeneous membrane structures, based on the consistent
treatment of interactions between polymer components in the presence of the
solvent.
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Scattering and diffraction techniques are useful tools for structural an-
alysis. However, the transformation of the measured data into structural
models is often intricate and ambiguous. Direct visualization of domain sizes
and random morphology of ionomer membranes can be obtained from mi-
croscopy studies. In the latter case, the obtained information is impaired by
the need to consider thin films (∼100 nm thick films in TEM investigations,
cast from solution or microtomed) or by the limitation to surface studies
(AFM investigations). Holdcroft and coworkers used TEM pictures to com-
pare the morphologies of hydrocarbon-based graft copolymer membranes
with random copolymer membranes with the same ion content [41, 42]. For
the hydrated grafted membranes, a continuous phase-separated network of
water-filled channels with diameters of 5–10 nm was observed. The random
copolymer membranes exhibit a weaker tendency toward microphase separa-
tion with water being dispersed more randomly within the polymer domains.
The water uptake in the grafted membranes is limited to smaller values, since
the hydrophobic nature of channel walls impedes the penetration of water
into the polymer domains. Nevertheless, their ionic conductivity is an order
of magnitude larger than that of the random copolymer membranes, proba-
bly due to increased connectivity of the aqueous domains.

Spatial organization of distinct membrane domains determines the state
of water, fundamental interactions in the polymer/water/ion system, vibra-
tion modes of fixed sulfonate groups and mobilities of water molecules and
protons. Dynamic properties of the membrane can be probed at microscopic
scale with spectroscopic techniques (FTIR, NMR) [32]. FTIR measurements
provide information about sidechain motions [43–45]. Differential scanning
calorimetry (DSC) and NMR revealed different types of water environments,
corresponding to non-freezable tightly bound water, freezing weakly bound
water and free water molecules [46, 47]. NMR can be used to probe mo-
bilities of protons and water molecules at nm resolution [48]. In fully hy-
drated membranes these molecular mobilities were found to be in a similar
range as values obtained for bulk water. Macroscopic proton transport can
be studied with electrochemical impedance spectroscopy (EIS). Cappadonia
et al. [49, 50] used EIS to study variations of proton conductivity with water
content and operating temperature for Nafion 117. Arrhenius representation
of conductivity data revealed activation energies between 0.36 eV at the lowest
degree of hydration and 0.11 eV at the highest degree of hydration. For a given
water content, the transition between low and high activation energies was
observed at a transition temperature ∼260 K for well-hydrated membranes.
This was interpreted as a freezing point suppression due to the confinement
of water in small membrane pores.

In spite of tremendous experimental activities aiming at unraveling struc-
ture and dynamics in fuel cell membranes, the quest for a universally ac-
cepted model continues. Primordially, the ambiguity of structural models
stems from the random morphology of the membrane. Indeed, due to this
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complexity it is not surprising that the most notable improvement in mem-
brane “design” in recent years has been the reduction of membrane thickness
from ∼175 µm to ∼25 µm! On the contrary, it is highly surprising in view
of this prohibitive structural complexity, that only very few experimental
studies exist which utilize well-defined “model” membranes or membrane
substructures with controlled molecular architectures. A few notable excep-
tions can be found in [41, 42, 51, 52] where grafted block copolymers and
random copolymers are compared, and in [26, 27], where the role of the pro-
togenic group is explored.

At low water content the quasi-crystalline motif in the distribution of
inverted micelles is strong; the size of the micelle is smaller than the per-
sistence length of the bundles of backbone-chains forming the membrane
skeleton. A legitimate question arises then: how can one build a quasi-
crystalline structure of inverted micelles (aqueous droplets supported by
hydrated sidechains), if the sidechains are attached to the backbones? In an
attempt to answer this question, a more detailed morphological model of
Nafion-type ionomers was suggested [31]: a quasi-crystalline arrangement of
units cells as depicted in Fig. 1.

This model managed to rationalize the observed correlation between the
macroscopic swelling of the membrane and the distance between micelles.
Channels that could be built through the windows in the cages will be very
narrow. Upon membrane swelling the cages expand by strings sliding along
each other. At the beginning, the size of the droplets grows but each droplet
is still encapsulated within each cage, disconnected from other droplets. With
further water uptake, the droplet ejects water into the windows building small
cathenoids adjoining the neighboring droplets. The analysis shows, that this

Fig. 1 Possible types of cages where the strings represent the backbones or their bundles,
that can provide a short-range-ordered system of fourfold coordinated inverted micelles
composed of hydrated sidechains (not shown) pointing from the strings towards the in-
terior of the cages [31]. These micelles keep water droplets (not shown) with protons of
dissociation encapsulated inside the cage. The channels, when they form, bridge water
droplets, through the windows in the cages
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will take place as a first-order transition. At the transition, the system may
slightly shrink as some water from the droplets will be taken to build chan-
nels. With further water uptake, the system will swell again, and both the
droplets and cathenoids will continuously increase in size. A theory of this
phenomenon is in progress. The fact that in this configuration the emerging
channels are very narrow, could help to explain the data by Cappadonia et al.
of much higher activation free energy at low water content, and essentially the
sharp increase of activation free energy only for λ < 5.

Indeed, if the channels evolve at the beginning as extremely narrow units
(less than half nm radius of the narrowest part of the cathenoid) and remain
narrow even in the “mature state”, it is clear why the activation energy of the
proton mobility, entirely controlled by the necks, will depend, dramatically,
on water content, as experimentally observed (see Fig. 2). The bottleneck of
conductance would be the proton transfer through the aqueous necks, or
the fluctuational formation of the neck itself (in the spirit of a conjecture
made by Vishnyakov and Neimark [53]). Furthermore, the more flexible the
sidechains are, the higher the proton mobility, since fluctuations of the chains
will support the necks, reducing their surface tension, in addition to possible
sidechain-fluctuation promoted proton transport.

Fig. 2 Replotted high temperature data of Cappadonia et al. [49, 50] on activation free
energy of similarly prepared Nafion 117 samples with different water content
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4
The Role of the Theory: From Molecular Structure to Operation

The anchor point of any of the structural models, discussed so far, is a very
simple, possibly oversimplified picture. It suggests that PEMs consist of two
well-separated phases, viz. the hydrophobic part of the polymer that forms
elongated polymeric aggregates, and the solvent phase hosting protons of dis-
sociation. Unfortunately, the interfacial region complicates this picture, since
sidechains that are fixed to the backbones protrude into the solvent-containing
domains. It can thus be expected that sidechain–sidechain and sidechain–
water interactions strongly affect the hydrogen-bonded network of the aqueous
phase and the mobilities of nearby protons and water molecules. This compli-
cated interfacial region thereby largely determines differences in performance
of membranes with different chemical architectures. Indeed, the picture of
a “polyelectrolyte brush” could be more insightful than the picture of a well-
separated domain structure in order to rationalize such differences [54].

Feasible theoretical approaches, aimed at establishing a relation between
the chemical architecture and membrane performance, have to combine sev-
eral concerted steps. In the first major step, one needs to understand, how
synthesis procedures and principal chemical structure at the primary struc-
tural level of solvated ionomers control the self-organization of structural
units and their effective properties at the mesoscopic scale. Solvent–solvent,
solvent–polymer and polymer–polymer interactions and correlations deter-
mine resulting conformations of the polymer phase and charge distributions
in the surrounding solvent phase [54–56]. Genuine parameters of the poly-
mer are chemical architecture of monomers (hydrophobic/-philic properties),
length and separation of sidechains, density of acid groups on sidechains, ion
exchange capacity, ionomer concentration (water content of the membrane),
degree of dissociation. Field theories [56–58], scaling arguments [54, 55] and
numerical simulations [53, 59–64] can be employed here. By minimizing the
free energy of the system using these approaches, metastable conformations
of the polymer-solvent system can be found. The majority of heterogeneous
structures encountered in such studies exhibit nanophase segregation be-
tween polymer and aqueous phases, in qualitative agreement with experi-
mental results reported above.

Structural descriptors at the secondary level (mesoscale) are topology and
domain size of polymeric aggregates (persistence lengths and radius), ef-
fective length and density of charged polymer sidechains on the surface,
properties of the solution phase (percolation thresholds and critical expo-
nents, water structure, proton distribution, proton mobility and water trans-
port parameters). Moreover, n-point correlation functions could be defined
that statistically describe the structure, containing information about sur-
face areas of interfaces, orientations, sizes, shapes and spatial distributions
of the phase domains and their connectivity [65]. These properties could be
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partially determined experimentally and utilized for the reproduction of the
membrane structure in computer models. In order to accomplish the tran-
sition from chemical architectures at microscopic scale to the formation of
structural conformations at mesoscopic and macroscopic scales, relevant con-
cepts of polymer physics [54, 55, 66] have to be fused with those of the physics
of random heterogeneous media [65].

Upon the transition from primary polymer architectures to secondary
structural units at the mesoscopic scale interactions of solvent–solvent,
solvent–polymer, polymer–polymer types are renormalized into effective
interactions between sidechains and aqueous domains, as indicated in Fig. 3.
These interactions control proton distribution and mobilities as well as the
coupling between proton and water transport. At the mesoscopic level of the
theory, the hydrophobic polymer phase formed by the backbones can already
be considered as an inert, structureless matrix.

The two-step approach, outlined in Fig. 3, leads first from the definition of
primary structural parameters at molecular scale to the formation of struc-
tural elements at the mesoscale and in a subsequent step to effective proper-
ties at the macroscopic scale. Overall, it could establish predictive relations
between membrane architecture and performance. The function of existing
highly heterogeneous membranes with multiple length scales contributing to
structure formation and dynamics of protons could be explained. Equally im-
portantly, though, such a theoretical foundation, could expedite the routes
towards the design of cheap, highly performing membranes, with a major
focus on membranes that could operate stably at minimal hydration and el-
evated temperatures (>120 ◦C).

Fig. 3 Structural evolution of PEMs from primary chemical architecture to aggregate
formation at mesoscale to random heterogeneous medium at macroscale
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The difficulties in implementing such a coherent approach stem from the
fact that one has to deal with complex interactions in a heterogeneous many
particle system and that proton transfer in water is a genuinely complicated
many-particle phenomenon itself. In the beginning of everything lies the fun-
damental phenomenon of PT in aqueous networks.

4.1
Proton Transport in Water and Aqueous Networks

Water was “born” to conduct protons (see Special Issue: “Is life possible
without water?” [67]). The conductance of distilled water is miserable due
to a negligible concentration of free protons (10–7 mol/liter), but the pro-
ton mobility in water is approximately five times higher than the mobility
of an alkali cation (e.g. Na+), an object of similar size as the hydronium
(H3O+) ion [68]. So, “donated” protons can run fast through the aqueous
phase. Excess protons result from dissociation of acidic molecules or molecu-
lar groups, e.g. in solutions of strong acids, hydrated polymer-electrolytes, or
proteins. In acidic solutions both the protons and counter-anions are mobile.
In polymer-electrolyte membranes and in proteins only protons are mobile in
the connected aqueous phase while the counter anions are mostly a part of an
immobile skeleton.

Experimental studies of temperature-dependent proton mobility have
a long and dramatic history. In a modern sense they date back to the works
of Johnston [69] and Noyes [70, 71], followed much later by the studies of the
pressure dependence by Eucken [72, 73], Gierer and Wirtz [74], Gierer [75],
and Franck, Hartmann and Hensel [76]. Reference [77] gives a comprehen-
sive overview of aqueous proton conductivity and the early experimental
data, based on the concept of the excess mobility, responsible for the differ-
ence of the observed proton mobility from the one provided by the classical
hydrodynamic motion of the hydronium ion.

The excess mobility-vs.-temperature curve was found to exhibit a max-
imum at elevated temperatures near 150 ◦C, achievable at elevated pressure.
The magnitude of the proton mobility in pure water was not addressed in
those studies, although attempts to determine it were made by Kohlrausch at
the end of the 19th century [78]. Focus was instead on the conductance of
strong acids such as HCl in the limit of infinite dilution. The difference of the
measured conductance and the limiting conductance of a salt of a cation with
size similar to that of H3O+ was attributed to excess proton mobility, based on
the assumption that the hydrodynamic radius of both ions is similar. The ex-
cess mobility was taken to represent non-classical proton hops on top of the
classical hydrodynamic motion of the H3O+.

Proton conductivity in bulk aqueous solution can be contrasted with proton
conductance in water-saturated polymer electrolyte membranes, such as per-
fluorinated sulfonic acids [49, 50, 79], where protons are the only charge carrier
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species. Their volume density can be determined through the polymer equiva-
lent weight (the number of SO3

– groups per gram of dry polymer), density of
the polymer and the measured water uptake. Proton conductance can therefore
be measured directly, determining the average values of single-proton mobility.

While such results are of obvious interest for membrane science and tech-
nology, they do not apply straightforwardly to proton mobility in pure water.
However, for high water uptake the proton mobility in a membrane can ap-
proach that of bulk water, although it can never be higher than in pure water,
unless a synergetic Davydov solitonic mechanism of collective proton trans-
port [80] in proton-conducting “wires” exists, which is the subject of many
speculations in solid-state protonics [81]; but the latter type of mechanism is
unlikely to exist in disordered polymer media. To explain this fact one may
suggest that protons have only limited ability to move along the surfaces of
the water-filled channels [82].

The precise proton distribution is, however, not known, as well as the pre-
cise structure of the pore space. Mean field theory of proton distribution in
“sample” pores [68] suggests a smooth radial distribution with a finite proton
population in the center of the pore, where they would move very much like
in bulk water. Simulation results show strong pinning of protons to immobile
negative charges on the pore walls if they are considered point-like and static
(see also Fig. 7 below). The localization of protons is, however, much weaker for
distributed and fluctuating counter charges or models of real sidechains [83].
Membrane data have, further, been obtained at ambient pressures in a tem-
perature range from 310 down to 170 K. The data of Cappadonia et al. [49, 50]
reveal two conductance regimes, with a change in activation energy between
225 and 260 K. Straight Arrhenius plots were obtained above 0 ◦C. The ap-
parent activation energy decreases significantly with water uptake, reaching
0.1 eV in water-saturated membranes. This is the value usually attributed to
proton mobility in bulk water. Mean field theory explains this readily, but other
explanations may be needed if protons are localized more strongly near pore
surfaces [84]. All in all it could, therefore, be misleading to assess the proton
mobility in water on the basis of membrane conductance.

There are other caveats with the simplest notion of excess proton mobility,
and the comparison with membrane proton conductance at water saturation.
Subtracting the limiting conductance of Na+ ions, which move only by the
classical mechanism, essentially cancels the classical conductance of H3O+.
However, the cancelation cannot be complete, because H3O+ exhibits classi-
cal motion only for part of the time. Nevertheless, the difference can be used
as a measure of non-classical contributions to proton conductance. It is more
precise the smaller the classical, hydrodynamic contribution to the proton
mobility.

Another observation relates to the contrasting temperature variation of the
excess proton mobility in water and proton mobility in saturated polymer
electrolyte membranes. The former variation is strong and non-monotonic
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in the high-temperature region. The latter is not only monotonic but also
Arrhenius-like, at least above the freezing point of bulk water. At first glance,
a plausible assumption would be that classical H3O+ diffusion compensates
for the decrease of the non-classical excess mobility at high temperatures.
This is, however, inconsistent with the assumption that the classical H3O+

contribution is small.
Fast proton mobility in water attracted theoretical attention early, begin-

ning with the works of von Grotthuss [7], at a time when the existence of the
proton was not known, the chemical formula of water not settled, the notion
of molecules was new, and little was known about the electricity laws. Mod-
ern landmarks were set by Bernal and Fowler [85], Eigen and de Mayer [86],
Conway et al. [87], and Zundel and Metzger [88]. This was followed by more
detailed molecular mechanisms, and analytical and computational models,
see [68, 77, 79, 84, 89–93] and a conceptual essay by Agmon [1] which stimu-
lated a new round of activities in this area.

The fundamental importance of proton transfer (PT) in biology [94–99],
and in the development of polymer electrolyte fuel cells for vehicle and
portable applications [100, 101], continues to press for a deeper understand-
ing of PT mechanisms in hydrogen-bonded systems.

Recent computer simulations have highlighted the nature of the elemen-
tary act of PT in water [8, 92, 93, 102]. They have, particularly, provided new
evidence for the crucial effect of the dynamics of solvation water molecules
of the PT clusters. In one suggested mechanism PT is initiated by the break-
ing of a hydrogen bond between the acceptor water molecule and a water
molecule in its solvation shell. Hydrogen bond breaking ushers the accep-
tor molecule to a favorable configuration for accepting the proton, while the
donor molecule forms a new hydrogen bond with a water molecule in its sol-
vation shell. Regardless of details, together with classical H3O+ ion motion,
this mechanism gives rise to translocation of hydronium.

Computer simulations [8] and infrared spectroscopy [91] have shown,
however, that the H3O+ ion is not the only and possibly not even the most
stable excess proton state. The proton spends similar amounts of time in the
Zundel state H5O2

+ as in the Eigen state H9O4
+ = (H3O)+(H2O)3, which is

the hydrated H3O+ ion. In the Zundel state, the excess proton is delocalized
between two water molecules, in the Eigen state the proton charge is largely
centered on one oxygen atom and the central H3O+ ion is strongly hydrated
by three water molecules, forming one strong hydrogen bond to each H3O+

proton. Rapid fluctuative interconversions between these two limiting states
takes place. In fact, “an unambiguous distinction between H5O2

+ and H9O4
+

can no longer be achieved” [8]. The equilibrium O – O distance in the Zundel
complex is significantly shorter (rOO = 2.45 Å) than the average O – O dis-
tance in bulk water (2.85 Å). As the proton potential energy profile depends
crucially on the O – O distance, it reduces to a single or a shallow double
well potential at the short O – O distance of the Zundel complex. In that way,
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the Zundel complex can be regarded as a transient structure or relay group
between two different hydronium ion states, according to the scheme

H2O...(H3O+)...H2O...H2O →
H2O...(H2O...H+...H2O)...H2O →
H2O...H2O...(H3O+)...H2O .

Because of the rapid conversion between the two complexes, an alternate view
is also possible: A hydronium ion is a transient intermediate structure be-
tween two distinct Zundel ions according to the scheme

(H2O...H+...H2O)...H2O → H2O...(H3O+)...H2O →
H2O...(H2O...H+...H2O) .

Since the relative abundance of Eigen vs. Zundel complexes is comparable,
both views are equivalent and involve the displacement of two protons. This
PT mechanism is different from H3O+ translocation. The rate-determining
step in this structural diffusion mechanism is either the transformation of
a given H5O2

+ cluster into an adjacent H5O2
+ cluster, or, alternatively, the

transformation of a H9O4
+ (or H3O+) cluster to an adjacent H9O4

+ (or
H3O+), and the activation energy is determined by the concomitant reorga-
nization of the solvent around these ions.

Computer simulations of excess proton conductivity in water have reached
a powerful level [8, 92, 93, 102]. Importantly, simulations extend to quantum-
mechanical proton dynamic features, so that proton motion can be coupled
to details of the molecular environmental dynamics. A recent feature article
explored an analytical theory in order to rationalize these complex processes
that involve interconversion of proton-bearing clusters and proton trans-
fers [103]. With a simple two-state empirical valence bond model (see below
for details), which “implements” in a classical way the above-mentioned idea
of two limiting protonated structures, namely the H5O2

+ and the H3O+ clus-
ter, it was indeed observed that the two alternative sequences are equivalent
with similar life times for both clusters, and that conversions between the two
clusters are purely fluctuative.

Do quantum effects dominate proton transfer, as one might expect due
to relatively small proton mass? Recent computer simulations and quantum
chemistry calculations of small proton-bearing clusters show that they don’t.
The act of proton transfer is preceded by the fluctuational preparation (re-
duction) of the barrier for tunneling, since protons do not like to tunnel
over distances larger than 1 Å. The proton transfer adiabatically follows the
fluctuations of the slower nuclear degrees of freedom of the environment,
but it occurs in a transition configuration characterized by a small barrier
along the proton coordinate. Eventually, the motion along the proton coordi-
nate proceeds almost barrierless. The only quantum effect present here is the
resonance splitting of the adiabatic potential energy surfaces caused by hy-
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dron tunneling in the double well potential spanned by reaction coordinate.
These features are seen in the kinetic isotope effect, as discussed in detail in
Sects. 7.3 and 7.4 of [103].

How will this process be modified when water is confined by the mem-
brane interior? This can be parameterized [107] or simulated [83, 84, 109] for
a given picture of the membrane interior particularly its structural units that
comprise the bottleneck for the proton transport. To be able to do this one
must have a clear vision of the structure of the membrane interior, which
remains the most difficult part of the whole story. In addition, the under-
lying description needs to be sensitive to the chemical architecture of the
polymer.

4.2
Models of Proton Transport at Mesoscopic Scale

There are different ways to depict membrane operation based on proton
transport in it. The oversimplified scenario is to consider the polymer as an
inert porous container for the water domains, which form the active phase
for proton transport. In this scenario, proton transport is primarily treated as
a phenomenon in bulk water [1, 8, 90], perturbed to some degree by the pres-
ence of the charged pore walls, whose influence becomes increasingly import-
ant the narrower are the aqueous channels. At the molecular scale, transport
of excess protons in liquid water is extensively studied. Expanding on this
view of molecular mechanisms, straightforward geometric approaches, famil-
iar from the theory of rigid porous media or composites [104, 105], could
be applied to relate the water distribution in membranes to its macroscopic
transport properties. Relevant correlations between pore size distributions,
pore space connectivity, pore space evolution upon water uptake and proton
conductivities in PEMs were studied in [22, 107]. Random network models
and simpler models of the porous structure were employed.

At the other extreme, proton transport could be regarded primarily as an
interfacial phenomenon at the water–polymer interface, with lots of ramifi-
cations due to the complex random structure of this interface and complex
interactions in the polymer/water system. These effects become increasingly
important with decreasing water content. A number of model calculations
focus primarily on effects of electrostatic surface charges on proton trans-
port in the hydrogen-bonded water network. Electrostatic contributions to
activation Gibbs free energies could be calculated using mean field Poisson–
Boltzmann theories [84, 107], or concepts of statistical mechanics [6, 108].

At the molecular level, refined approaches could involve explicit corre-
lations between sidechain fluctuations and proton mobility. More recently,
molecular dynamics simulations, utilizing force-field parameterizations [60,
62–64, 83, 84, 109] or ab initio calculations based on a quantum mechanical
description, were employed in order to study such correlations and exam-
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ine direct proton exchange between water of hydration and surface groups or
sidechains [110–114].

In real membranes, transport properties of protons and water molecules
can be obtained by an effective interpolation between the bulk and the inter-
facial mechanisms, as explored in [82]. Subsequently, we will consider the-
oretical approaches along this general scheme, increasing in complexity and
covering scales from molecular to macroscopic.

5
Proton Transport Near the Polymer–Water Interface

The confinement of water in nanometer-size pores between the walls of the
polymer material affects the structure of water. The observed freezing-point
suppression [49, 50] and reduced dielectric constant of water [115–117], are
macroscopic manifestations of this effect. The interfacial area between poly-
mer and water provides a complex environment for proton transport. The
complications for the theoretical description are caused by the flexibility of
the sidechains, their random distributions and their partial penetration into
the bulk of water-filled pores. The charged polymer sidechains contribute
elastic (“entropic”) and electrostatic terms to the free energy [54, 55]. Distri-
bution and mobilities of protons depend strongly on the resulting sidechain–
water interactions [54, 56, 118].

In simplest approximation, models of interfacial phenomena in membrane
pores factor in static continuous charge distributions on the polymer walls.
Continuum dielectric approaches have been utilized to calculate electrostatic
effects of charged pore walls on proton distribution and proton mobility.
In [107], mean-field Poisson–Boltzmann theory was applied for the model sys-
tem of a slab-like pore. Fixed anionic charges (SO3

–-groups) were represented
as a square lattice array of point charges on the opposite surfaces. The surface
charge density distribution determines the depths of attractive potential wells
for protons along the array of sulfonic groups. The proton density steeply de-
creases from locations near the charged surface towards the center of the pore.
In this model, strong Coulomb barriers for proton mobility arise in the vicinity
of the surface. Electrostatic contributions to the Gibbs free energy of activation
of the elementary act of PT in the Pekar–Marcus equation [119],

Ga =

(
Er + ∆G

)2

4Er
. (1)

with reorganization Gibbs free energy, Er, and work terms (reaction Gibbs
free energy), ∆G, of the elementary act.

In the language of reaction dynamics, Er is the work needed to move
the whole system from the state that corresponds to the initial state of the
proton to the state that corresponds to the final state of the proton, but
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staying on the potential energy surface of the initial state. These potential
energy surfaces are multi-dimensional. All modes, including local transla-
tional, librational, ‘hydrogen-bond-deformational’, as well as collective in-
ertial polarization modes contribute to these potential energy surfaces, but
with one restriction. Their characteristic frequencies should be smaller than
4kT/h [106]. Only then they contribute to the Franck–Condon activation
barrier, all faster modes either contribute to tunneling mode pre-factors or
slightly affect the effective mass of the proton.

∆G is the free energy difference between initial and final equilibrium
states of the proton; it is zero in the bulk liquid. Near the surface ∆G is
dominated by the Coulomb energy profile and therefore it is approximately
equal to the difference of the electrostatic potentials ψ at the proton pos-
itions before and after the transfer, i.e. ∆G≈e

(
ψfinal – ψinitial

)
. This difference

depends strongly on the distance of the proton from the surface and thus
causes a strong position dependence of proton mobility. Values of Ga were
found in the range of 0.5 eV. This value decreases, however, to the bulk water
value of the activation energy for proton-surface separations exceeding ∼3 Å
(the thickness of one monolayer of water). Moreover, the electrostatic activa-
tion energy is a strong function of the separation between surface charges.
In [107], mean separations of surface charges in the range of 7–20 Å were
considered.

In a later work [84] several shortcomings of this approach were addressed.
With a more realistic atomic description of the sulfonate groups (charge
smearing via a form factor) and its motion (via a Debye–Waller factor), and
by considering the finite size of the proton complex (Zundel or Eigen cation),
the strong dependence of the activation energy of the proton mobility on the
size of the pores was not recovered. Additional MD simulations with a dy-
namic all-atom model of the sulfonate group, which also include correlations
between protons by the very nature of the MD simulation technique, sup-
port this finding. The large activation energies observable in dry membranes
thus appear to be less related to the properties of a single pore but more to
polymer dynamics.

As corroborated above the effect of arrangement and fluctuations of
charged surface groups on proton transport in membranes is the more
pronounced the smaller the water content in the membrane is. Squeezing
the pore leaves no room for bulk-like transfer. Upon deswelling of pores,
sidechain separations are likely to decrease [33]. The proton concentration,
surface charge density and corresponding electrostatic interactions will thus
increase, and explicit sidechain-sidechain correlations will become more pro-
nounced. The process will lead to with an array of micelles loosely connected
by ultrathin aqueous necks, as described in [31].

Other experimental data for membranes with varying IEC suggest that
mean sidechain separations in the dry state should not drop below ∼7 Å,
since otherwise random ionomers could not form a stable phase-separated
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structure upon water uptake. At allowed separations, direct proton transfer
between stiffly fixed SO3

– groups is still not possible. This situation could
change, however, when random configurations of sidechains, sidechain flexi-
bility, and fine structure and smearing of charges of sulfonate groups are
taken into consideration [84].

Under realistic conditions in lowly hydrated PEMs, sidechain fluctuations
could trigger concerted proton transport mechanisms. A trifluoromethane
sulfonic acid monohydrate (TAM) solid was explored in [112] as a basic
model system for studying mechanisms of proton transfer, that are relevant to
a regime of minimal water content and high concentration of anionic groups
in PEMs. The regular structure of the crystal [120] provides a proper basis for
performing controlled ab initio molecular dynamics. The unit cell consists of
48 atoms (4×[CF3SO3

–H3O+]). The crystal melts into a “room temperature”
ionic liquid at 309 K and ordinary pressures. A protocol of geometry opti-
mizations and MD production runs was performed. The experimental crystal
structure was found to be stable during a simulation time of >40 ps. All four
acid protons in the unit cell reside on H3O+ moieties, each stabilized by three
hydrogen-bonds with neighboring sulfonate oxygens, similar to the localized
proton state in H9O4

+ complexes in bulk water.
In seeking activated states relevant to proton conduction, a proton-hole de-

fect was introduced intermittently and, thereafter, restored. This protocol led
to the formation of a metastable intermediate state with two delocalized pro-
tons, as depicted in Fig. 4. One proton is delocalized between the two oxygen
atoms in a Zundel-ion (H5O2

+). Two neighboring sulfonate groups re-arrange
in order to accommodate a second proton between them. Overall, the reor-
ganization occurs within ∼2 ps of the creation of the defect. It was observed

Fig. 4 Ab initio molecular dynamics simulation of a triflic acid monohydrate crystal. The
intermediate state (right) with two delocalized protons is ∼0.3 eV higher in energy than
the ordered conformation of the native crystal (left) [112]
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that the Zundel-ion drifts between the sulfonate sites. It, thereby could act as
a relay group that mediates effective proton transfer in the system.

The free energy of formation of the defect state was calculated to be
∼0.25–0.3 eV [112]. This value agrees reasonably with activation energies
of proton conductivity in the TAM solid determined from experimental
data [121]. It is moreover in the range of activation energies of proton con-
ductivity in Nafion 117 under conditions of minimal humidity, ∼0.36 eV,
reported in [50]. The sequence of formation and destabilization of such de-
fects could, thus, establish a mechanism of long-range proton transport along
densely packed arrays of anions.

Notably, the outlined defect mechanism of proton transfer resembles the
protocol of proton transfer in water, viz. transformation between localized and
delocalized proton states (water: H9O4

+↔H5O2
+, TAM solid: stable crystal

configuration ↔ metastable intermediate state), triggered by hydrogen-bond
fluctuations and molecular rotations. Sequences of these transformations,
hydrogen-bond rotations and proton transfers generate the net proton motion.

The unconstrained dynamics of anionic groups in the TAM solid enables the
substantial local reorganizations by which the intermediate state could form.
This indicates that an appropriate flexibility of anionic sidechains could be vi-
tal for high proton mobility in PEM under conditions of minimal hydration
and high anion density. This was also demonstrated independently by MD
simulations on the basis of an empirical valence bond model [83] (see below).

The merit of the approach [112] is that it applies high-level ab initio mo-
lecular dynamics simulations to an insightful and experimentally feasible
model system. Such studies could help to establish basic mechanisms of pro-
ton transport in PEMs, involving strong correlations between protons and
charged polymer groups in the interfacial layer. There are however several
limitations to this approach. Because of the disparity of the fs-scale of AIMD
simulations and the time interval between consecutive proton transfer events
(�1 ps) a meaningful statistical sampling of those events cannot be obtained.
Moreover, the considered model system is rather stiff, in the sense that chem-
ical composition and water content of the crystal are fixed. Only minimal
hydration of the system could be considered.

Currently, work is being performed on a model system that consists of a 2D
regular hexagonal array of acidic surface groups as depicted in Fig. 5 [122].
For this system, chemical composition, lengths and separations of sidechains
could be varied. Optimization studies of such layers based on DFT calcula-
tions (using Vienna Ab initio Simulations Package, VASP [123–127]) provide
the energy of formation as a function of the packing density and chem-
ical structure of the acid-functionalized sidechains. Systematic studies reveal
a wealth of structural conformations and transitions between them under
conditions of minimal hydration, as shown in Fig. 5. Upon increasing the
separation of fixed sidechain endpoints (surface group separations dCC), the
system proceeds through a series of transitions from fully dissociated min-



Proton-Conducting Polymer Electrolyte Membranes 35

Fig. 5 Regular hexagonal array of surface groups with fixed endpoints (unit cell:
3×[F3C – SO3H + H2O]). On the left the most stable conformation of the minimally hy-
drated array is shown at a high packing density of surface groups (dCC≈7 Å). The figure
on the right shows the formation energy per unit cell. It reveals the transition from the
stable upright conformation with long-range interfacial correlations to a clustered con-
formation with tilting of surface groups towards each other in order to maximize the
number of strong hydrogen bonds [122]

imum energy conformations for dCC < 7.7 Å (Fig. 5a) via partially dissoci-
ated conformations to fully non-dissociated structures for dCC > 8.6 Å. In
dissociated conformations the H3O+ are fully immersed in the interfacial
layer.

At high density, dCC < 6.7 Å, ionized SGs and H3O+ ions form an ordered
“upright” conformation with full dissociation of all acid groups. At dCC >
6.7 Å, we observed cluster-like “tilted” conformations. The conformational
transition at dCC 	 6.7 Å, apparent in Fig. 5b, is accompanied by a sharp tran-
sition from weak (<0.1 eV) to strong binding (>0.6 eV) of additional H2O
upon increasing dCC. In fact, these results suggest that the highly charged,
minimally hydrated interface becomes hydrophobic at values dCC < 6.7 Å.
This intriguing effect is due to strong interfacial correlations and the trigo-
nal symmetry of H3O+ and ionized SGs (SO3

– head groups). It is interesting
to note in this context, that dCC≈7 Å has been identified in experiment as
a critical value for the occurrence of long-range proton conduction at lipid
and stearic acid monolayers [96, 128, 129]. According to the theoretical re-
sults, this value represents a favorable trade-off between long-range corre-
lations and flexibility of SGs, which is a prerequisite for long-range proton
transport [82]. For longer SGs, resembling the sidechains in real PEM, 2D
correlations and partial dissociation could persist up to dCC 	 15 Å [130].
Current work explores proton transfer events in such brushes of acidic sur-
face groups.

The MD simulations of proton transport in model pores employing empir-
ical valence bond interaction models described the pore surface in a similar
fashion as a regular array of static sulfonate groups, rotationally mobile or
tethered sulfonate groups, or as entire Nafion sidechains [83, 84].
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6
From Meso-to-Macroscale: Effective Transport Properties

Understanding the effects of membrane structure, water content and water
distribution on proton conductivity has to invoke additional theoretical tools.
They have to bridge many length scales from molecular environments to ran-
dom heterogeneous structure at macroscale. This involves phenomenological
concepts and homogenization methods in order to average over microscopic
details [65].

The conductivity of a single pore is determined by the charge density of
protons ρ+ and the proton mobility µ+. As discussed above, ρ+ and µ+ are
functions of the position within the pore. In highly hydrated PEMs, µ+ is
highest in the bulk and smallest close to the surface. The proton distribution
from simple Poisson–Boltzmann theory decreases monotonously from the
interface towards the pore center. Refined calculations of the proton distribu-
tion take into account the finite size of protonated complexes and a repulsive
part of the intermolecular potential near the pore surface. This modified PB
approach predicts an excluded region for the hydrated protons close to the
surface (mainly related to the finite size of proton complexes). A maximum
in ρ+ exists at about 1.5 Å away from the interface. From this position ρ+

decreases continuously towards the center of the pore. This density profile
is in reasonable agreement with results from MD simulations [84]. Further
possible refinements, such as incorporating variations of dielectric constant
with position within the pore and with pore size, were not included in these
calculations.

In the absence of correlation effects in proton transport, the conductance
of a single membrane pore can be calculated straightforwardly using the dis-
tributions of proton density and mobilities. The conductance of a slab-like
pore is given by

Σp =
Lx

L

z0∫

–z0

dzµ+(z)ρ+(z) , (2)

where L is the length of the pore and ±z0 denote the positions of the inter-
facial layers. The corresponding expression for a cylindrical pore of radius R
is

Σp =
2π
L

R∫

0

r drµ+(r)ρ+(r) . (3)

The mobility in the pore includes molecular mechanisms of proton transport
in bulk water and along the array of charged surface groups. An idealized
two-state approach based on this distinction was considered in [82]. This
simple model can reproduce a continuous transition from surface-like to
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bulk-like proton conductance upon increasing the water content in a pore. In
calculations of pore conductances it was taken into account that the average
separation between SO3

– surface groups varies with increasing pore size and
that the dielectric constant is a function of pore size. The latter effect arises
due to the confinement of water in nm pores and the proximity to hydropho-
bic pore walls. On average, the number of hydrogen bonds per water molecule
decreases below the value for bulk water. The remaining H-bonds have in-
creased strengths. The reduced orientational flexibility in the stiffer H-bond
network offers more resistance to water reorganization resulting in a decrease
of the dielectric constant [131–133].

In the Poisson–Boltzmann approach, proton density and strength of elec-
trostatic interactions of protons with surface groups determine the water
content at which the transition between surface and bulk mechanisms oc-
curs and the extent of the effect on activation energies. The earlier work
in [82, 107] exaggerated the electrostatic contributions to these effects due to
oversimplified model assumptions (point like surface charges, no fine struc-
ture and no flexibility). Pronounced effects of pore size on activation energies
of proton transfer and pore conductances were found in good agreement with
experimental conductivity data [50].

The refined Poisson–Boltzmann theory in [84], based on a more realistic
electrostatic model of surface charges, showed activation energies that were
almost independent of pore sizes. While results of this modified electrostatic
theory were consistent with findings of classical MD simulations, they could
not explain the experimentally observed increase of activation energies from
0.10–0.13 eV in “wet” PEMs to 0.22–0.36 eV in “dry” PEMs. Seemingly, the
transition from bulk to surface mechanism of proton transport upon pore
deswelling is not simply due to a rescaling of electrostatic interactions but
it involves more dramatic reorganizations of the interfacial conformations
which should invoke full ab initio studies. In this context, ab initio study of
the TAM solid [112] and more recent ab initio simulations for a minimally
hydrated interfacial layer of acidic surface groups [122] could provide insight
into relevant correlations and proton transport mechanisms in the interfacial
layer at molecular scale.

MD simulations based on empirical interaction functions are able to over-
come some of the statistical limitations of the ab initio MD scheme. It is
possible, at least for single pore environments to calculate proton mobilities
in a statistically accurate way. The chemical nature of proton transfer, i.e., the
structural diffusion from one hydrated cluster to the next, is efficiently taken
into account by the use of empirical valence bond (EVB) models, which have
been introduced by Warshel [134] and later extensively used for aqueous pro-
ton transport in bulk water by Vuilleuimier and Borgis [92, 135, 136] and the
group of Voth [93, 137–141]. In the simplest version of such a model, a two-
state EVB model [102], the proton can be regarded as being in a superposition
state between two different valence bond states, the first one corresponding
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to H3O+...H2O, and the second one corresponding to H2O...H3O+. In the
first valence bond state, the proton is localized on the first water molecule, in
the second one it is located on the second molecule. Using a configuration-
dependent coupling between those zero-order states, one can describe proton
transfer as a sequence of H5O2

+ → H3O+ → H5O2
+ → H3O+ transitions,

where the H3O+ forms the central ion of an Eigen complex H9O4
+.

This EVB model was employed to the systematic study of model pores
or channels. Taking a simplistic view, the polymer was regarded as a rigid
framework in which slab or cylinder pores of constant thickness or radius, re-
spectively, are formed. Within this approach, proton transport in pores has
been studied as a function of a variety of generic structural and dynami-
cal features of the polymer and operational parameters of the working fuel
cell (such as temperature and humidity). These studies revealed a number of
factors determining the proton mobility, such as the width of the channel, dis-
tance between the sidechains, and their flexibility. The main lessons of the
simulations and the theoretical analysis were:

• The denser the sidechains, the lower the activation energy of proton mo-
bility.

• The narrower the channels, the lower the mobility, and, in principle the
higher the activation energy. However, MD simulations as well as PB sim-
ulations that allow for Debye–Waller fluctuations of SO3

– groups showed
only a minor increase in activation energy for the single pore in the range
of nanometer pores, supporting the idea that much narrower water chan-
nels presumably control the proton transport at low water content.

• The more movable are the SO3
– groups about the sidechain anchoring

points, the higher the proton mobility, but the weaker are the previous two
effects.

• Longer, flexible sidechains facilitating proton conductance, impede metha-
nol diffusion [142]. This could be a very practical lesson.

The conclusions reflect certain physics. Whereas each sidechain group do-
nates a proton to the aqueous phase, it also contributes to the Coulomb
energy landscape which protons experience due to the electrostatic poten-
tial of the array of SO3

– groups, screened by all other protons. The farther
a proton moves from the surfaces of SO3

– groups, the stronger the screen-
ing, and the smaller the role of non-zero harmonics in a Fourier expansion of
the field, which decay exponentially from the plane where the charge groups
are localized. This correlation between flat density distribution and overall
large proton mobility in individual pores is clearly visible in the simulation
results [109, 143]. In a wide channel there are such remote regions. Because of
the attraction of protons to the sidechains, there will be less protons in those
regions, but the mobility will be higher there. The overall channel conduc-
tance, a trade-off between mobility and concentration, will thus be higher in
a wider channel. In narrow channels there will be no such remote regions.
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Fig. 6 Slab pore conductance as a function of water content λ for various densities of
sulfonate groups indicated in terms of surface charge density σ

Figure 6 demonstrates that the total conductance of a single pore (modeled
as the product of mobility and proton density in the pore) increases with in-
creasing water content and also with increasing surface density of sulfonate
groups. The conductivity increase is due to the increasing proton concen-
tration in the pores with higher surface charge density. The self diffusion
coefficient of protons actually decreases in the simulations with increasing
surface charge density. Figure 7 (top) shows the simulated proton densities in-
side 17 Å wide slab pores, with sulfonate charge densities on the pore surface
as indicated. With increasing surface charge density the proton density distri-
bution shifts towards the pore surface and becomes narrower, in accordance
with the expectations of simple Gouy–Chapman theory. For the narrower
proton distributions repulsive proton–proton interactions increase. The net
result is that the proton mobility decreases, contrary to the PB results which
predict lower Coulomb barriers with increasing sulfonate density. The effect
is, however, overcompensated by the increase in proton concentration in the
more densely charged pores.

Figure 7 also shows in the bottom a comparison of the proton densities
obtained by MD simulations, the simple PB approach and the modified PB
approach of [84]. MD results show stronger proton-sulfonate correlations
than the PB results. Taking into account the finite size of the proton cluster
in the MPB approach leads to density distributions closer to the MD re-
sults. Other features of the MPB approach such as replacing point charges
by extended charge distribution and accounting for thermal motion lead to
an additional slight broadening of the density maximum relative to the PB
results.

The temperature dependence of the proton mobility in these model pores
showed Arrhenius behavior over the investigated range of temperatures
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Fig. 7 Top: Proton density distributions in 17 Å wide slab pores with varying sulfonate
surface charge densities as indicated. Bottom: Proton density distributions in the 17 Å
wide slab pore with σ =– e/0.70 nm2 from MD, PB, and MPB approach

between 330 and 400 K. Calculated activation energies were in the range
0.1–0.15 eV and did not depend on humidity in rigid pores. They could thus
not explain the experimental data in Fig. 2. Only a very small (significantly
smaller than the experimental) trend of the activation energies to become
higher at lower water content was observed in the case of pores with flexible
pore surfaces. This nurtures speculation that at low humidity the Cappado-
nia results could be the consequence of the very narrow necks in the aqueous
network and a dominant role of polymer dynamics on both the formation of
these necks and the proton transport through the necks. In other words, at
low humidities, the model of elongated pores as the basic proton conducting
unit is likely to be inapt.

A possible alternative realization of such a process was given in [31] as con-
sidered above (see Fig. 1). The joining of pores as discussed above (Fig. 1)
may explain the experimental results more naturally. Obviously, swelling or
deswelling are not uniformly occurring processes in the membrane. A single
pore cannot represent the whole network. It could just be a small number of
critical pore connections that control the overall proton transport, e.g., via the
dynamic formation of temporary bridges between disconnected aqueous re-
gions, as suggested in [53], or that cause the apparent transition from bulk
to interfacial mechanisms of proton transport. It is, thus, important to under-
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stand, how the conductance of single pores can be converted into the effective
conductivity of a membrane.

Several other attempts have been made to model the humidified Nafion
nano-phase-separated structure and the temperature dependence of proton
transport by atomistic MD simulations [53, 59–64]. It was observed that more
filamentous aqueous regions at low humidity change into clusters of more
micellar shape at intermediate water content, which connect into channels
at high water content [60]. Other studies noted a certain effect of sidechain
arrangement (statistical vs. blocks) on the size of the phase-separated re-
gions [59]. These calculations frequently suffer from an ergodicity problem
due to the different characteristic time scales of water and polymer.

7
Macroscopic Network Models

Effective conductivity of the membrane is related to its macroscopic morpho-
logy, viz. the random heterogeneous domain structure of polymer and sol-
vent phases. On the basis of Gierke’s cluster network model, a random net-
work model of microporous PEMs was developed in [22]. This approach
highlighted the importance of connectivity and swelling properties of pores.
Random distributions of pores and channels as their interconnections were
assumed. The connectivity between pores was considered as a phenomeno-
logical parameter.

In general, pores swell non-uniformly. As a simplification, the random net-
work was assumed to consist of two types of pores. In this two-state model,
non-swollen pores (“red” pores) permit only a small residual conductance
due to tightly bound water molecules solvating the surface groups. Swelling
pores (“blue” pores) contain extra water in the bulk and thereby promote the
high bulk-like conductance. Water uptake by the membrane is accomplished
by the swelling of “blue” pores and by the increase of their relative fraction.
Proton transport in the membrane is mapped on a site percolation problem,
wherein randomly distributed sites represent pores of variable sizes and, thus,
conductances. The assignment of pores of different color corresponds to dis-
tinct proton transport mechanisms, dominated by interfacial processes or by
bulk water-like transport. Water uptake by “blue” pores promotes the transi-
tion between these mechanisms, as corroborated in the previous subsections.
Chemical structure of the membrane is factored in at these subordinate struc-
tural levels, i.e. the molecular scale and the single pore level.

The relative portion of “blue” pores as a function of the water content w
is

x(w) =
number of blue pores
total number of pores

.
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It determines bond probabilities

pbb(w) = x(w)2, pbr(w) = 2x(w)
(
1 – x(w)

)
, prr =

(
1 – x(w)

)2

between two “blue” pores, a “blue” and a “red” pore and two “red” pores, re-
spectively. Channels connecting pores are assumed to be “red” (connecting
two “blue” pores).

The model involves a phenomenological law of pore swelling. It utilizes
Gierke’s experimental data for the structural reorganization of the mem-
brane upon water uptake. The following dependencies of the number of SO3

–

groups in an average pore, n(w), and of the average volume of water-filled
pores, v(w) were used

n(w) = n0(1 + αw) and v(w) = v0(1 + βw)3 , (4)

where n0 is the number of SO3
– groups in a dry (“red”) pore and v0 the

volume of a red pore. Invoking the conservation of the total number of dis-
sociated SO3

– groups in the membrane and the proportionality between total
water content and the volume increase of “blue” pores, the swelling law could
be derived

x(w) =
γw

(1 + βw)3 – αγw2 . (5)

The parameters α, β, and γ can be adjusted in order to reproduce the amount
of swelling and the extent of reorganization of the membrane upon water up-
take. This law accounts for the possibility of merging of smaller pores into
larger pores upon swelling. It could represent distinct elasticity of the poly-
meric membrane matrix that leads to distinct types of water distributions. In
a soft polymer matrix, water would be distributed rather heterogeneously with
individual pores swelling to a large equilibrium radius and thus taking up a lot
of water. In a more elastic polymer matrix, pores swell more homogeneously.

A rigid microporous morphology, which does not reorganize upon waterup-
take, corresponds to a simple linear relation x(w) = γw. In this limiting case,
the model resembles the archetypal problem of percolation in bi-continuous
random media [105]. Because of swelling, universal percolation exponents in
relations between conductivity and water content are not warranted.

Pore-size dependent conductances are assigned to individual pores and
channels, determined by the overall water content and the law of swelling.
Three possible types of bonds between pores exist. The corresponding bond
conductances, viz. σbb(w), σbr(w), and σrr(w), can be established straightfor-
wardly. The model was extended towards calculation of the complex admit-
tance of the membrane by assigning capacitances in parallel to conductances
to individual pores.

The simplest approach to solve the Kirchhoff equations that correspond
to the random network of conductance elements is obtained in single-bond
effective medium approximation (SB-EMA), wherein a single effective bond
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between two pores is considered in an effective medium of surrounding
bonds. The effective bond conductivity is obtained from

pbb(w)
σ – σbb(w)
σbb(w) + qσ

+ pbr(w)
σ – σbr(w)
σbr(w) + qσ

+ prr(w)
σ – σrr(w)
σrr(w) + qσ

= 0 , (6)

where q represents the connectivity of the pore network.
If the conductivities of red pores and channels vanish, the true percolation

behavior is obtained,

σ(w) =
1
q

[
(1 + q)x2(w) – 1

]
σbb(w) , (7)

with percolation threshold

xc =

√
1

1 + q
. (8)

A value q = 24 reproduces well the quasi-percolation behavior of EW
1100 Nafion.

This random network theory could explain differences in σ(w) relations
for various sulfonated ionomer membranes [22]. It is useful in rationaliz-
ing the effects of membrane elasticity and swelling behavior on perform-
ance under varying degrees of hydration. The EMA solution of the random
network model correctly reproduces the percolation behavior observed in
Nafion-type membranes and Nafion-composite membranes. A highly elas-
tic membrane matrix and a high connectivity of pores provide small values
of the percolation threshold and, thus, favorable σ(w) relations. In a soft
polymer matrix, on the other hand, the fraction of water-filled pores x(w)
increases slowly at low to intermediate water contents, indicating that pores
swell rather heterogeneously. In this respect Nafion membranes of equivalent
weight 1100, seemingly possesses a favorable elasticity of the polymer matrix.

In [82] different model variants of pore-space evolution (random network,
serial and parallel pore models) were compared to each other. A morphology
of equally swelling parallel pores gives the most favorable σ(w) relations with
steepest increase of proton conductivity at small water contents. Results ob-
tained for such a morphology are in good agreement with conductivity data
of Dow membranes, which possess shorter pendant sidechains than Nafion.

8
Membrane Operation in the Cell

After all, any well-performing membrane should be a good water retainer.
The excellent proton mobility in currently used PEMs depends, however, in
particular on the existence of a network of loosely bound water molecules.
Because of their weak interactions with the polymer and acidic residues,
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those water molecules are highly mobile themselves, and they easily evapo-
rate at temperatures approaching 100 ◦C.

Under ideal operation of a PEM in a Polymer Electrolyte Fuel Cell the mem-
brane would perform like a linear Ohmic resistance. This implies that the
membrane is uniformly hydrated at the value of water content that gives the
highest proton conductivity. Because of the strongly non-linear coupling be-
tween proton and water fluxes inside the membrane, caused primarily by the
so-called electro-osmotic effect, this ideal performance is observed only in
the limit of small current densities. The electro-osmotic coefficient n, which
under usual conditions lies between one and two [6], is sufficient to cause a de-
hydration zone near the anode, if currents are high, membrane thickness L
is large enough, and no special water management measures are taken. Non-
uniformity of the water distribution near the anode will increase with current
density. Deviations of the membrane’s current-voltage characteristics from
the simple Ohmic behavior result in a critical current density at which the
non-linear increase of the membrane resistance could cause the failure of the
complete cell. The origin of this dramatic effect is very low proton conductivi-
ties in locally dehydrated membrane parts on the anode side of the membrane.
As theory shows [11] the critical current density scales as ∝ n–1L–1.

Even if such dramatic effects do not occur in state-of-the-art fuel cells
under feasible operating conditions, the membrane is pivotal in regulating
water fluxes through the complete cell. It controls the amounts of water that
leave the cell through anode and cathode compartments and determines the
operating conditions that should be provided in electrodes. Throughout the
recent history of Polymer Electrolyte Fuel Cells, water management has been
one of the major issues for materials design and system optimization, includ-
ing all components [6, 11–17, 144–147].

Membrane operation in the fuel cell is affected by structural characteristics
and detailed microscopic mechanisms or proton transport, discussed above.
However, at the level of macroscopic membrane performance in an operating
fuel cell with fluxes of protons and water, only phenomenological approaches
are feasible. Essentially, in this context, the membrane is considered as an
effective, macrohomogeneous medium. All structures and processes are av-
eraged over micro-to-mesoscopic domains, referred to as representative el-
ementary volume elements (REVs). At the same time, these REVs are small
compared to membrane thickness so that non-uniform distributions of water
content and proton conductivities across the membrane could be studied.

The basic mechanisms of membrane operation in an operating fuel cell are
shown in Fig. 8. Proton flow, as the primary membrane process, induces water
transport from anode to cathode by electro-osmosis. Stationary operation
implies that the electro-osmotic water flux has to be balanced by an internal
backflux. This requires an appropriate gradient in water content across the
membrane as a driving force. The stationary balance between electro-osmotic
flux and backflux, thus, establishes to a profile of water across the membrane,
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Fig. 8 The membrane inside the PEFC configuration. Proton current, electro-osmotic drag
and backflux are indicated.

decreasing from cathode toward anode. The balance of water fluxes through
the membrane has to be consistent with water fluxes prevailing in anode and
cathode, taking into consideration also the water produced in electrochem-
ical reactions at the cathode. It, moreover, is subject to gas pressures in both
electrode compartments.

Modeling approaches that explore membrane water management have
been reviewed in [16]. Overall, the complex coupling between proton and
water mobility at microscopic scale is replaced by a continuum description
involving electro-osmotic drag, proton conductivity and water transport by
diffusion or hydraulic permeation. Essential components in every model are
the two balance equations for proton flux (Ohm’s law) and for the net water
flux. Since local proton concentration is constant due to local electroneutral-
ity of the membrane, only one variable remains that has to be solved for, the
local water content.

Why has this seemingly simple and straightforward problem led to so
many different approaches and ambiguous results [16]? The required effective
transport coefficients (proton conductivity, electro-osmotic drag coefficient,
diffusivity and permeability of water) are functions of the water content.
Since it is impossible to calculate them from the first principles, they have to
be determined from experiments (see discussion of Figs. 15 and 17 in [6]).
Because of the dependence of these coefficients on water content, the system
of equations becomes highly non-linear. The ambiguity in models of water
management is in part due to the difficulties in determining electro-osmotic
drag coefficients, diffusivity and permeability independently. Moreover, the
unclear situation with respect to the membrane microstructure and the struc-
ture of water inside the membrane has led to two major types of models, viz.
diffusion and hydraulic permeation models.

In simplest approximation the membrane is considered as a continuous
non-porous phase in which the water of hydration is dissolved. The pre-
vailing mode of water transport is, therefore, molecular diffusion [145]. In
view of what has been written in previous sections about water pathways in
a network of pores, the corresponding so-called diffusion approaches evi-
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dently overestimate the role of polymer-water correlations in well-hydrated
membranes.

Structural models, on the other hand, emerge from the notion of the mem-
brane as a heterogeneous porous medium, which is supported by a wealth of
experimental data on structure and mobility. They focus on the role of perco-
lating water networks as the active medium inside the membrane. This view
clearly promotes hydraulic permeation as the main mechanism of water back-
flux. The relative humidity primarily controls the capillary pressure, which
determines the water-filling of the membrane. Gradients in capillary pres-
sure, related to gradients in pore radii, are, thus, the primary internal driving
forces of water backflux in the membrane [11]. An additional external gas
pressure gradient between cathode and anode sides may be superimposed
on these internal gradients. Knowledge of the pore size distribution and of
the wetting properties of pores are evidently of key importance in these
hydraulic permeation models. It was found for instance, that the critical cur-
rent density of membrane dehydration is directly proportional to the first
moment r1 of the pore size distribution [11, 16]. Using for mathematical sim-
plicity a δ-function-like pore size distribution in the model, i.e. an idealized
monodisperse distribution that exhibits a sharp peak at r1, gives the following
explicit dependence of the critical current density

jpc ∼ (ws – wc)r1

nL
,

where ws is the saturation water content and wc is the percolation water con-
tent.

The hydraulic permeation model is appropriate for well-hydrated mem-
branes. However, it cannot appropriately describe water transport in lowly hy-
drated membranes since it underestimates polymer-water correlations. Both
model variants are mathematically similar and complementary in their range
of applicability. Indeed, it is a straightforward task to merge them into a uni-
fied approach, as suggested in [11, 16, 144, 147].

The major membrane performance guidelines are as follows. During fuel
cell operation a non-uniform water distribution emerges inside PEMs. Strong
dehydration arises in the interfacial regions close to the anode, whereas the
other parts of the membrane remain in a well-hydrated state, as shown in
Fig. 9. The type of highly non-uniform water distribution, predicted in the
hydraulic permeation model, is consistent with experimental data for water
profiles and membrane resistance as a function of current density [148–
150]. Estimated critical current densities at which the membrane resistance
increases strongly due to local dehydration, are typically not reached for
standard Nafion-type membranes in the feasible range of fuel cell operation;
however this is not necessarily so for poorer membranes. Although we will
not reach this limit in top performing membranes, the signature of this effect
is felt earlier. Electro-osmotic coefficients themselves may depend on water
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Fig. 9 Water content profiles in the membrane, calculated in the hydraulic perme-
ation model, at various fuel-cell current densities. A typical value of the parameter J
that determines the onset of membrane dehydration near the anode was estimated as
J ∼ 5–10 A cm–2 for Nafion 117 [11, 16]

content [6]; being typically smaller for smaller water content [6] they some-
what “smoothen” the dehydration effects. Generally membranes with higher
water uptake are less prone to dehydration. The usage of thinner membranes
is also beneficial (unless they rupture—one of the reasons for cell degra-
dation), since, as mentioned, the critical current density increases inversely
proportional to thickness. Two modes of membrane water management could
be identified. Either the water removed by electro-osmosis has to be replen-
ished by a matching water flux at the anode or a gas pressure gradient should
be applied between cathode and anode, that supports the internal hydraulic
mechanism of water backflow.

9
Concluding Remarks

The majority of “solid” proton-conducting membranes, most commonly used
in contemporary fuel cell technology, are hydrated perfluorinated sulfonic
acid ionomers. In recent years, enormous programs in membrane research
have explored empirically how various modifications of the benchmark ma-
terial, viz. Nafion, affect the physical membrane properties. The main modi-
fications include (1) varying the hydrophobic/hydrophilic composition of the
polymer, (2) controlling the grafting density and lengths of the sidechains,
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(3) exchanging the acid functional groups, (4) incorporating inorganic par-
ticles into the membrane, (5) blending of ionomer with other stabilizing
polymers, (6) replacing water by other anhydrous, possibly immobilized, sol-
vents. A plethora of effects of these modifications on membrane morphology,
stability, swelling behavior with water uptake, transport of protons, water and
methanol, have been demonstrated.

Looking back, the only unequivocal membrane improvement, in spite of
all these efforts, has been the reduction of thickness from ∼200 µm in 1995
to <50 µm in 2005. In terms of chemical or morphological modifications at
the microstructural level, no definite recommendations could be discerned
so far. The focus of the works reviewed herein has been exploring the fun-
damental relations between micromorphology and transport from micro- to
macroscales for prototypical polymer electrolyte membranes and the under-
standing of their major principles of operation.

Understanding the performance of these state-of-the-art membranes on
the microscopic level has progressed quite a lot during the last two decades
due to a combination of systematic experimental and theoretical studies. As
discussed herein, the understanding of membrane performance in the well-
humidified state seems to have been established. Overall, the picture of the
effects which control proton and water motion, namely the formation of
a percolating aqueous subphase in the swollen membrane in conjunction with
microscopic transport mechanisms is quite obvious here.

The nature of the bottlenecks for proton conductance in the dry membrane
state or “on the way to it” is, however, still the subject of debates. This will
only be resolved after more detailed experimental studies (of macroscopic
transport parameters such as proton conductance and electro-osmotic coef-
ficients as a function of water content, or gas and liquid permeability before
and after operation, and of microscopic structural probes such as small-angle
neutron and X-ray scattering) will have discriminated between competing
models. By and large, the direction of effects that go with dehydration is ob-
vious enough to be introduced into phenomenological models of overall cell
performance.

The main challenge for developing the theory of membrane operation can
be easily illustrated. Proton transfer as the main membrane process is largely
determined by molecular fluctuations on an fs time scale. On the other hand,
membrane stability, which is a key benchmark of fuel cell operation, has to be
demonstrated for 1000s of operating hours. This spans more than 21 orders of
magnitude. Approximation schemes a la “Born–Oppenheimer” justify decou-
pling processes at different scales of resolution and studying them separately.
However, when it comes to membrane operation and optimized design, we
need to consider a coherent picture that incorporates all processes at different
scales.

In the major part of this article, we have dwelt on different proton trans-
port mechanisms. The two limiting views consider proton transport either as
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a bulk-like mechanism in well-hydrated membranes or as an interfacial phe-
nomenon in lowly hydrated membranes. The transition from bulk-like proton
transport to proton transport along the minimally hydrated array of charged
surface groups upon dehydration could be triggered by a morphological tran-
sition of the membrane microstructure that encompasses the emergence of
extremely narrow necks. We then saw how this dual mechanism scenario
could be incorporated into a random network model of membrane conduc-
tivity. This model could, moreover, account for the specific swelling behavior
of membranes due to distinct polymer elasticity. It manages to rationalize the
percolation transition observed upon membrane dehydration as well as the
saturation of conductivity at high water contents. It can explain conductivity
relations of prototypical PEMs.

At the level of membrane operation in the fuel cell, considering bulk-like
water as the active medium in well-hydrated membranes implies that hy-
draulic permeation should be regarded as the major mode of water back
transport that counterbalances the electro-osmotic drag. This balance be-
tween electro-osmotic drag and water backflux determines the degree of
membrane dehydration at the interface between membrane and anode as well
as the critical fuel cell current density at which voltage losses in the mem-
brane increase dramatically, i.e. in a highly non-ohmic fashion.

Overall, the distinction of different aqueous environments is a common
thread for explaining membrane operation at distinct relevant scales (micro-
scopic mechanisms of PT, conductance in the single pore environment, ran-
dom network model of membrane conductivity and membrane operation in
the cell).

The membrane is a highly non-linear medium; water uptake is a non-
linear phenomenon, as water transport in the dry state is much different
from that in the wet state. The three-dimensional water and current distri-
bution in a fuel cell is highly inhomogeneous [151]. For instance, the exis-
tence of “torches” of current in front of the edges of the channels of bipolar
plates as seen in quasi-3D simulations [152] (and avoidable by alternative de-
signs [153]) suggests a highly inhomogeneous release of heat, leading first
to extreme local dehydration and then possibly pinhole formation in mem-
branes. Membrane rupture, a likely source of performance degradation, is
thus ultimately affected by the details of atomic transport. Microscopic theory
can only rationalize these effects. However, incorporating them into phe-
nomenological models of cell performance can lead to the observation of new
effects with huge practical relevance.

The most challenging task, to suggest chemical modifications of mem-
branes, which minimize electro-osmosis and/or methanol diffusion, maxi-
mize proton conductance and membrane stability at a reduced price is only
indirectly affected by theory and simulation. Most conclusions, once made,
are rather obvious (such as higher channel connectivity, homogeneity of
swelling, higher sidechain density, etc). Others are less trivial, such as the
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facilitation of proton transport by flexibility and charge smearing, or the op-
posite directions of the effect of sidechain length on proton and methanol
mobility.

Today, the development of membranes moves rapidly away from simple
membranes, which are amenable to such ideal model constructions, to com-
posite materials, in which not one compound serves as a panacea for all fuel
cell illnesses, but where different functions are assigned to different chem-
ical compounds. Nevertheless, even in these more complex systems the same
issues such as water structure, state of water, molecular interactions and pro-
ton transfer mechanisms will govern the control of chemical architectures yet
to be developed.

After all our efforts, membrane research is still challenging and in need
of fresh and innovative ideas. It is a highly interdisciplinary field, based on
molecular chemistry, polymer physics, interfacial science and the science of
random heterogeneous media. Could it be possible that the future lies in
ordered nanostructured materials such as, for example, ordered polyelec-
trolyte brushes? In such materials, studying the role of the sidechains (length,
separation, controlled flexibility, hydrophobicity) and mechanisms of self-
assembly, which will determine proton distribution at the mesoscopic scale,
will be central for design and optimization.

Will the currently used water-saturated polymers be able to overcome the
difficulties in membrane operation? Or is a completely new design needed?
It certainly looks that way, and many laboratories in Europe, North Amer-
ica, Japan and China put tremendous efforts into the development of such
a “dream membrane”. Possible candidates for highly proton-conductive ma-
terials might be polymer brushes or solid crystal hydrates, in which wa-
ter is, if not frozen, at least substantially immobilized. Because of limits in
their chemical and mechanical stability and their inability to form good
contacts with the catalyst layer, such materials are not yet available for
applications.

The lessons we have learned in understanding proton and water trans-
port in hydrated polymer electrolytes are stimulating and have demonstrated
some practical relevance but, paraphrasing the conclusion of Steven Haw-
king’s second millennium lecture in the White House “the greatest inventions
may still lie where we don’t expect them!”
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Abstract Chemical structure, polymer microstructure, sequence distribution, and morph-
ology of acid-bearing polymers are important factors in the design of polymer electrolyte
membranes (PEMs) for fuel cells. The roles of ion aggregation and phase separation in
vinylic- and aromatic-based polymers in proton conductivity and water transport are de-
scribed. The formation, dimensions, and connectivity of ionic pathways are consistently
found to play an important role in determining the physicochemical properties of PEMs.
For polymers that possess low water content, phase separation and ionic channel formation
significantly enhance the transport of water and protons. For membranes that contain a high
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content of water, phase separation is less influential. Continuity of ionic aggregates is influ-
ential on the diffusion of water and electroosmotic drag within a membrane. A balance of
these properties must be considered in the design of the next generation of PEMs.

Keywords Acid-bearing polymers · Chemical microstructure · Fuel cells ·
Ion-containing polymers · Membranes · Morphology · Proton conductivity

Abbreviations
AFC Alkaline fuel cell
AFM Atomic force microscopy
ATRP Atom transfer radical polymerization
BDSA 4,4′-Diaminobiphenyl 2,2′-disulfonic acid
BPSH Disulfonated biphenol based poly(arylene ether sulfone) copoly-

mer
BVPE 1,2-Bis(vinylphenyl)ethane
CL Catalyst layer
DMF N,N-Dimethylformamide
DMFC Direct methanol fuel cell
DMSO Dimethyl sulfoxide
DS Degree of sulfonation
DSC Differential scanning calorimetry
DTA Differential thermal analysis
DVB Divinylbenzene
EG Ethylene glycol
EIS Electrochemical impedance spectroscopy
EOD Electroosmotic drag
ETFE-g-PSSA Poly(ethylene-co-tetrafluoroethylene) grafted with poly(styrene

sulfonic acid)
EW Equivalent weight
FEP-g-PSSA Poly(tetrafluoroethylene-co-perfluoropropyl vinyl ether) grafted

with poly(styrene sulfonic acid)
GDE Gas diffusion electrode
GDL Gas diffusion layer
HMEA Half-MEA
IEC Ion-exchange capacity
MCFC Molten carbonate fuel cell
MEA Membrane electrode assembly
NTDA Naphthalene-1,4,5,8-tetracarboxylic dianhydride
ODA 4,4-Oxydianiline
PAFC Phosphoric acid fuel cell
PAN-g-mac PSSA Polyacrylonitrile grafted with poly(styrene sulfonic acid) macro-

monomer
PEM Polymer electrolyte membrane
PEMFC Polymer electrolyte membrane fuel cell
PFG-NMR Pulse field gradient NMR spectroscopy
PFSI Perfluorosulfonic acid ionomer
PS-g-mac PSSA Polystyrene grafted with poly(styrene sulfonic acid) macromono-

mer
PSSA Poly(styrene sulfonic acid)
PTFE Polytetrafluoroethylene
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PTFSSA Sulfonated trifluorostyrene–trifluorostyrene copolymer
PVDF Poly(vinylidene fluoride)
P(VDF-co-HFP) Vinylidene fluoride–hexafluoropropylene copolymer
P(VDF-co-HFP)-b-SPS Vinylidene fluoride–hexafluoropropylene copolymer-block-sulf-

onated polystyrene
PVDF-g-PSSA Poly(vinylidene fluoride) grafted with poly(styrene sulfonic acid)
SANS Small-angle neutron scattering
SAXS Small-angle X-ray scattering
SOFC Solid oxide fuel cell
SPEEK Sulfonated poly(ether ether ketone)
SPEEKK Sulfonated poly(ether ether ketone ketone)
SPI Sulfonated polyimide
SPSU Sulfonated bisphenol A polysulfone
SPSU-b-PVDF Sulfonated bisphenol A polysulfone-block-poly(vinylidene fluo-

ride)
SSEBS Sulfonated polystyrene-block-(ethylene-co-butylene)-block-sulf-

onated polystyrene
SSIBS Sulfonated polystyrene-block-(isobutylene)-block-sulfonated poly-

styrene
TEM Transmission electron microscopy
THF Tetrahydrofuran
TM-AFM Tapping mode atomic force microscopy
λ Water molecules per acid site, H2O/SO3H
DChem Fickian diffusion coefficient of water
DH2O Self-diffusion coefficient of water
Dσ Proton mobility
ndrag Electroosmotic drag coefficient
Rm Bulk membrane proton resistance
Ru Uncompensated resistance
Tg Glass transition temperature
Xv Water volume fraction

1
Introduction

Fuel cell systems are distinguished by the type of electrolyte used in the cells
and include polymer electrolyte membrane (PEMFC), alkaline (AFC), phos-
phoric acid (PAFC), molten carbonate (MCFC), and solid oxide (SOFC) fuel
cells. PEMFC technology differentiates itself from other fuel cell technologies
in that a solid polymer membrane is used as the electrolyte. The membrane
serves as a separator to prevent mixing of reactant gases and as an electrolyte
for transporting protons from anode to cathode. Because the cell separator
is a flexible polymer film, issues such as sealing, assembly, and handling are
often less complex than with other fuel cell systems. The need to handle cor-
rosive acids and bases is mitigated in this system. PEMFCs can operate at very
high current density and typically operate at lower temperatures (∼80 ◦C)
than other fuel cell systems, allowing for faster startup times and a rapid
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response to changes in demand for power. The PEMFC is attractive for trans-
portation applications, and it is a major competitor for low power stationary
applications [1] and a technology leader in portable power (<1 kW).

Polymer electrolyte membranes (PEMs) for PEMFC applications should
possess: high protonic conductivity; good chemical, electrochemical, and ther-
mal stability; adequate mechanical properties; low permeability to reactants;
and low swelling in water. They should be readily processable into membrane
electrode assemblies (MEAs). Reproducibility of preparation and fabrication
costs should be appropriate for the application. Membranes based on per-
fluorosulfonic acid, e.g., Nafion®, have been the material of choice and the
technology standard. Nafion® consists of a perfluorinated backbone that bears
pendent vinyl ether side chains, terminating with SO3H (Scheme 1). Nafion®
membranes show good operation under normal conditions but have several
critical drawbacks: they are limited in their temperature of operation (usually
to below 80 ◦C) and are prone to dehydration. They are relatively expensive and
difficult to synthesize and process. For direct methanol fuel cell (DMFC) ap-
plications, they offer a poor barrier to methanol. In H2/O2 applications, they
exhibit a high osmotic drag coefficient that leads to dehydration of the anode
and/or flooding of the cathode, unless physical precautions are taken to pre-
vent it. Recycling of the fluorinated polymer is another concern. It is difficult to
process and cannot be easily dissolved, melted, or extruded in its ionic form,
which precludes its use in novel cell designs and nonplanar geometries. For
these and other reasons, alternative proton conducting polymers are actively
sought after. Several classes of polymer are under intense investigation. These
include polyarylenes [2–11], polyimides [12–15], polyphosphazenes [16–19],
radiation-grafted polystyrene [20, 21], organic–inorganic composites and hy-
brids [22–24], polystyrene di- and triblock copolymers [25–28], and acid
complexes of basic polymers [29, 30]. Comprehensive reviews of specific PEMs
can be found in a number of articles [31–51].

Scheme 1 Chemical structure of Nafion®

A characteristic feature of alternative membranes is that they nearly al-
ways exhibit a lower proton conductivity compared to Nafion® for a simi-
lar ion content. The ionic conductivity can be improved by increasing the
ion-exchange capacity (IEC) of the constituent polymer(s) but mechanical
strength is frequently sacrificed; firstly, in the dehydrated state because of
the high ionic content, and secondly in the hydrated state due to excessive
swelling [43]. Moreover, virtually all alternatives to perfluorosulfonic acid
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membranes are less chemically and/or electrochemically robust under “real”
fuel cell conditions, which limits their lifetime to a few thousand hours in the
best cases [52]. Therefore, in order to obtain both satisfactory fuel cell per-
formance and long term stability, it is necessary to design thermally, chem-
ically, and mechanically stable acid-bearing polymers with sufficient ionic
conductivity and low water uptake.

The importance of the microstructure—here we use the classical descrip-
tion referring to the arrangement of monomer units along a polymer chain—
and morphology of the constituent acid-bearing polymers on the properties
of PEMs has been widely demonstrated. For example, sulfonated polyimide
block copolymers exhibit higher proton conductivity than analogous ran-
dom copolymers [53, 54], and Nafion® when dissolved and recast exhibits an
ionic conductivity up to several orders of magnitude lower than “as-received”
membranes [55]. In order to optimize the chemical structure, microstruc-
ture, and morphology of acid-bearing polymers for application as PEMs,
it is crucial to understand the relationship between structure, morphology,
and physicochemical properties. Even though there are several excellent and
detailed reviews on the alternative PEMs, and detailed reviews on the morph-
ology of Nafion® [56], only a few reviews are available that expose relation-
ships between the chemical structure, microstructure, and morphology of
emerging and experimental PEMs [57, 58].

Proton conductivity is critical for operational PEMs and is often the first
characteristic considered when evaluating membranes for fuel cell applica-
tions. High conductivity is essential to obtain high current densities. Proton
conductivity is controlled by the structure of the constituent polymer(s) and
the morphology of the resulting membrane; it is a strong function of water
content and temperature. Proton conductivity may be measured ex situ using
electrochemical impedance spectroscopy (EIS), or in situ during fuel cell oper-
ation using current interruption [59, 60] or high-frequency EIS methods [61].

Chemical/electrochemical stability and thermal stability are largely depen-
dent on the chemical structure of polymers. For fuel cell applications they
should be hydrothermally stable under high humidity and at high tempera-
ture (80–100 ◦C) and resistant to oxidation, reduction, and attack by free
radicals. The membrane functions both as the electrolyte and separator of re-
actant gases. Membrane degradation causes the proton conductivity to drop
and the mechanical properties to deteriorate, resulting in membrane rupture,
pinhole formation, and mixing of anode and cathode reactant gases. For trans-
portation applications, a PEM should be able to operate for more than 6000 h.
Chemical stability is often investigated using the Fenton’s reagent test [62]; elec-
trochemical stability can be measured by cyclic voltammetry [63], and thermal
stability is often estimated by thermogravimetric analysis, although these ex
situ measurements may not accurately simulate fuel cell conditions.

Mechanical stability under operating fuel cell conditions (heating–cooling
cycles, high temperature, humidity, and temperature/water gradients) is ne-
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cessary for reliable operation in fuel cells. Resilient mechanical properties
are essential for the fabrication of ultrathin membranes, which reduce pro-
ton resistance in a fuel cell and improve hydration at the anode through back
diffusion. Water in the membrane acts as plasticizer for the constituent poly-
mers, lowering both the glass transition temperature (Tg) and the modulus
of the polymer. Mechanical properties may be determined using the tensile
test, while Tg can be obtained by dynamic mechanical analysis or differential
scanning calorimetry (DSC).

At the heart of the PEMFC is the MEA, comprising a PEM sandwiched
between two gas diffusion electrodes (GDEs). The intrinsic electrocat-
alytic properties of the electrocatalyst, the electrode/electrolyte interface, the
amount of water in the GDEs, water transport through both the PEM and the
GDEs, and the rates at which gases flow through the GDEs all govern the rate
of electrochemical reaction. Poor compatibility between the PEM and GDEs
will lead to an excessively large interfacial resistance, accelerated degrada-
tion of performance during fuel cell operation, or even delamination of the
PEM/GDE—with catastrophic failure of the fuel cell.

The power density and fuel efficiency of a fuel cell depend strongly on
the mass transport properties in the PEM. Reactant crossover through the
membrane results in low open circuit voltages and reduced lifetime. In the
DMFC, methanol crossover leads to significant performance losses, and im-
pacts cathode kinetics and overall fuel efficiency. Water management in the
membrane is critical for efficient performance: the fuel cell must operate
under conditions where the by-product water does not evaporate faster than
it is produced because the membrane must remain hydrated. However, too
little water removal results in “flooding” of the fuel cell. Primarily, water
management is an engineering-based issue, but it is also related to the char-
acteristics of the membrane.

The technical issues directly relevant to fuel cell performance are many
and interdependent. This review will focus on the current literature and
is intended to provide a deeper understanding of fundamental relation-
ships between the chemical structure of an acid-bearing polymer and the
morphology of the resultant PEM, and between morphology and fuel cell
pertinent properties, such as proton conductivity and water transport. The
microstructural, morphological, and macroscopic properties of various acid-
bearing polymers and PEMs, as well as examples of specific acid-bearing
polymers that have similar chemical structure but different microstructure
and morphology—or have similar microstructure but different chemical
structure—are described. Properties other than proton conductivity and wa-
ter transport should also be considered in the design of PEMs for fuel cells,
such as the effect of chemical structure, microstructure, and morphology on
reactant crossover, mechanical properties, and chemical stability, but in order
to limit the scope of this review these aspects are not included.
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The review is organized as follows. Section 1 provides an overview of
the issues associated with PEM design. Section 2 gives an overview of fac-
tors that determine the physicochemical properties of acid-bearing polymers.
Section 3 reviews studies of microstructure, morphology, and transport prop-
erties of different classes of PEMs; it addresses aspects of proton conduc-
tivity and compares the properties of acid-bearing polymers that possess
similar microstructure but different chemical backbones; it compares acid-
bearing polymers that possess similar chemical composition but different
chain microstructure; and it addresses issues associated with water transport.
The body of work is then summarized and prospects for future considerations
are suggested. The intention of these discussions is to provide a fundamental
framework, based on microstructure and morphology, from which the next
generation of PEMs may be designed.

2
Factors Determining the Properties of Acid-Bearing Polymers

Before detailing the relationship between the structure, morphology, and
properties of PEMs, it is worth illustrating the factors that determine the
properties of acid-bearing polymers as they relate to fuel cell applications.
Generally, such polymers are amphiphilic, consisting of hydrophobic and
hydrophilic subunits. Hydrophobic domains are responsible for the mem-
brane possessing suitable mechanical properties, and they prevent the poly-
mer dissolving in water; hydrophilic domains are responsible for providing
a pathway for protons and for back transport of water from cathode to an-
ode. Hydrophilic networks may be realized by doping a polymer matrix with
acid, or incorporating protogenic groups (sulfonic acid, bis(sulfonyl) imide,
phosphonic acid, or carboxylic acid functional groups) in the polymer chain.
In comparison to sulfonated polymers, bis(sulfonyl) imides are stronger acids
but their syntheses are more complicated. Phosphonic acid and carboxylic
acid groups are much weaker acids than sulfonic acid and do not provide
a sufficient concentration of dissociated protons at normal fuel cell operating
temperatures. The large majority of experimental membranes are based on
sulfonated polymers. Sulfonic acids may be grafted onto the polymer struc-
ture by post-sulfonation of pristine polymers or incorporated directly by
polymerization of sulfonated monomers.

The properties of acid-bearing polymers are determined by: (a) the
chemical nature of the monomers; (b) the microstructure of the polymer;
(c) their molecular weight and molecular weight distribution; and (d) their
morphology in the solid state. Sulfonated polymers usually exhibit a much
higher proton conductivity than phosphonylated or carboxylated polymers
for a given ion content, and generally aromatic polymers exhibit better chem-
ical and thermal stability than aliphatic polymers. Moreover, physicochemical
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properties are affected by secondary bonding forces between polymer chains,
e.g., dipole–dipole, hydrogen-bonding, and van der Waals interactions, which
influence both the mechanical and transport properties of the solid polymer.
The polymer’s microstructure includes aspects of composition, architecture,
and chain conformation. Polymers are often copolymers, and may be alter-
nating, random, block, or graft. Examples of copolymers having different
microstructure are shown in Fig. 1. A more detailed description of the rela-
tionship between copolymer composition and morphology can be found in
the literature [57, 64, 65].

The most important property dependent on molecular weight and molecu-
lar weight distribution is mechanical strength and physical integrity. Prop-
erties such as melting point transitions, glass transition temperatures, and
solubility are also related to the molecular weight of the polymer. However,
for high molecular weight polymers the mechanical properties and thermal
transitions vary little with varying chain length.

Fig. 1 Microstructures of copolymers
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The morphology of an acid-bearing polymer is dependent on the chemical
nature and microstructure of the polymer, but it is also affected by external
conditions. The method of sample preparation—solution casting, extrusion,
hot pressing, etc.—can have a profound influence. Additives such as fillers,
reinforcing agents, and plasticizers often modify the physical and thermal
properties of polymer membranes. Furthermore, a polymer’s morphology may
significantly change upon varying the temperature of annealing, and differ-
ent morphologies for the same material may be observed in response to shear
forces [66, 67], stretching [68], casting from different solvents [69, 70], rates
of solvent evaporation [71], and film thickness [72]. For example, Nafion®
films cast from ethanol/water solutions at room temperature are reported to
be “mud-cracked”, and soluble in a variety of polar, organic solvents at room
temperature. In contrast, as-received Nafion® membranes are flexible, tough,
and insoluble in virtually all solvents at temperatures below ∼200 ◦C. How-
ever, adding high boiling point polar solvents, such as N,N-dimethylformamide
(DMF) or ethylene glycol (EG), to a commercially available dispersion and cast-
ing the mixture above 160 ◦C yields a membrane with similar properties to
the extruded film [73]. Similarly, annealing the uncracked film, obtained from
evaporation of the dispersing solvent at room temperature to >150 ◦C, also
yields a film with similar properties to the extruded Nafion® [74].

3
Studies of Acid-Bearing Polymers and Membranes

Numerous polymers have been studied for their potential application in
PEMFCs. Based on their chemical structure, these polymers can be cate-
gorized into (a) vinylic polymers, (b) aromatic polymers, and (c) polymer
blends and composite/hybrid polymers. Generally, vinylic polymers are syn-
thesized by addition polymerization, while aromatic polymers are synthe-
sized by step-growth polymerization. The most studied vinylic polymers for
PEMFC applications are perfluorosulfonic acid ionomers (PFSIs), in particu-
lar Nafion®, and styrene sulfonic acid-based polymers. Chemical structures
of representative vinylic PEMs are shown in Scheme 2.

While a number of alternative polymer membranes have been developed,
Nafion® is still considered the benchmark of proton conducting polymer
membranes, and has the largest body of research literature devoted to its
study. Alternative polymer membranes are almost invariably compared to
Nafion®. Nafion® is a free radical initiated copolymer consisting of crystalliz-
able, hydrophobic tetrafluoroethylene and a perfluorinated vinyl ether termi-
nated by perfluorosulfonic acid. Nafion® 117 possesses an equivalent weight
of 1100 (EW = mass of dry ionized polymer (g) in the protonic acid form
that would neutralize one equivalent of base). Thus, there are ∼13 perfluoro-
methylene groups (–CF2–) (n = 6.5) between pendent ionic side chains.
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Scheme 2 Chemical structures of: a poly(perfluorosulfonic acid); b sulfonated poly-
styrene (SPS); c sulfonated polystyrene-b-(ethylene-co-butylene)-b-sulfonated poly-
styrene (SSEBS); d sulfonated polystyrene-b-(isobutylene)-b-sulfonated polystyrene
(SSIBS); e poly(ethylene-co-tetrafluoroethylene)-g-polystyrene sulfonic acid (ETFE-g-
PSSA); f poly(vinylidene fluoride)-g-polystyrene sulfonic acid (PVDF-g-PSSA);
g poly(tetrafluoroethylene-co-perfluoropropyl vinyl ether)-g-polystyrene sulfonic acid
(FEP-g-PSSA); h sulfonated trifluorostyrene–trifluorostyrene copolymer (PTFSSA)
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Currently, Nafion® is available in two forms: extrusion-cast membranes
and polymer dispersions. Nafion® polymer dispersions are used in the for-
mulation of GDEs and reinforced membranes. Nafion® 117 is ∼7 mils thick
(1 mil = 25.4 µm) but can be obtained thinner. Table 1 illustrates the current
offering of Nafion® from DuPont [75]. A number of excellent review articles
exist that describe the structure, morphology, physical properties, and appli-
cations of Nafion® [56, 76–81].

Perfluorinated sulfonic acid-based ionomers other than Nafion® and
Nafion®-like materials (e.g., Aciplex®, Flemion®) have also been developed.
One of these is the DOW® membrane in which the side chain is reduced to
only two CF2 units in addition to the ethereal oxygen [82]. Although its per-
formance was said to exceed that of Nafion® [83], work on this material in
the past was limited due to the high cost of its manufacture. However, more
recently, Solvay-Solexis has developed a cheaper route and is now market-
ing the membrane as Hyflon-Ion® [84]. Variations on this structure have also
been extended to three (3M) [85] and four (Asahi-Kasei) [86] CF2 units in
the side chain. Asahi Glass has also reported a DOW-like material in which
there is an intermediary CF2 spacer between the polymer main chain and the
ethereal oxygen of the side chain unit [87]. Finally, perfluorinated ionomers
in which sulfonic acid groups have been replaced with sulfonamide groups
for proton conduction have also been synthesized [88]. Conductivity tests on
these materials at RH <70% have shown better values than analogous Nafion®
derivatives, suggesting that sulfonamide groups are less sensitive to water
content than sulfonic acid groups [89].

Very recently, an alternative route to perfluorinated ionomers has been
demonstrated by De Simone et al. [90]. These materials were synthesized
by copolymerizing a multifunctional, perfluorinated vinyl ether with styrene
to yield a cross-linked, partially fluorinated membrane. Sulfonation of the
aryl rings, post-fluorination to replace C–H bonds with C–F bonds, and
subsequent hydrolysis of the sulfonyl fluoride groups yielded the proton
conducting membrane. With its cross-linked structure, IECs in excess of
those of Nafion® and similar materials are achieved along with higher con-
ductivity values but without the membrane being water-soluble. These ma-
terials were also able to demonstrate significantly higher power densities

Table 1 Current Nafion® membranes

NR111 and NR112 (1100EW):
1 and 2 mil thickness, roll format, solution cast film

N112, N1135, N115, and N117 (1100EW):
2–7 mil thickness, pieces or rolls, extrusion cast film

N1035, N105 (1000EW):
3.5 and 5.0 mil thickness, pieces or rolls, extrusion cast film
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than Nafion®, even with thicker membranes (190 versus 175 µm). Given that
the monomers are liquids, it was also possible to cast the membranes into
high surface area PEMs using micromolding/imprint lithography techniques.
Higher performances were observed for patterned PEMs in comparison to
their flat analogs.

Sulfonated styrene–divinylbenzene copolymers were used as proton con-
ducting membranes in the early 1960s in the Gemini Space Program. Al-
though only ∼500 h operation at 60 ◦C is reported due to their poor chemical
stability, poly(styrene sulfonic acid)-based PEMs are still widely studied
due to their ease of synthesis and the ability to control their microstruc-
ture. In order to modify the structure and improve their mechanical and
chemical stability, and provide further understanding of structure–property
relationships in these versatile systems, recent research on styrene sul-
fonic acid-based PEMs has focused on block and graft copolymers. Block
and graft copolymers of styrene may be synthesized using living polymer-
ization of appropriate monomers (including ionic, atom transfer radical
polymerization (ATRP) and TEMPO-assisted radical polymerization) fol-
lowed by post-sulfonation, or by the incorporation of macromonomers of
polystyrene sulfonates into growing polymer chains. Another method to
achieve styrene sulfonic acid-based polymers is radiation-induced graft-
ing of polystyrene onto preformed polymer films followed by sulfonation.
A variety of different fluoropolymer films have been investigated as the base
polymer including polytetrafluoroethylene (PTFE), poly(vinylidene fluoride)
(PVDF), poly(tetrafluoroethylene-co-perfluoropropyl vinyl ether) (PFA),
poly(tetrafluoroethylene-co-hexafluoropropylene) (FEP), and poly(ethylene-
alt-tetrafluoroethylene) (ETFE). Styrene and its derivatives, such as α-
methylstyrene, α,β,β-trifluorostyrene, and substituted α,β,β-trifluorostyrene,
have been employed as monomers and divinylbenzene (DVB), 1,2-bis(vinyl-
phenyl)ethane (BVPE), and triallylcyanurate used as cross-linking agents.
Acrylic monomers have also been incorporated but the resulting membranes
have limited application in fuel cells due to the low acidity of the carboxylic
acid unit. Thorough reviews of radiation-grafted membranes are available
elsewhere [46, 91, 92].

Sulfonated aromatic polymers have been widely studied as alternatives
to Nafion® due to potentially attractive mechanical properties, thermal and
chemical stability, and commercial availability of the base aromatic poly-
mers. Aromatic polymers studied in fuel cell applications include sulfonated
poly(p-phenylene)s, sulfonated polysulfones, sulfonated poly(ether ether ke-
tone)s (SPEEKs), sulfonated polyimides (SPIs), sulfonated polyphosphazenes,
and sulfonated polybenzimidazoles. Representative chemical structures of
sulfonated aromatic polymers are shown in Scheme 3. Aromatic polymers
are readily sulfonated using concentrated sulfuric acid, fuming sulfuric acid,
chlorosulfonic acid, or sulfur trioxide. Post-sulfonation reactions suffer from
a lack of control over the degree and location of functionalization, and the
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Scheme 3 Chemical structures of representative sulfonated aromatic polymers
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possibility of side reactions (including cross-linking) and/or degradation of
the polymer backbone [94, 95].

Recent efforts in the synthesis of sulfonated aromatic polymers are dir-
ected to the polymerization of sulfonated monomers (such as (b), (d), (g),
(j), (k), and (l) shown in Scheme 3) [14, 15, 53, 54, 96–102] or coupling reac-
tions of sulfonated compounds with functional groups attached to a poly-
mer backbone [103, 104]. In post-sulfonation, attachment of the sulfonic acid
group is restricted to the activated position ortho to the aromatic ether
bond, as indicated in Scheme 4a, while in direct polymerization of sulfonated
monomers, the sulfonic acid groups are attached to the deactivated site on
the ring (Scheme 4b). An enhancement of stability toward desulfonation and
a modestly higher acidity are expected for the structure shown in Scheme 4b.
Recently, polymerization of sulfonated monomers was also used to obtain sul-
fonated polysulfone (m) via oxidation of a sulfonated polysulfide–polysulfone
copolymer [105].

Scheme 4 Chemical structures of sulfonated polysulfones obtained by post-sulfonation
and direct polymerization: a post-sulfonation; b direct polymerization

Since the material properties desired cannot always be obtained from
a single homopolymer or copolymer, polymer blending and/or compos-
ite/hybrid formation is another strategy to improve the physical properties
of polymer membranes. In the study of membranes for fuel cell application,
these include cross-linked polymer blends, semi-interpenetrating networks
(semi-IPNs) [106, 107], polymer–acid complexes, composite/hybrid polymers
of Nafion® or sulfonated polymers with inorganic particles (e.g., TiO2, SiO2),
inorganic acids (e.g., calcium phosphate, zirconium phosphate, heteropoly-
acids), and heterocyclic compounds (e.g., imidazoles). To limit the scope of
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this review, detailed discussions of polymer blends and composite/hybrid
polymer membranes are not included here, and readers are directed to sev-
eral excellent sources to learn more on these classes of PEMs [38, 41, 42].

3.1
Morphological Studies of PEMs

3.1.1
Randomly Sulfonated PEMs

As previously mentioned, proton conducting polymers combine, in a sin-
gle macromolecule, a hydrophobic backbone and an ionic functional group
(usually a sulfonic acid group). The sulfonic acid functionality aggregates
to form hydrophilic domains that hydrate upon exposure to water, leading
to a phase separated structure. The length scales of phase separation are
typically nanometer in dimension. Hydrophobic domains impart mechani-
cal stability to the membranes, whereas hydrated, hydrophilic domains serve
to transport protons and water. The morphology of PEMs has chiefly been
investigated through small-angle X-ray scattering (SAXS), small-angle neu-
tron scattering (SANS) [108], transmission electron microscopy (TEM), and
atomic force microscopy (AFM).

SAXS and SANS spectra of Nafion® membranes exhibit a broad maximum
in the medium angular range (the so-called ionomer peak) and an upturn
of scattered intensity at very low angles. A variety of models are proposed
based on information gathered in order to fit calculated and observed scat-
tering profiles, and to interpret transport properties and mechanical proper-
ties [109–115]. Central to each of these models is the recognition that ionic
groups aggregate in the perfluorinated polymer matrix to form a network of
clusters that allows for significant swelling by water and efficient ionic trans-
port through nanometer-scale domains. Hsu and Gierke [109] established the
formation of ionic clustering in Nafion®, and suggested the formation of in-
verted micelles with SO3H groups forming hydrated clusters embedded in the
fluorocarbon phase with diameters of 40–50 Å. More recently, Gebel et al.
proposed a conceptual description for structural evolution that depends on
the water content of Nafion® as depicted in Fig. 2 [114].

In dehydrated Nafion®, isolated spherical ionic clusters were calculated to
have a 15 Å diameter and an intercluster spacing of 27 Å. This diameter is sig-
nificantly smaller than the intercluster distance, which explains the low ionic
conductivity observed at low water content. Absorption of water induces the
formation of isolated spherical pools of water having a diameter of 20 Å, with
the ionic groups located at the polymer/water interface. The interaggregate
distance is ∼30 Å, indicating that these spherical water pools are still isolated
as evidenced by the low ionic conductivity of the membrane. With increasing
water content, the diameter of the cluster increases to 40 Å while the inter-
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Fig. 2 Structural evolution of Nafion® depending on water content [114]
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cluster distance increases only marginally. For a water volume fraction Xv
larger than Xv = 0.2, a large increase in ionic conductivity is observed indi-
cating a percolation threshold of ionic aggregates has been reached. Between
Xv = 0.3 and 0.5, the structure is believed to be formed of spherical ionic do-
mains connected with cylinders of water dispersed in the polymer matrix.
The ionic domain diameter increases from 40 to 50 Å, and the increase of
ionic conductivity as water content increases suggests that both the connec-
tivity and the diameter increase. At Xv values larger than 0.5, an inversion of
the morphology occurs and the membranes correspond to a connected net-
work of rodlike polymer aggregates surrounded by water. Despite the fact
that a spherical shape would be energetically favorable for the polymeric do-
mains, apparently it is not possible to obtain such morphology at Xv values
larger than 0.5 because the polymer volume associated with each ionic group
is too large compared to the average distance between ionic groups along the
polymer chain. The best compromise between the minimization of the inter-
facial energy and the packing constraints leads to the formation of connected
cylindrical particles. Between Xv = 0.5 and 0.9, this connected rodlike net-
work swells. The conductivity measurements indicate that the structure of the
highly swollen membrane is close to the one observed for PFSI solutions.

In addition to investigations using SAXS and SANS, the morphologies
of Nafion® membranes have been characterized by high-resolution TEM
and AFM. These techniques provide direct visualization of phase separation
and the presence of ionic clusters in the membrane. TEM images of de-
hydrated Nafion® membranes generally provide evidence for the existence
of 3–10-nm-diameter ionic clusters, approximately spherical in shape [116–
118]. Porat and coworkers carried out a TEM study on very thin, recast
Nafion® solution-coated films cast from ethanol/water mixtures [118]. Zero-
loss bright field images were obtained as well as Dage silicon intensified target
(SIT) low light images with minimum specimen damage and specific elem-
ental sulfur imaging. Single crystals of PTFE-like regions in the polymer
with an average distance of several micrometers were observed to be ran-
domly scattered across the film. The electron diffraction pattern of Nafion®
films indicates an orthorhombic crystal structure which is similar to that
of polyethylene (PE). The calculated d spacings of the corresponding lattice
planes for the two polymers are also quite close suggesting similarity in their
crystal structures. This result indicates that the fluorocarbon backbone of
Nafion® is in the form of a linear zigzag chain as in PE and not a twisted chain
as in PTFE, despite the similarity in the chemical composition of Nafion®
and PTFE. Sulfonate groups were observed to be nonrandomly distributed in
clusters of size 5 nm.

McLean et al. used tapping mode atomic force microscopy (TM-AFM)
to characterize the fluorine-rich crystal aggregates within perfluorinated
ionomers in addition to determining the relative morphological positions of
the ionic species and domains [119]. Images of nonionic polymers including
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the Nafion® precursor polymer in its sulfonyl fluoride form served as controls
to assign various phases. McLean et al. demonstrated that TM-AFM in phase-
contrast mode can be used to characterize the positions in space of both ionic
domains and crystalline lamellae or lamellar stacks in Nafion® membranes.
Low oscillation amplitude tapping of Nafion® membranes generated remark-
able images of ion clusters and their dependence on various conditions such
as humidity. Figure 3 illustrates the low-energy phase images of Nafion® 117-
K+ after exposure to room temperature humidity (a) and to liquid water (b).
The white regions in the images represent ionic domains. For the membrane
exposed only to ambient humidity (a), the regions of ionic clusters exhibit
a uniformity in spacing with an approximate size of 4–10 nm. Images taken
of ionomers of varying EW show a relationship between the volume fraction
of ionomer domains and the EW, although higher EW ionomers tend to ap-
pear less homogeneous in their distribution of ion-rich regions. The images
of membranes exposed to water (b) indicate larger clumps of ionic regions
7–15 nm in size in the narrowest dimension and appear to have coalesced into
channel-like shapes. The authors speculate that the technique provides direct
images of ion clusters in their aggregated form, which when swollen with wa-
ter are constrained by crystalline regions into the channel-like morphology.
Notably, the analogous nonionic sulfonyl fluoride polymer under identical
conditions yields no image contrast.

McLean et al. also examined the near-surface region of Nafion® membranes
using a very light tapping force method. The surface of Nafion® membranes
exposed to water vapor consists of a thin fluorine-rich skin region with low
surface energy, ∼1 nm thick. Based on results using different AFM techniques,
the authors conclude that this region contains essentially no ionic species when

Fig. 3 TM-AFM phase images of Nafion® 117 (K+) ionomer membrane after exposure to:
a room temperature humidity; b deionized water. Scan boxes are 300×300 nm with a scale
of 0–80◦ [119]
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exposed to water vapor but rearranges rapidly when exposed to liquid water to
allow diffusion of ionic groups to the surface. The rearrangement time for this
process is fast (seconds) due to the high concentration of ionic groups as well
as their relatively high mobility within the fluorocarbon matrix. This process
is contrasted to the rearrangement process in poly(ethylene-co-methacrylic
acid) ionomer neutralized with Zn metal ions, where the ionic species take
substantially longer (hours) to migrate to the surface [119].

Dispersions of Nafion® are widely used in fuel cell materials such as cata-
lyst coatings, gas diffusion media, and reinforced membranes. The properties
and performance of Nafion® are directly related to its morphology, which
in turn may be altered by the processing history. The morphology of recast
Nafion® film has been studied in detail [73, 74, 120–122] and is directly re-
lated to the configuration of the polymer chains in the dispersions. Low EW
Nafion® membranes (EW < 900) are soluble in many polar solvents, while
high EW membranes (EW > 1000) are not. Dispersions of high EW Nafion®
can be obtained by heating in a solvent mixture at 250 ◦C in an autoclave
under pressure [123, 124]. As the temperature is increased, the fluorocar-
bon phase melts and reorganization of the ionic phase permits dissolution.
Nafion® dispersions are characterized as containing relatively large colloidal
aggregates of anisotropic structures [125–129]. Pinéri et al. suggest that the
suspended particles resemble regular micelles with the charge sites extend-
ing out into the solution and the hydrophobic chain material buried in the
interior [125]. Evaporation of the solvents at room temperature preserves
the colloidal morphology. This film possesses ionic clusters but is amorph-
ous, lacking crystallinity, mechanically weak, and soluble in a variety of polar
organic solvents. When the Nafion® dispersion is annealed at high tempera-
ture (>150 ◦C) or cast at temperatures >160 ◦C, i.e., above the Tg for Nafion®
(∼150 ◦C) [120]), the ionic chains reorganize into a more entangled network
in the solid film; this leads to an enhancement of crystallinity, and the films
possess similar mechanical properties to as-received membranes [73, 74]. Cold
cast films possess a micellar configuration with sulfonated exchange sites lo-
cated on the outside of the micelle; annealing organizes the structure into an
inverted micelle with the sulfonates located in the interior of the micelle.

Compared to fluoropolymers, aliphatic and aromatic polymers are less
hydrophobic, and the sulfonic acid functional group is less acidic and less po-
lar. Nafion® is a superacid, with a pKa ∼ –6 as estimated using “pKa database
4.0” [130]. Ma et al. [131] determined the pKa of Nafion® 117 and the sul-
fonated aromatic polymer, BPSH (Scheme 3b), to be –3.09 and –2.04, re-
spectively, while the simplest aromatic sulfonic acid, benzene sulfonic acid,
has a pKa of 0.70 [132]. Aromatic polymers are more rigid than Nafion®
and possess shorter ionic side chains, and therefore are expected to exhibit
a lesser degree of separation between hydrophilic and hydrophobic domains.
SAXS measurements on rigid aromatic polymers, such as SPIs based on
naphthalenic dianhydride (Scheme 3k, x = 5, x/y = 30/70) indicate the ab-
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sence of an ionomer peak, presumably due to the rigidity of the polymer
chain [133]. Sulfonated polyetherketone exhibits an ionomer peak that is
broadened and shifted toward higher scattering angles, and the scattering
intensity at high scattering angles (the Porod regime) is higher. This indi-
cates a smaller characteristic separation length with a wider distribution and
a larger internal interface between hydrophobic and hydrophilic domains.
Kreuer [134] proposed an illustration for the morphology of Nafion® and
a sulfonated aromatic polymer polyetherketone (shown in Fig. 4) derived
from SAXS experiments [135]. The illustration indicates the water filled chan-
nels in the sulfonated poly(ether ether ketone ketone) (SPEEKK) are narrower
compared to those in Nafion®, and are less separated and more branched
with more dead-end “pockets”. These features correspond to a larger hy-

Fig. 4 Schematic representation of the morphology of Nafion® and a sulfonated polyether-
ketone [134]
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drophobic/hydrophilic interface and, therefore, to a larger average separation
of neighboring sulfonic acid functional groups.

The synthesis, film formation, and properties of random partially sul-
fonated polysulfones prepared by direct polymerization of disodium 3,3′-
disulfonate-4,4′-dichlorodiphenyl sulfone with different biphenols is illus-
trated in Scheme 5. For BPSH membranes, DSC measurements show a single
Tg that increases with disulfonated monomer content up to 40 mol %
(corresponding to EW 588 g mol–1). Membranes possessing 50 mol % (EW
500 g mol–1) and 60 mol % (EW 417 g mol–1) possess two Tg values, assigned
to the nonionic matrix and ionic clusters, indicating that such materials
are nominally phase separated [97]. TM-AFM images of different partially
sulfonated polymers of BPSH are shown in Fig. 5. Non-sulfonated analogs
(Fig. 5a) are featureless whereas the corresponding sulfonated polymers
(Fig. 5b–e) show dark cluster-like regions 10–25 nm in dimension. A micro-
graph of Nafion® 117 is shown for comparison. The hydrophilic domain sizes
of BPSH, and their connectivity, vary with sulfonated monomer content. For
the polymer containing 20 mol % disulfonated monomer (EW 1087 g mol–1),
an isolated region of ionic clusters is found having diameters of 10–15 nm;
for the 40 mol % polymer, the phase contrast of the hydrophilic ionic do-
mains increases and is more readily distinguished from the nonionic matrix,
but the domains are still segregated. The phase image undergoes a signifi-
cant change when the sulfonate monomer content is increased to 60 mol %,
and the hydrophilic ionic domains form a continuous network. With the
cautionary note that these particular AFM images were obtained on dehy-
drated samples, it can be surmised that ionic regions in random copolymers
of BPSH reach a percolation limit when the sulfonated monomer content is
>50 mol %. The BPSH copolymers with a low degree of sulfonation, i.e., <50%
(EW > 500 g mol–1) generally show a closed domain structure denoted as
regime 1, where isolated hydrophilic domains are surrounded by a hydropho-
bic matrix. Systems with a higher degree of disulfonation showed a more open
or continuous hydrophilic domain structure, denoted as regime 2.

Scheme 5 Synthesis of random (statistical) disulfonated poly(arylene ether sulfone)
copolymers
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Fig. 5 TM-AFM images of random copolymer BPSH and Nafion® 117. a BPSH-00;
b BPSH-20; c BPSH-40; d BPSH-50; e BPSH-60; f Nafion® 117 (acid form). Scan boxes are
700×700 nm, except f which is 350×350 nm [97]

The morphology of BPSH membranes was found to be dependent on the
nature of hydrothermal treatment [136] and acidification [137]. Generally,
low temperature conditioning of the membranes in water favors a closed
hydrophilic domain structure, i.e., regime 1, while higher temperature condi-
tioning produces a more open morphology, regime 2 [136]. The temperature
of transition from regime 1 to regime 2 decreased with the temperature of
hydrothermal treatment (Table 2). Acidification of solvent-cast membranes
involved either immersion into sulfuric acid at 30 ◦C for 24 h and washing
with water at 30 ◦C for 24 h (method 1, unboiled) or immersion in sulfu-
ric acid at 100 ◦C for 2 h followed by a similar water treatment at 100 ◦C
for 2 h (method 2, boiled). TM-AFM of BPSH containing 35 and 40 mol %
of the disulfonated monomer showed that membranes boiled in acid pos-
sessed larger hydrophilic domains and a greater phase continuity than un-
boiled membranes (see Fig. 6). The morphology remains stable as long as
the membrane is operated at a temperature below the post-treatment tem-
perature. Heating the membranes above 120 ◦C at ∼100% relative humidity
causes an irreversible morphological change and a decrease in conductivity
(Fig. 6c) [137].

SAXS data for poly(trifluorostyrene sulfonic acid) (PTFSSA) membranes
possess ionomeric peaks that decreased in intensity with EW [138]. In com-
parison to SAXS studies of Nafion® 117, the scattering intensity is very weak.



Structural and Morphological Features of Acid-Bearing Polymers 77

Table 2 Transition temperature of BPSH and Nafion® 1135 [136]

Copolymer Regime 1 to regime 2
transition temperature, Tp (◦C)

BPSH-20 130
BPSH-30 100
BPSH-35 80
BPSH-40 70
BPSH-45 50
BPSH-50 30
BPSH-60 ND
Nafion® 1135 ND

Fig. 6 TM-AFM images of random copolymer BPSH (35 mol % sulfonated monomer):
a unboiled, b boiled, and c after high-temperature exposure (140 ◦C max.); scan size:
500 nm [137]

SAXS spectra for PTFSSA were analyzed using a model consisting of spherical
domains randomly distributed in the polymeric matrix [139] and compared
to that of Nafion® 117 [140]. The analysis suggested that these domains are
very small (R < 15 Å). Even though evidence is presented for the existence
of ionic aggregates, the large fraction of ions are dispersed homogeneously
and do not give rise to ionomeric scattering [138]. The structure of water-
swollen PTFSSA membranes characterized by low EW was also studied by
SANS [141]. A contrast variation method based on both the deuteration of the
counterions (TMA) and of the solvent was used to obtain different spectra for
the same system. A local rodlike structure model, based on a perfluorinated
core containing the CF2–CF(X) repeat units, a shell composed of the phenyl
rings, and a second shell composed of ammonium ions and water (Fig. 7),
was used for the fitting procedure. The radius of the perfluorinated core was
calculated to be 4 Å and the external shell of substituted phenyl rings was
2.5 Å. The thicknesses of the phenyl ring and counterion shells are in agree-
ment with their molecular size, and the ratio of the core volume to the shell
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Fig. 7 Schematic representation of the scattering length density profile used for the fitting
procedure for the different counterion–solvent combinations. The radius of the perfluori-
nated core is 4 Å and the thicknesses of the shells are 2.5 Å for the phenyl rings and 4.5 Å
for the counterions [140]

correspond to the volume fraction of the fluorinated region. TEM analyses
performed on dry Pb2+-stained PTFSSA membranes [138] showed there is
some evidence of a small degree of microphase separation, but it is not as well
developed as in the case of Nafion® [116–118] and the distribution of ions is
largely homogeneous.

3.1.2
Block Copolymer PEMs

Compared to random copolymers, block copolymers offer a diversity of
morphologies and display a microphase-separated morphology in which the
physicochemical properties of individual block components can be realized
in a single polymer structure [142]. SAXS and SANS analyses of sulfonated
polyimides indicate that the effect of charge content on SAXS and SANS
profiles is not significant, while the effect of the charge distribution is very
pronounced [133]. This also suggests that a polymer chain microstructure has
a more significant impact on the morphology of PEMs than the copolymer
composition. Recently, researchers have directed attention to preparing PEMs
with controlled microstructure in order to study its effect on morphology,
and ultimately on a PEM’s physical properties.

Sequenced naphthalenic polyimides have been synthesized via a two-step
condensation polymerization of aromatic diamines and dianhydrides as de-
picted in Scheme 6. The average length of the ionic sequence is controlled by
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Scheme 6 Synthesis of sequenced sulfonated naphthalenic polyimides

the molar ratios of monomers. Gebel et al. [143] studied the effect of block
length of 4,4′-diaminobiphenyl 2,2′-disulfonic acid (BDSA)/naphthalene-
1,4,5,8-tetracarboxylic dianhydride (NTDA)/4,4-oxydianiline (ODA) copoly-
mer (Scheme 3k) on its morphology using SANS (Fig. 8). For small sequences
(x = 3), a broad maximum is clearly visible. Increasing the sequence lengths
causes an increase in the upturn in intensity at very small angles, which in-
dicates the development of large scale heterogeneities. SAXS profiles of more
flexible phthalic sulfonated polyimides also indicated that as the ionic se-
quence length decreases, the ionomeric peak shifts to higher q; concurrently,
the intensity I(qmax) and the intensity scattered at zero angle I(q → 0) de-
creases [133]. This behavior is in agreement with smaller and closer ionic
domains as the ionic sequence length decreases.

Fig. 8 SANS spectra of water-swollen x/y = 30 : 70 sulfonated polyimides possessing vary-
ing ionic block length [143]
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SAXS profiles of sulfonated polystyrene-b-(ethylene-co-butylene)-b-sulfon-
ated polystyrene (SSEBS) membranes (Scheme 2c) reveal cylindrical mor-
phologies when the degree of sulfonation is <34 mol %. In comparison,
hydrated Nafion® ionic clusters are reported to be irregular in shape and
size, and randomly distributed [147]. However, different morphologies are
also observed for SSEBS when films are cast from selected solvents [148, 149].
The morphology of SSEBS membranes cast from tetrahydrofuran (THF),
methanol (MeOH), and THF/MeOH mixtures are reported. THF is an apro-
tic good solvent for EB and PS blocks, while MeOH is a protic good solvent
for the SPS block. Membranes cast from THF and prepared from polymers
having 27 mol % sulfonation exhibit a well-ordered lamellar morphology
(Fig. 9a). The morphology of membranes cast from THF/MeOH is deformed
with a diffusive phase boundary, and the phase domains are disorderly
interconnected (Fig. 9b). The morphologies depend on the solvent compo-
sitions and the presence of residual solvent during membrane formation.
As solvents evaporate the solids content in solution increases and the block
copolymer membrane starts to phase-separate. In addition, the concen-
tration of methanol in the mixed solvent increases with time because the
vapor pressure of THF is higher than that of methanol (at 25 ◦C, 160.0 vs
129.2 mmHg). A high fraction of methanol partitions into SPS domains, but
virtually none partitions into EB domains. Owing to selective swelling of
SPS domains, the volume ratio of SPS domains to EB domains increases,
and residual methanol plasticizes SPS domains to create a disorderly inter-
connected structure without changing the domain spacing of the EB blocks.
The transformation of the morphologies was confirmed by SAXS. Sulfonated
polystyrene-b-(isobutylene)-b-sulfonated polystyrene (SSIBS) with IEC be-

Fig. 9 Cross-sectional TEM images of SSEBS (27 mol % sulfonation) cast from a THF
and b a mixed solvent of MeOH/THF (20 : 80 v/v) [149]
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tween 0.5 and 1.0 mmol/g exhibits an ordered lamellar structure [150]; the
morphology of SSIBS-based membranes is also affected by the nature of the
casting solvent [151].

Compared to aliphatic block copolymers, fluoro-block analogs are of
special interest in fuel cell technology due to their enhanced hydropho-
bicity and thermo-oxidative stability. However, the number of main chain,
fluoro-block copolymers are few because fluorous monomers cannot read-
ily be polymerized by living ionic polymerization [152] or pseudo-living
radical polymerization [153–156]. One approach, however, is to first synthe-
size halogen-terminated, low molecular weight fluoropolymers by means of
telomerization, which are then used to initiate ATRP of a non-fluorinated
monomer. For example, telomerization of vinylidene difluoride in the
presence of BrCF2CF2Br provides α,ω-dibrominated poly(vinylidene di-
fluoride) (PVDF), which is subsequently used to initiate the ATRP of
styrene to form PS-b-PVDF-b-PS triblock copolymers [156]. This α,ω-
dibrominated PVDF oligomer (Mn = 1200 Da) was also used to prepare
block copolymers of polysulfone-b-PVDF [158] by condensation polymer-
ization, and subsequently sulfonated to prepare proton conducting mem-
branes (Scheme 7) [159]. TEM analyses of sulfonated polysulfone homopoly-
mer (SPSU) and sulfonated block copolymer (SPSU-b-PVDF) membranes
(Fig. 10) show the presence of ionic aggregates. The size of the aggregates
is smaller in the block copolymer (∼7 vs ∼11 nm) for the high IEC poly-
mers. Ionic aggregates are also observed for low IEC polymers (Fig. 10c and
d) but in addition to small aggregates the block copolymer possesses larger
regions of ionic aggregation, similar to those reported for polymer blends of
sulfonated polymers [160]. It appears that these 50–200 nm size domains are
the result of gross phase separation of ionic and nonionic regions. However, it
should be noted that the micrographs illustrated are measured under vacuum
with the membrane in its dehydrated state, while transport properties such as
conductivity are measured in their hydrated state.

PVDF, terminated with trichloromethyl groups and prepared by telom-
erization of VDF, has been used to initiate the ATRP of styrene, methyl
methacrylate, methyl acrylate, and butyl acrylate to form various diblock
copolymers [161]. The drawback of the telomerization approach is the low
molecular weight of the fluoropolymer segments produced (2500 g mol–1),
which are too small in comparison to the non-fluorous segments for the
block copolymers to take on fluoropolymer characteristics. In order to
address this, chain transfer polymerization of fluoromonomers has been
used to obtain higher molecular weight, halogen-terminated fluoropoly-
mers. In one example, vinylidene difluoride (VDF) and hexafluoropropylene
(HFP) were copolymerized by emulsion copolymerization in the presence of
a halogenated chain transfer agent. This gave poly(VDF-co-HFP) possessing
halogenated termini by chain transfer polymerization, which were subse-
quently used to initiate the ATRP of vinylic monomers [162]. Fluoropolymer
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Scheme 7 Synthesis of sulfonated polysulfone-b-PVDF

macroinitiators were used to initiate the ATRP of styrene and form P(VDF-co-
HFP)-b-PS diblock copolymers. Post-sulfonation yields a proton conducting
polymer (Scheme 8) [163]. Partially sulfonated polymers exhibited two Tg



Structural and Morphological Features of Acid-Bearing Polymers 83

Fig. 10 TEM micrographs of polymer membranes. a SPSU (IEC = 1.55); b SPSU-b-PVDF
(IEC = 1.62); c SPSU (IEC = 0.83); d SPSU-b-PVDF (IEC = 0.78) [159]

Scheme 8 Synthesis of P(VDF-co-HFP)-b-SPS diblock copolymer
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values corresponding to the P(VDF-co-HFP) block (–34 to –43 ◦C) and the
sulfonated polystyrene block (86 to 166 ◦C), respectively. The Tg of sulfonated
polystyrene increases with increasing degree of sulfonation, while the Tg of
the fluorous block decreases.

The morphology of ionic, fluorous block copolymers was characterized by
TEM (Fig. 11). No distinct ion domains are observed for membranes pos-
sessing low degrees of sulfonation (DS) (12 mol %, IEC = 0.26 mmol g–1). No
clear phase separation is observed for a membrane possessing a degree of sul-
fonation of 17%. With increasing DS (20–40 mol %), a distinct morphology
develops as observed in Fig. 11B–D. Ordered, connected ionic channels are
observed that possess 20–40-nm interdomain spacings and width 8–15 nm.
TEM indicates that the network is three-dimensional. Upon traversing the se-

Fig. 11 TEM images of P(VDF-co-HFP)-b-SPS block copolymer membranes: A DS, 12%;
IEC, 0.23 mmol g–1; B DS, 22%; IEC, 0.62 mmol g–1; C DS, 32%; IEC, 0.89 mmol g–1; D DS,
40%; IEC, 1.08 mmol g–1; E DS, 49%; IEC, 1.31 mmol g–1; F DS, 100%



Structural and Morphological Features of Acid-Bearing Polymers 85

ries of membranes with increasing DS, a disruption in ordered morphology
is observed (see Fig. 11E,F). For membranes with 100% DS, the interface be-
tween ion channels and the hydrophobic matrix is less sharp and the ionic
domains aggregate, tending toward disordered structures.

3.1.3
Graft Copolymer PEMs

Graft copolymers are a special case of block copolymer and are character-
ized as possessing blocks of one or more species connected to the main chain.
These blocks are derived from a different species of monomer than those that
make up the main chain. Of the graft copolymers studied in the form of pro-
ton conductive membranes, the most extensively studied are those formed
by radiation-grafting styrene monomer onto/into matrices with subsequent
sulfonation of polystyrene [46]. The grafting and sulfonation processes intro-
duce ionic conductivity while maintaining the desirable mechanical integrity
associated with the base polymer. The process uses prefabricated commer-
cial films and thus circumvents difficulties in obtaining thin films of uniform
thickness. Parameters such as cross-link density and membrane thickness
can also be controlled. Although ion clusters are observed by SAXS [164],
and TEM and AFM images show that phase separation occurs in the order of
100–250 nm [165], systematic studies of the effect of molecular structure on
morphology are not fully developed.

In the context of acid-bearing polymers, graft copolymers, in which ionic
polymer grafts are attached to a hydrophobic backbone, are useful model sys-
tems for studying structure–property relationships, especially if the length
of the graft and the number density of graft chains can be controlled. The
length of the graft chain has the potential to influence the size of ionic
domains, whereas the number density of graft chains determines the num-
ber of ionic domains per unit volume. Collectively, the size and number
density of ionic aggregates/clusters are expected to control the degree of
connectivity between ionic domains. Nevertheless, examples of controlled
graft copolymers bearing an acid functionality are relatively few, because of
the limited synthetic capabilities of preparing “living” sulfonic acid-based
monomers and the lack of suitable strategies for their incorporation. Method-
ology has been reported to synthesize ion-containing polymers in which
poly(styrene sulfonic acid) (PSSA) graft chains are attached to a hydrophobic
polystyrene (PS) backbone [166, 167]. In this method, poly(sodium styrene
sulfonate) (PSSNa) consisting of 32 repeat units and possessing a poly-
dispersity index of 1.25 was prepared by stable free radical polymeriza-
tion (SFRP). “Living” chains of PSSNa were terminated with DVB to form
PSSNa macromonomers (macPSSNa), which were subsequently copolymer-
ized with styrene to form PS-g-macPSSNa graft copolymers, as illustrated
in Scheme 9.
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Scheme 9 Synthesis of PS-g-macPSSNa graft copolymers

TEM analyses of the graft copolymer membranes show ionic domains
5–10 nm wide that are visibly connected to yield a continuous network. Fig-
ure 12 shows that the ionic network is developed to a greater extent as the ion
content is increased. Micrographs of random copolymer membranes show
little evidence of microphase separation.

Several variations on this theme of polymer design have been reported.
In one example, the length of the ionic graft in PS-g-macPSSA polymers was
also shown to exert an influential role on the membranes’ morphology [168].
Membranes incorporating longer ionic side chains (i.e., graft chains pos-
sessing degrees of polymerization of 17, 29, 62, and 102) phase separate to
a greater extent for a given ionic content. Membranes possessing long graft
chains and low ion contents, where there is insufficient ion content to form
an extensive network, possess isolated ionic domains as shown in Fig. 13a.
However, with increasing ionic content a continuous aqueous/ionic network
is formed (Fig. 13b). A recent addition to the area of graft copolymer PEMs
is composed of a partially fluorinated polyarylene backbone to which has
been grafted polystyrene side chains [169]. TEM analysis of this material
has shown a number of different morphologies. These morphologies range
from wormlike at low grafting density to cylindrical at high grafting density.
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Fig. 12 TEM micrographs of PS-g-macPSSA graft copolymer membranes possessing ion
contents of a 19.1 mol %, b 11.9 mol %, and c 8.1 mol %, and d a random copolymer
membrane (PS-r-PSSA), ion content 12.0 mol % [166]

Not surprisingly, higher conductivity values are observed with increasing side
chain content.

3.2
Proton Conductivity

Proton conductivity is often the first characteristic considered when evalu-
ating membranes for fuel cell application. Proton conductivity is dependent
on chemical structure, morphology, equivalent weight (EW = 1000/IEC, IEC:
ion-exchange capacity), water content, and temperature. Conductivities and
water content of fully hydrated ETFE-g-PSSA, PTFSSA, SSEBS, Nafion®, and
BPSH membranes (see Schemes 2 and 3) as a function of EW are shown
in Fig. 14a and b, respectively. Since EW and water content are correlated,
plots of conductivity versus water content yield similar trends to plots of con-
ductivity versus EW, as shown in Fig. 14c. Data for ETFE-g-PSSA, PTFSSA,
SSEBS, and Nafion® membranes measured at room temperature are reported
in references [138, 170] and [171], respectively. Data for BPSH membranes
at 30 ◦C are taken from references [97] and [137]. Morphology, conductiv-
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Fig. 13 TEM images of PS-g-macPSSA membranes as a function of graft length (de-
grees of polymerization of macPSSA provided in parentheses) for a low and b high ion
content (given as mol%). (a1) PS-g-macPSSA(21), 8.1 mol %; (a2) PS-g-macPSSA(32),
8.1 mol %; (a3) PS-g-macPSSA(102), 8.6 mol %; (b1) PS-g-macPSSA(21), 16.6 mol %; (b2)
PS-g-macPSSA(32), 14.8 mol %; (b3) PS-g-macPSSA(102), 13.2 mol % [57]

ity, and water uptake of BPSH membranes are reported to be dependent on
the method of acidification, while these same properties for Nafion® 1135
membrane are independent of the method. For comparison with other mem-
branes, proton conductivity and water uptake data for BPSH membranes
treated using “method 1” are used, because this is similar to the method
used to treat ETFE-g-PSSA, PTFSSA, and SSEBS membranes [138, 170]—i.e.,
soaked in sulfuric acid for 48 h to ensure complete protonation, and stored in
Milli-Q water for at least 24 h prior to use.

Values of proton conductivity of ETFE-g-PSSA, Nafion®, PTFSSA, and
BPSH membranes are strongly dependent on EW (Fig. 14a). The conduc-
tivity of Nafion® and PTFSSA membranes maximizes at intermediate EWs,
while the conductivity of ETFE-g-PSSA and BPSH membranes increases with
decreasing EW. ETFE-g-PSSA membranes possess an exceptionally high con-
ductivity. Compared to ETFE-g-PSSA membranes, a moderate conductivity
can be achieved for Nafion®, PTFSSA, and BPSH membranes by adjusting
the EW of the membrane. However, based on the conductivity–EW rela-
tionship for SSEBS membranes, the maximum conductivity obtained is only
∼0.05 S cm–1, and this is much lower than that of other membranes.

In Fig. 14b, water contents are shown to range from 86 to 26%, 81 to 28%,
62 to 45%, 44 to 11%, and 60 to 11% for PTFSSA, SSEBS, ETFE-g-PSSA,
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Fig. 14 Plots of proton conductivity, water content, and EW for various membranes.
a Conductivity vs EW; b water content (wt%) vs EW; c conductivity vs water content
(wt%)
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Nafion®, and BPSH membranes, respectively. Water contents vary consid-
erably but generally decrease with increasing EW as expected. Compared
to Nafion® membranes, ETFE-g-PSSA, BPSH, PTFSSA, and SSEBS are able
to support large contents of acid functionality (low EW) and take up large
masses of water without dissolution. Even though the perfluoro structure
is very hydrophobic, such high ion content and water content cannot be
achieved with Nafion® without dissolution of the membranes. In the low EW
range, water content in PTFSSA and BPSH increases rapidly with decreasing
EW, while water content in ETFE-g-PSSA and SSEBS increases much more
slowly with decreasing EW.

As illustrated in Fig. 14c, the conductivity of Nafion® and PTFSSA mem-
branes maximizes at intermediate water contents, while the conductivity
increases with increasing water content for ETFE-g-PSSA and BPSH mem-
branes, and the conductivity is relatively independent of water content for
SSEBS membranes. A plot of conductivity versus H2O/SO3

– ratio (λ, the
number of water molecules per fixed ion site) is shown in Fig. 15. Large
values of λ (>100) are exhibited by low EW PTFSSA and SSEBS membranes.
These values are much larger than those of the ETFE-g-PSSA series mem-
branes, even though low EW ETFE-g-PSSA membranes possess water con-
tents up to 62%. Low EW PTFSSA and SSEBS membranes imbibe relatively
large amounts of water such that the ion groups are significantly diluted.
Nafion®, BPSH, and ETFE-g-PSSA membranes possess exceptionally low EW
and hence the dry membranes possess high concentrations of sulfonic acid
groups. Even though ETFE-g-PSSA membranes imbibe a significant mass of

Fig. 15 Plot of conductivity versus H2O/SO3
– ratio for various membranes. Inset: ex-

panded view
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water (up 62%), this value is lower than anticipated based on water content–
EW relationships observed for other membranes, e.g., PTFSSA, SSEBS, BPSH,
and Nafion®. ETFE-g-PSSA membranes are prepared from preformed hy-
drophobic membranes (ETFE) by the incorporation of polystyrene and its
subsequent sulfonation. The base ETFE membrane limits the extent to which
water is imbibed. The volume of water imbibed by ETFE-g-PSSA is significant
but offset by the initial high ionic content of the material, so that the λ ratios
are very much lower than those of low EW PTFSSA and SSEBS membranes,
and comparable to Nafion® and BPSH membranes.

The conductivity of ETFE-g-PSSA and BPSH membranes increases with
λ indicating that additional water per ion group assists proton conduction.
This is interpreted to mean [138] that the membranes are “water poor” in
the context of ion conductivity (because λ values are low). The conductiv-
ities of the SSEBS membranes appear less sensitive to λ even though their
values range from 24 to 147. The PTFSSA series yields a different trend: the
conductivity increases with λ for 735, 542, and 509 g mol–1 EW membranes
indicating that they can be classified as being water poor, i.e., an increase
in water content (by virtue of lowering the EW) leads to an increase in con-
ductivity. However, in traversing the series 509, 455, 436, and 407 g mol–1

EW, conductivity first decreases with λ and then becomes independent of
this ratio in a manner exhibited by the SSEBS series of membranes. Nafion®
membranes show a similar trend to PTFSSA membranes but the EWs avail-
able are not sufficiently low, and thus λ is not sufficiently high to observe
this leveling off effect: the conductivity increases with λ for 1500, 1350, 1200,
1100, and 980 g mol–1 EW membranes, while in traversing the series 834 and
785 g mol–1 EW, conductivity decreases with λ.

There are difficulties in attempting to correlate proton conductivity with
water content. These include: the very high conductivity of ETFE-g-PSSA
membranes; the absence of an effect of λ on the conductivity of SSEBS mem-
branes; and the volcano-type curves exhibited by Nafion® and PTFSSA mem-
branes for plots of conductivity versus EW, water content, and λ. More insight
into these anomalies is obtained when the overall proton concentration in
the water-swollen membranes is taken into consideration (Fig. 16). PTFSSA
membranes exhibit a volcano-type curve in which the maximum conduc-
tivity correlates to the intermediate EW membranes. Choosing PTFSSA 509
(54% H2O) as a reference point, it is apparent that the lower EW PTFSSA
membranes possess a lower conductivity even though their water content is
higher. This is interpreted to mean that the low EW PTFSSA membranes are
“water rich”; membranes of lower EW possess lower conductivity simply be-
cause their acid concentration is diluted. The leveling-off effect observed for
plots of conductivity versus λ for low EW PTFSSA membranes (Fig. 15) is ex-
plained on the basis that increasing the acid content of the dry membrane
by lowering the EW is offset by an increasing dilution of the acid. In con-
trast, upon traversing the series PTFSSA 509–735, the conductivity decreases
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Fig. 16 Plot of conductivity versus [H+] for various membranes

even though [H+] increases; however, the conductivity is very sensitive to wa-
ter content in this regime, suggesting that these membranes are water poor
from the perspective of optimizing conductivity. As EW is increased, [H+]
increases due to a disproportionate decrease in water uptake. The conduc-
tivity is compromised due to low water content and the diminishment of
a hydrophilic, ion conductive network.

The [H+] of SSEBS membranes does not vary significantly even though
their EWs and water contents do. This is presumably due to similar rea-
sons given for PTFSSA membranes; the increased acid content of the dry
membrane obtained for lower EW membranes is offset by an increasingly
disproportionate water uptake that effectively dilutes the acid. Unlike PTF-
SSA, SSEBS membranes do not exhibit a maximum in conductivity. This may
be due to the limited data set and the relatively lower elasticity of the base
polymer, which enables the membranes to imbibe a large amount of water.
The SSEBS 684 membrane is most likely water rich, as evidenced by its high
λ, and its conductivity is likely determined largely by its acid concentration.
SSEBS 887 and 1062 possess 49 and 28% water, respectively, and are judged to
be water poor. From the structures of the base polymers, it is presumed that
the SSEBS membranes possess a lower internal elastic force than the polymers
constituting the PTFSSA membranes; as a result, for a given acid concentra-
tion in the dry membrane, SSEBS membranes swell to a greater extent when
exposed to water. This would explain why the corresponding acid concen-
tration and hence proton conductivity of the swollen SSEBS membranes is
lower.

For Nafion® membranes, a linear relationship between conductivity and
ionic concentration is realized. The [H+] of the ETFE-g-PSSA membranes
is comparatively larger than those of PTFSSA and SSEBS membranes, and
similar to Nafion®. However, the water content and λ for ETFE-g-PSSA mem-
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Fig. 17 Proton conductivity of SPS and PTFSSA

branes are larger than for Nafion® and thus proton conductivity is enhanced.
The high [H+] and adequate λ for ETFE-g-PSSA membranes explain their
high conductivity. Even so, these membranes are water poor, as judged by the
fact that conductivity increases with λ.

As described previously, Nafion® membranes exhibit much higher proton
conductivity than any other aliphatic and aromatic PEMs bearing similar ion
content due to the special chemical structure and morphology. Partially sul-
fonated polystyrene (SPS) and PTFSSA have the same backbone except PTF-
SSA possesses a fluoropolymer backbone. The dependence of proton conduc-
tivity on EW for SPS at 22 ◦C [172] and PTFSSA [138] membranes is shown
in Fig. 17. The conductivities of the fluorinated block copolymer P(VDF-co-

Fig. 18 Conductivity of P(VDF-co-HFP)-b-SPS, SSEBS, and SSIBS
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HFP)-b-SPS [163] and non-fluorinated block copolymers SSEBS [138] and
SSIBS [173] are shown in Fig. 18. It can be concluded that fluorous structures
generally enhance the conductivity of PEMs. Also, as can be inferred from
Fig. 17, fluorous polymers can be prepared with lower EWs without dissolu-
tion in water due to the increased hydrophobicity of the backbone. The higher
conductivity is most likely due to the decrease in swelling, the concomitant
increase in [H+], and an increased hydrophilic network.

3.2.1
Effect of Polymer Microstructure and Morphology

SPSU-b-PVDF membranes (Scheme 7) may be compared with SPSU mem-
branes in order to examine the effect of fluoropolymer blocks on membrane
morphology and proton conductivity [159]. Proton conductivity is illustrated
in Fig. 19. In the low IEC regime, SPSU-b-PVDF copolymers exhibit a con-
ductivity up to four times greater than that of the corresponding homopoly-
mers. As IEC is increased the conductivity of the homopolymer and block
copolymer increases, but the difference in conductivity between the two se-
ries diminishes. At the highest IEC examined the effect of the fluoropolymer
block is negligible. Water contents and λ values ([H2O]/[SO3H]) are simi-
lar for both polymers at a given IEC. The enhancement in conductivity of
the block copolymers is suggested to be due to an enhancement of the ionic
network. For higher IEC membranes, where both the concentration of acidic
sites and λ values are also much higher and the network of ions more fully
formed, the presence of the relatively small fluoropolymer segment is less
influential.

Fig. 19 Dependence of proton conductivity on IEC for SPSU and SPSU-b-PVDF mem-
branes. 30 ◦C, 95% relative humidity
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Fig. 20 Ionic conductivity versus ionic block length for BDSA/NTDA/ODA copolymers
(Scheme 3k) with x/y = 30 : 70

In another example of the importance of polymer microstructure, the vari-
ation of proton conductivity of BDSA/NTDA/ODA copolymers (Scheme 3k)
with ionic sequence length is shown in Fig. 20 [143], where an ionic length
of “1” represents a statistical copolymer. Water uptake for copolymers with
different ionic block lengths (block lengths in brackets) are: (1) 39.3%,
(3) 40.6%, (5) 44.3%, and (9) 69.3%. Corresponding λ ([H2O]/[SO3H]) values
are 17, 18, 20, and 30. Proton conductivity does not linearly relate to water
uptake in the polymers, and this may reflect a secondary influence of proton
concentration in the hydrated membranes.

Membranes consisting of sequenced sulfonated naphthalenic polyimides
(ionic block length of 5) also exhibit higher conductivity and λ values

Fig. 21 Comparison of proton conductivity of PS-r-PSSA and PS-g-macPSSA copolymer
membranes as a function of ion content
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than membranes prepared from analogous random copolymers [53]. The
difference in conductivity between sequenced and random polymers de-
creases as IEC increases [53], as observed for SPSU-b-PVDF block copoly-
mers. In similar work, sequenced copolymers of NTDA, ODA, and 9,9-bis(4-
aminophenyl)fluorine-2,7-disulfonic acid (BAPFDS), in which the ionic block
length is 2, are reported to exhibit higher proton conductivity than random
copolymers [54]. Increased phase separation is suggested as the explana-
tion [53, 54].

The effect of incorporating ionic groups in graft chains, as opposed to ran-
domly along the main chain, can be observed by comparing the properties
of PS-g-macPSSA membranes to those based on PS-r-PSSA membranes. As
observed in Fig. 21, the graft structures exhibit a significantly higher conduc-
tivity as a function of ion content even though the water contents are much
lower. PS-g-macPSSA membranes use their associated water more effectively
to transport protons [167].

Membranes based on PS-g-macPSSA copolymers incorporating longer
ionic side chains, i.e., graft chains possessing degrees of polymerization of
102, exhibit very poor proton conductivity when the ion contents are low
(fewer graft chains per unit length of main chain) (Fig. 13a) because the
polymers are below the percolation threshold for ion conduction. However,
when the percolation threshold is reached and exceeded with increasing ionic
content (Fig. 13b) both water uptake and proton conductivity are signifi-
cantly enhanced compared to membranes prepared from short graft PS-g-
macPSSA polymers. The relationship between proton conductivity and IEC
and the effect of the ionic chain length is illustrated by the plot shown
in Fig. 22 [168].

Fig. 22 Proton conductivity of PS-g-macPSSA (DP) polymer membranes as a function of
ion content (mol% styrene sulfonate, SS)
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3.2.2
Effect of Pretreatment and Casting Solvents

Conductivity and water uptake of BPSH membranes (Scheme 3b) prepared
using different treatments for acidification are shown in Fig. 23 (redrawn
from references [137] and [174]). Membranes boiled in sulfuric acid exhib-
ited an increase in connectivity of the hydrophilic domains, and consistently
exhibited a higher water sorption capacity and greater proton conductivity
than membranes possessing isolated hydrophilic domains (i.e., those treated
with acid at 30 ◦C). From trends in water uptake, the percolation threshold
of BPSH membranes treated by method 2 was shifted to a lower degree of
disulfonation (from ∼50 down to 35%).

Fig. 23 Conductivity and water uptake of BPSH membranes treated by different methods.
Method 1, boiling in sulfuric acid; method 2, treated with acid at 30 ◦C
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Pozio and coworkers [175] studied the proton conductivity of solution-cast
Nafion® membranes, and compared the data to those obtained from commer-
cial Nafion® 112 and Nafion® 115 membranes. Membranes were cast under
the conditions listed in Table 3. Process 01, process 02, and process 03 rep-
resent the different methods used to obtain Nafion® powder. In process 01,
a commercial 5 wt % dispersion of Nafion® 117 in low aliphatic alcohols
was used to cast a membrane. An alcohol-free Nafion® 117 dispersion was
prepared using an azeotropic distillation, the concentrated dispersion was
neutralized with 0.1 M NaOH solution, the solution was heated at 60 ◦C to re-
move solvent, and Nafion® powder was ball-milled to form a fine powder. In
process 02, as-received Nafion® 112 membranes in their protonic form were
heated in a mixture of ethanol/water at 250 ◦C to prepare a dispersion. An
alcohol-free Nafion® dispersion was prepared by distillation, the dispersion
was neutralized with 0.1 M NaOH solution, heated at 60 ◦C to remove sol-
vent, and the resulting Nafion® powder was ball-milled. Process 03 consisted
of the same procedure but, in contrast to process 02, membranes were neu-
tralized with 0.1 M NaOH prior to dissolution. In order to form cast films,
PFSI powder was mixed with the solvents listed in Table 3, sonicated, and
the homogeneous dispersion placed into petri dishes. DMF–PFSI dispersions
were heated at 165 ◦C; DMSO and EG dispersions were heated at 180 ◦C.
Dried, cast films were re-acidified using boiling nitric acid (20 wt %) followed
by two boiling water treatments.

The EW (g mol–1) and hydrated thicknesses were 1020 and 55 µm for N112,
1079 and 149 µm for N115, 985 and 54 µm for EG01, 1057 and 60 µm for
DMSO01, 1030 and 96 µm for DMF01, 1049 and 80 µm for DMF02, and 1000
and 96 µm for DMF03. Figure 24 shows a plot of proton conductivities at
25 ◦C. Although it was reported that an increase of thickness correlates with
an increase in conductivity [176, 177], considering the conductivity data on

Table 3 Precursors, solvents, and temperature used for obtaining solution-cast Nafion®
membranes

Sample Nafion® precursor Casting Heat treatment
solvent (◦C, min)

N112 Nafion® 112 commercial membrane – –
N115 Nafion® 115 commercial membrane – –
EG01 Nafion® 117 commercial dispersion—process 01 EG 180, 90
DMSO01 Nafion® 117 commercial dispersion—process 01 DMSO 180, 90
DMF01 Nafion® 117 commercial dispersion—process 01 DMF 165, 90
DMF02 Nafion® process 02 DMF 165, 90
DMF02 Nafion® process 02 DMF 165, 90
DMF03 Nafion® process 03 DMF 165, 90
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Fig. 24 Conductivities (dark bars) at 25 ◦C and water uptake (open bars) of solution-cast
Nafion® membranes and Nafion® 112 and 115 (redrawn from [175])

a relative basis, the results indicate that different casting solvents promote
different conductivity and water sorption values for recast Nafion® mem-
branes. Data for membranes obtained using process 01 show the following
trend in conductivity: DMF > EG > DMSO; only DMF provided membranes
with a conductivity value comparable to that of commercial membranes. It
was suggested that the Nafion®–solvent interaction plays a strong role in
determining the outcome of the membranes’ properties, and solvents with
lower boiling point (i.e., near to the Tg of Nafion®) are preferred. Conduc-
tivity is correlated to water uptake, rather than simply EW. It was hypoth-
esized that a continuum of ion clusters absorbs more water than isolated
clusters. Samples DMF02 and DMF03, prepared by dispersing Nafion® 112
membranes, possess conductivities similar to that of Nafion® 115, which
indicates that process 02 and process 03 lead to morphologically different re-
cast membranes than those obtained from commercially available dispersions
(process 01). In related research, Zanderighi et al. [121] report that aque-
ous dispersions of Nafion® provide membranes that absorb more water than
commercial dispersions of Nafion® and have equal and/or higher proton con-
ductivity.

The importance of the choice of casting solvent on membrane proper-
ties is also evident in studies of proton conductivity of sulfonated poly-
styrene-block-(ethylene-co-butylene)-block-sulfonated polystyrene (SSEBS)
(Scheme 2c) membranes prepared from different compositions of mixed
casting solvents (MeOH/THF) (Fig. 25). For example, the conductivity of
SSEBS membranes possessing a degree of sulfonation (DS) of 27 mol % in-
creases with an increasing fraction of methanol in the solvent mixture. For
membranes with a DS of 42 mol %, the proton conductivity increases with
concentration of methanol fraction and levels off at higher volume fraction.
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Fig. 25 Proton conductivities of SSEBS membranes with degrees of sulfonation of 27 and
42% cast from MeOH/THF mixtures (redrawn from [149])

In contrast, membranes possessing a DS of 8% had conductivities that did
not vary with methanol content (not shown in this figure). These data are ex-
plained on the basis of a morphological change upon increasing the methanol
content of the casting solvent.

3.2.3
Proton Transport

Rationalizing proton conductivity with membrane parameters such as EW
(IEC), water content, λ, and [H+] is not trivial, especially when considering
such a diverse group of membranes. Proton conduction in ionic membranes
has also to be viewed in the context of ionic clustering and phase separa-
tion between hydrophilic and hydrophobic domains, and issues of acidity
(pKa), as pointed out in a recent review [134]. In PEMs, ionic conductiv-
ity occurs within the continuity of hydrophilic domains: protons dissociate
from their conjugate base, are solvated, and mobilized by water. The gen-
eral picture of proton transport in PEMs is such that the majority of solvated
protons are located in the central region of a hydrated hydrophilic nanochan-
nel. Water in this region is bulk-like (except for low degrees of hydration),
and mechanisms of local proton transport are similar to those found in bulk
water [134, 178].

In bulk water, protons exist in interchangeable charged clusters of water:
the hydronium ion H3O+; the hydrated hydronium ion (the Eigen cluster)
H9O4

+ [179]; and the Zundel ion [179], H5O2
+. Many intermediate or more

complex states of the “hydrated proton”, H+(H2O)n, can also be envisaged,
but the three listed have been observed spectroscopically [181] and ratio-
nalized theoretically [182]. All have a finite lifetime and interconvert. Proton
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transfer occurs via different pathways dependent on the relative abundance of
these three basic states [183].

In PEMs, proton transport properties are determined by the degree of con-
finement of water within the hydrophilic domain and the interaction of this
water with the acidic functional groups. Confinement of water in PEMs can
be considered on both a molecular and macroscopic scale. On the molecu-
lar level, for low water contents (small λ values), bulk-like water is largely
absent and the water that exists is strongly bound to the ions present in the
membrane. This leads to a decreased dielectric constant and reduced rate of
hydrogen bond formation and bond breaking. Since the latter controls pro-
ton transport, the rate of proton transport is reduced by the confinement
of water. With increasing degree of hydration, the properties of the water
confined in the membrane approach those of bulk water. On a macroscopic
scale, hydrated PEMs are heterogeneous systems. Since excess protons origi-
nate from immobile acidic functionality, they remain located in the vicinity
of the counterion. The distribution of protonic charges in these regions and
the corresponding electrostatic potential distribution is controlled by (1) the
chemical interaction of the proton with the anion, (2) the local dielectric con-
stant of the solvating water, and (3) the spatial separation of the immobile
acid anions, which is usually on the order of 0.6–0.9 nm [184]. The associa-
tion energy increases with decreasing acidity, decreasing dielectric constant,
and increasing separation of the acidic functions. The restriction of proton
transport to only the hydrophilic domains in a PEM also reduces protonic
transport coefficients due to the reduced volume fraction.

Compared to Nafion®, a stronger confinement of water in the narrow
channels of the sulfonated aromatic polymers leads to a significantly lower
dielectric constant of the waters of hydration (20 compared to 64 in fully hy-
drated Nafion® [185, 186]). Of particular relevance to macroscopic models
are the diffusion coefficients of water. As the amount of water sorbed by the
membrane increases and molecular-scale effects are reduced, the properties
approach those of bulk water on the molecular scale. Figure 26 shows the
trend in proton mobility, Dσ , and water self-diffusion, DH2O, for Nafion® and
the sulfonated polyetherketone membrane [134].

For high water volume fractions the extent of percolation in the hydro-
philic domain appears similar for both polymer membrane systems, and
since the water–polymer ion interaction is small in this regime, the water
self-diffusion coefficients (DH2O) are comparable (Fig. 26). With decreasing
water volume fraction, the water diffusion coefficient decreases more rapidly
in sulfonated PEEKK (Scheme 3c) compared to Nafion®. The mobility of
protonic charge carriers (Dσ ), as obtained from conductivity data via the
Nernst–Einstein relationship assuming full dissociation of the sulfonic acid
functional groups, shows a similar behavior since this is approximately re-
lated to the water diffusion coefficient (Fig. 26). At very high water contents,
however, Dσ is higher than DH2O indicating the influence of intermolecular
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Fig. 26 Water self-diffusion coefficient (DH2O) and proton mobility (Dσ ) as a function of
the water volume fraction in Nafion® and sulfonated polyetherketone [134]

proton transfer on the mobility of protonic charge carriers—as in the case of
dilute aqueous solutions of acids [183, 187, 188]. At very low water contents,
the opposite is true. As a result of the decreasing degree of dissociation of the
acidic functional group and the decreased dielectric screening of the coun-
terion, the protons are more localized in the vicinity of the polymer-bound
counterion, which leads to a larger decrease of Dσ compared to DH2O with
decreasing water volume fraction. While this effect is negligible for Nafion®,
it is quite pronounced in sulfonated PEEKK and is believed to be due to the
higher pKa of the acidic functional group and the lower dielectric constant
of the water of hydration, which allows only for a weak dielectric screen-
ing of the negative charge of the sulfonic acid anion. The different extents
of hydrophilic networks and differences in localization of protons are used
to explain why the proton conductivity in sulfonated aromatic polymers de-
creases much more rapidly with decreasing hydration levels than in the case
of Nafion® [178].

Proton diffusion coefficients for ETFE-g-PSSA membranes (Scheme 2e)
have been calculated and compared to those of Nafion® 117 (Fig. 27) [189] as
well as PTFSSA (Scheme 2h) [190]. Fully hydrated ETFE-g-PSSA and PTFSSA
membranes exhibit much higher proton diffusion coefficients than hydrated
Nafion® 117 due to their high water content. This is in agreement with the
higher conductivities observed for fully hydrated ETFE-g-PSSA and, in gen-
eral, PTFSSA membranes (Fig. 14). However, when proton diffusion coeffi-
cients are compared where the three polymer series overlap (e.g., Xv = 0.1–
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Fig. 27 Proton diffusion coefficients of ETFE-g-PSSA (Scheme 2e) and Nafion® 117 mem-
branes as a function of water volume fraction, Xv

0.4), Nafion® 117 generally possesses a significantly higher diffusion coeffi-
cient from which it can be inferred that in this water volume fraction regime,
the network of the hydrophilic domains in Nafion® 117 is more extensive than
in either ETFE-g-PSSA or PTFSSA (1.96–2.46). Interestingly, however, the dif-
fusion coefficients for PTFSSA (1.36 and 1.86) are actually higher than for
Nafion® 117 although the origin for this is not clear. The transport of protonic
charge carriers is often inherently correlated to the transport of water. The
relationship between polymer structure, morphology, and water transport is
discussed in the following section.

3.3
Water Management

Water management refers to the many different issues associated with main-
taining an appropriate water balance in an operating fuel cell. From the
perspective of PEMs, it includes preventing the anode and membrane from
dehydrating, and the cathode from flooding. Most studies related to water
management in fuel cells are primarily engineering-based and include (1) the
design of new gas flow field channels with improved differential pressure loss,
(2) the design of new gas diffusion layers (GDLs) to help remove excess water
from the cathode to prevent flooding, (3) humidification of the anode to pre-
vent it from drying out, and (4) using a differential pressure to help transport
excess water from the cathode to the anode. An understanding of water trans-
port through PEMs is essential in order to control water transport and fluxes
and help maintain the membrane in a hydrated state.
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3.3.1
The Nature of Water in PEMs

An understanding of water sorption behavior in membranes is an important
area of research in PEMFCs. Water initially taken up by dehydrated mem-
branes serves to solvate the SO3

– and H+ ions [191]. Water uptake in excess of
6H2O/SO3

– is believed to swell ion-rich clusters, thereby increasing the mo-
bility of the protons [192]. Early research on hydrated Nafion® membranes by
FTIR revealed three types of water: non-hydrogen-bonded water (3714 cm–1),
partially hydrogen-bonded water (3668 cm–1), and hydrogen-bonded water
(3524 cm–1) [193]. More recent studies, based on calorimetry and gravime-
try [194], categorize the state of water in PEMs as belonging to one of three
types: (1) free water, water that is not intimately bound to the polymer chain
through ion–water interactions and exhibits the same freezing and melting
transitions as bulk water; (2) freezable, loosely bound water, water that is
weakly bound to the polymer chain or interacts weakly with nonfreezable wa-
ter and exhibits a shift in freezing/melting transitions with respect to bulk
water; and (3) nonfreezable water, water that is strongly bound to the poly-
mer chain through solvation effects, and which shows no detectable phase
transition over the range of temperatures normally associated with bulk wa-
ter. DSC is a useful method for evaluating different types of water [195, 196].
NMR spectroscopy can be used to provide additional quantitative informa-
tion [197, 198].

Comparative data of λ for Nafion® 1135 and BPSH membranes meas-
ured using a combination of DSC and 1H pulse NMR are shown in Table 4.
For BPSH membranes with IEC < 1.3 mmol g–1, no free water is found. Hy-
drated Nafion® 1135 membrane exhibits a very high free water content com-
pared to BPSH membranes possessing IEC ≤ 2.0 mmol g–1, even though in
one instance BPSH membrane (IEC 2.0) has a much higher total λ than

Table 4 Comparative data of λ for Nafion® 1135 and BPSH membranes measured using
a combination of DSC and 1H pulse NMR [195]

λ

PEMs IEC Water Total Non- Loosely Free σ

(mmol g–1)uptake freezable bound water (S cm–1)
(%) water water

Nafion® 1135 0.9 33 20.2 2.2 13.1 4.9 0.11
BPSH 0.5 7 8.1 3.2 4.9 0 –

0.9 18 10.8 3.6 7.2 0 0.01
1.3 29 12.0 4.1 7.9 0 0.03
1.7 56 18.0 5.1 10.8 2.2 0.08
2.0 124 33.1 4.9 24.5 3.7 0.11
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Nafion® 1135 membrane. Nafion® 1135 membranes possesses a much higher
fraction of freezable water than BPSH membranes with similar total λ. This
property affects not only the proton conductivity of membranes but also
transport properties, such as the electroosmotic drag coefficient, and gas and
methanol permeability.

In the absence of 1H pulse NMR, DSC can only distinguish freez-
able water from nonfreezable water. Comparative data of λ (freezable and
nonfreezable) determined by DSC are listed in Table 5 for various mem-
branes. In complementary work [203], DTA measurements showed that
below about six molecules of water per equivalent, ion-containing polymers

Table 5 Comparative data of λ (freezable and nonfreezable) determined by DSC for var-
ious membranes

λ

PEMs IEC Water Total Non- Freezable σ Refs.
(mmol g–1)uptake freezable water (S cm–1)

(%) water

Nafion® 117 0.91 – 20.8 12.5–13.1 7.7–8.3 – [199]
Nafion® 117 0.97 36 20 11 9 0.09 [189]
ETFE-g-PSSA 2.13 69 22 13 9 0.15 [189]

2.50 111 24 12 12 0.17
3.27 186 28 12 16 0.20

PVDF-g-PSSA 0.30 6 9–11 9–10 – < 0.0001 [200]
0.90 22 9–15 9–10 – < 0.0001
2.01 90 25 11 14 0.108
2.26 143 35 11 24 0.107
2.55 139 30 10 20 0.117

PVDF-g-PSSA 2.78 130 30 11 19 0.130 [200]
5 mol % DVB 0.66 7 15 10 5 < 0.0001

2.53 62 13–15 8–10 – 0.045
2.95 59 21 8–10 – 0.068

PVDF-g-PSSA 2.29 114 28 11 17 0.100 [200]
5 mol % BVPE 2.51 112 29 12 17 0.077
Polysulfone 1.0 25 7 7 0 0.014 [201]

1.1 30 9 9 0 0.020
1.3 48 16 13 3 0.032

PAN-g-macPSSA 0.71 14 20 20 0 0.003 [202]
(16) 1.15 25 29 28.5 0.5 0.031

1.54 80 35 22 13 0.084
PAN-g-macPSSA 0.67 12 16 16 0 0.003 [202]
(106) 1.13 23 22 21 1 0.013

1.51 91 31 21 10 0.049
1.85 100 36 19 17 0.098
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poly(ethylene sulfonic acid), poly(styrene sulfonic acid), poly-2-acrylamido-
2-methylpropanesulfonic acid, and Nafion® do not exhibit a melting transi-
tion for water between –40 ◦C and ambient temperature.

Modeling and experimental validation indicate that membranes with
a higher content of freezable water possess a higher proton conductiv-
ity [204]. The fraction of freezable water generally decreases with de-
creasing ionic content, as does proton conductivity. This phenomenon is
a strong function of the polarity and flexibility of the polymer backbone, and
membrane-swelling capacity. ETFE-g-PSSA, PVDF-g-PSSA, PVDF-g-PSSA
cross-linked with 5 mol % BVPE and 5 mol % DVB, sulfonated polysulfone,
and Nafion® 117 contain ∼11 molecules of nonfreezable water per sulfonic
acid group, while polyacrylonitrile grafted with poly(styrene sulfonic acid)
(PAN-g-macPSSA) with different graft chains contains ∼20. This is probably
associated with the more hydrophilic backbone of the polyacrylonitrile struc-
ture. The swelling behavior of the polymers can be controlled with different
cross-linkers. Polymers that have higher densities of cross-links exhibit lower
water uptakes and possess smaller fractions of free water. Since water uptake,
membrane conductivity, and freezable water content are lower for cross-
linked membranes, a much higher grafting ratio (or ionic content) is required
to reach proton conductivities comparable in magnitude to non-cross-linked
membranes.

It is expected that mobile, freezable water significantly contributes to water
transport across the membrane. Protons are also expected to be more mobile
through free water than through highly polarized, nonfreezable water. The ac-
tivation energies for proton conduction through free water and nonfreezable
water are 0.15 and 0.5 eV, respectively [189, 205, 206]. Nonfreezable water may
still participate in proton conduction, as has been shown in studies of low
temperature proton conduction [189, 207]. No freezable water is detected for
samples where the total uptake is low. Investigations of Nafion® and ETFE-g-
PSSA membranes reveal that the fraction of freezable water approaches zero
at 85% RH. Nonfreezable water varies between 14 and 9 H2O/SO3

– for ETFE-
g-PSSA and ∼11 and 8 H2O/SO3

– for Nafion® 117 at humidities ranging from
100 to 85% RH. In circumstances where freezable water is absent, membrane
conductivity corresponds to transport through nonfreezable water, for ex-
ample, proton conductivities for Nafion® 117 and ETFE-g-PSSA at 85% RH
are 0.049 and 0.069 S cm–1, respectively [189].

3.3.2
Water Transport

Scheme 10 illustrates the different modes of water transport through PEM-
FCs. Electroosmotic drag (EOD) is characterized by protons that drag waters
of hydration as they traverse the membrane from anode to cathode. The pro-
duction of water at the cathode results in a gradient of water content across
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Scheme 10 Schematic drawing illustrating the modes of water transport in an operating
H2/O2 PEMFC

the membrane that can result in the back diffusion of water from cathode
to anode. The net water flux across the membrane is a combination of dif-
fusion and EOD. The associated drag coefficient, ndrag, specifies the number
of water molecules that are transported per proton from the anode to the
cathode. Therefore, the water diffusion coefficient and the EOD coefficient,
have a profound impact on fuel cell performance.

3.3.2.1
Diffusion of Water

Knowledge of the diffusion coefficient of water within a membrane is im-
portant for understanding the dynamics of water transport within PEMFCs.
The water self-diffusion coefficient (DH2O) for Nafion® and other membranes
has been determined by pulse field gradient NMR (PFG-NMR) [191, 199, 210–
213]. Values of DH2O in Nafion® 117, BPSH, and SPEEKK membranes as
a function of λ are shown in Fig. 28a, and as a function of IEC for BPSH
membranes in Fig. 28b. DH2O increases with increasing water content and
IEC. For high water contents (or high IEC), DH2O approaches the value of
pure water (2.3×10–5 cm2 s–1) [214]. The increase of DH2O with increasing
water content can be attributed to the higher volume fraction of free water.
Nafion® 117 exhibits a higher DH2O than BPSH and SPEEKK at low wa-
ter content, while at high water content, the DH2O values for Nafion® 117,
BPSH, and SPEEKK membranes are similar. As described previously, aro-
matic polymers are reported to confine water to narrow channels, which
leads to a significantly lower dielectric constant for water. As the amount
of water sorbed by the membrane increases these effects are reduced, and
the properties of water inside the membrane approach those of bulk wa-
ter. For high water volume fractions the water self-diffusion coefficients
(DH2O) are comparable (Fig. 28a). With decreasing water volume fraction,
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Fig. 28 DH2O in a Nafion® 117, BPSH, and SPEEKK membranes as a function of λ; b BPSH
membranes as a function of IEC. Data are taken from refs. [191] (Nafion® 117), [213]
(BPSH), and [178] (70% SPEEKK)

however, the water diffusion coefficient decreases more rapidly in BPSH
and SPEEKK compared to Nafion®. SSEBS membranes are also reported to
possess water diffusion coefficients lower than for Nafion® 117 membranes
for the same water content [27, 211], but information on IEC or λ is not
provided.

For the purpose of macroscopic transport of water, self-diffusion coeffi-
cients of water are converted to Fickian diffusion or the “chemical” diffusion
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coefficient Dchem using Eq. 1:

Dchem =
d ln a
d ln C

×DH2O , (1)

where a is the thermodynamic activity of water and C is the concentration
of water. Techniques for measuring water diffusion coefficients also include
steady-state permeation [215, 216], sorption kinetics [217–219], streaming
potential measurements [220], and others [221–223]. Since Dchem is very sen-
sitive to membrane history and the conditions under which measurements
take place, even under similar conditions, e.g., a fully hydrated Nafion® 117-
H+ membrane, literature values vary by an order of magnitude [80]. A plot of
water diffusion coefficient as a function of λ is shown in Fig. 29.

The variation in literature values of Dchem has been addressed in a study of
water transport though Nafion® membranes [222]. Measurements of the dif-
fusion of water were conducted wherein the membrane was exposed to liquid
water on one side and dry flowing nitrogen on the other side, and water flux
measurements were made across a Nafion® 115-H+ membrane at 80 ◦C. Based
on comparisons of their experimental data, the most accurate expression for
the dependence of the Dchem on water content was exhibited using Fickian
diffusion coefficient data obtained from [208]. The following expression was
developed, where Dchem has units of cm2 s–1:

Dchem = 3.10×10–3λ(e0.28λ – 1)× exp
[

2436
T

]
(for 0 < λ ≤ 3) (2a)

Dchem = 4.17×10–4λ(161e–λ + 1)× exp
[

2436
T

]
(for 3 ≤ λ ≤ 17) (2b)

Fig. 29 Variation in Dchem as a function of λ for Nafion® 117
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3.3.2.2
Electroosmotic Drag

The EOD coefficient (ndrag) is defined as the ratio of the flux of water through
the membrane to the flux of protons in the absence of a concentration gra-
dient of water [224]. EOD increases with current density and often exceeds
the ability of the membrane to redistribute water by back diffusion. A hy-
drodynamic model for electroosmosis has been developed [225] which treats
ions as spherical particles moving in a continuous viscous medium. The
model describes the variation of the EOD within polystyrene-based model
membranes quite well. Several methods have been utilized to measure EOD
coefficients including streaming potential measurements [226, 227], the use
of concentration cells [224, 228], water flux measurements [191], DMFC ex-
periments [229, 230], and NMR spectroscopy [231]. Plots of ndrag values for
selected membranes are shown in Fig. 30.

Fig. 30 Electroosmotic drag coefficient for different membranes as a function of a λ at
∼300 K unless otherwise stated; b IEC
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Fig. 31 Electroosmotic drag coefficient as a function of temperature for 65% SPEEKK
(IEC = 1.46) and Nafion® 117 membranes

The drag coefficients vary, depending on the nature of the membrane
and IEC, and, unfortunately, on the experimental method used. Generally,
membranes possessing higher IECs within a series possess higher drag coef-
ficients. Reducing the water content of the membrane by lowering the relative
humidity reduces the EOD. Nafion® membranes yield higher ndrag values than
aromatic polymers for similar water contents or IECs. The influence of chan-
nel size on EOD corroborates the importance of hydrodynamic radius. The
EOD coefficient for SPEEKK is lower than that of Nafion®-type membranes
due to the presence of smaller proton conducting channels in SPEEKK. Even
for comparable channel dimensions, EOD values of SPEEKK are still lower,
indicating that water–polymer interactions (and/or λ values) play a signifi-
cant role in EOD. Increasing the temperature of the membrane increases the
drag coefficient (Fig. 31)

3.4
MEA and Fuel Cell Performance

In Sects. 3.2 and 3.3, the essential properties of membranes for PEMFC are
described. However, a true test of experimental membranes requires their
integration and characterization in MEAs. An MEA comprises a PEM sand-
wiched between two GDEs. Detailed descriptions of structural and design
considerations of GDEs and MEAs are captured in recent reviews [233–235].
Generally, a porous electrode structure is required, which usually consists of
a Pt electrocatalyst dispersed on high surface area carbon black, held together
into a cohesive coating with binding agents such as Nafion® and/or PTFE.
The hydrophobic polymer backbone wet-proofs the porous electrode, thereby
reducing the propensity to electrode flooding and promoting gas permeable
pathways for rapid gas transport to catalytic sites [236]. It has been estab-
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lished that optimal electrochemical kinetics are achieved when a three-phase
interface exists between polymer electrolyte, electrocatalyst, and reactant gas.
The incorporation of proton conducting ionomer into the catalyst layer (CL)
greatly enhances fuel cell performance [237, 238]. This gain in performance
is attributed to increased catalyst utilization and optimization of the three-
phase boundary.

The PEM indirectly affects the performance of a GDE through its influence
on the properties of the membrane/GDE interface, and its role in determin-
ing the nature and extent of water transport between the cathode and anode.
Both these effects can be observed in a recent report describing the charac-
teristics of ETFE-g-PSSA membranes used in half-MEAs (HMEAs) in half-fuel
cells [239] and complete MEAs in PEMFC systems [240]. In both systems, the
GDEs contained Nafion® ionomer. Half-cell systems simulate fuel cells under
flooded (or semi-flooded) conditions. In this study, the active catalyst areas of
(EFTE-g-PSSA)-based HMEAs (having IEC 3.27, 2.56, 2.45, and 2.13 mmol g–1,
respectively) were found to increase with increasing IEC of the membrane,
which is explained as being due to improved “wetting” of the CL. Active cat-
alyst areas using the grafted membranes were higher than those based on
Nafion® even though the composition of the GDEs was exactly the same. More
specifically, it is shown using percolation theory that the membrane regulates
the water content in the CL, and thereby the transport of reactant gases in the
CL. Mass-transport properties in the half-cells were extracted by fitting data to
the agglomerate model. Cref

0 , equivalent to the concentration of oxygen at the
Pt/membrane interface, decreases with increasing IEC of the membrane; the
same trend was observed in a Pt microelectrode investigation of PEMs [241].
The effective diffusion coefficient of oxygen in the CL and in the GDL decreases
with increasing IEC of the membrane due to an increase in the water content of
the HMEA, which reduces the electrode porosity and restricts gaseous O2 mass
transport within the CL and GDL. Consequently, the higher the IEC, the lower
the rate of the oxygen reduction reaction.

In PEMFCs using full MEAs, the electrochemically active surface area of
the CL reveals a slight dependence on IEC for MEAs prepared using ETFE-
g-PSSA membranes having IEC 3.22, 2.73, 2.38, 1.95, and 0.75 mmol g–1. The
steady-state beginning-of-life polarization curves show an increase in fuel cell
performance with increasing IEC for ETFE-g-PSSA membranes. The higher
proton conductivity of the higher IEC membranes may partly explain this
trend. However, MEAs based on Nafion® membranes yield a higher perform-
ance than most of the (ETFE-g-PSSA)-based MEAs despite the latter possess-
ing a much higher proton conductivity. The membrane’s IEC and molecular
structure controls the water content within the membrane and regulates
the water balance in MEAs during operation, thereby affecting the mem-
brane/electrode interface. MEAs containing ETFE-g-PSSA membranes show
an increase in uncompensated resistance (Ru) with decreasing IEC, because
MEAs containing lower IEC membranes are less effective in promoting the
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back transport of water to the anode, and this leads to flooding of the cathode
and dehydration of the anode. Compared to MEAs based on ETFE-g-PSSA,
Nafion®-based MEAs exhibit a lower Ru, even though they possess a higher
bulk membrane proton resistance (Rm) than the ETFE-g-PSSA membranes
studied. This is due to the formation of a very good membrane/electrode
interface and consequently negligible interfacial contact resistance. Bonding
of Nafion® ionomer and Nafion® bulk membrane is chemically favorable.
Hot pressing at 150 ◦C, which corresponds to the processing temperature of
Nafion®, facilitates good interfacial adhesion. For ETFE-g-PSSA membranes,
interfacial resistance decreases with increasing IEC of the membrane. It is
believed that the increase in hydrophilicity of the higher IEC membranes
provides better interfacial contact with the CL. The incompatibility between
ETFE-g-PSSA membranes and GDEs impregnated with Nafion® ionomer has
been reported by other research groups [242, 243].

The agglomerate model and percolation theory were used to analyze fuel
cell data, and results were compared to those obtained using a half fuel cell
setup. Under the fuel cell conditions employed, more facile gas transport in
the cathode is observed as a result of more facile water removal via the GDL
and/or back transport through the membrane. Flooding of the cathode CL
in the fuel cell is not as extensive as in the case of the half fuel cell and the
decrease in electrochemically active catalyst surface area, due to reduced wet-
ting of the CL, is offset by increased O2 mass-transport kinetics. Opposite
trends in effects of IEC on the performance in fuel cell and half fuel cell sys-
tems were explained by considering the water balance in the membrane as
shown in Scheme 11. In half fuel cells the effect of the increasing EOD with
increasing IEC dominates water transport, whereas under fuel cell conditions
this effect is overcompensated by the increasing permeability of water and in-
creased back transport of water. Membranes with higher IEC improve fuel
cell performance since they facilitate fuel cell water management. However,
higher IEC membranes have a higher propensity to dehydrate and usually
require extensive humidification.

In other studies of the electrode/membrane interfacial properties on MEA
performance, Easton et al. [244] studied polypyrrole/Nafion® composite
membranes and Nafion®-based GDEs for use in DMFCs. MEAs fabricated
from membranes with high polypyrrole content on their outer surface per-
formed poorly and possessed poor interfacial properties. However, composite
membranes having less polypyrrole and more Nafion® character at their
outer surface performed significantly better and exhibited better interfa-
cial properties. A similar phenomenon is reported for Nafion®/silicon oxide
composite membranes [245]. Kim et al. [246] also report that the perform-
ance of DMFCs was greatly improved using a partially fluorinated sulfonated
poly(arylene ether benzonitrile) copolymer compared to non-fluorinated
analogs, due to a better compatibility of the polymer electrolyte with the
Nafion®-containing electrode.
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Scheme 11 Schematic diagrams illustrating different scenarios of water transport in half-
cell conditions using a low IEC and b high IEC, and in fuel cells using c low IEC and
d high IEC [240]

Substituting other ionomers for Nafion® in the CL is a growing area of
research [43, 247]. For this purpose, formation of aqueous/alcohol disper-
sions of the acid-bearing polymers, and an understanding of the solution
and dispersion properties of the polymers, is critical [43]. MEAs have been
prepared using conventional Nafion®-containing GDEs in combination with
SPEEK membranes as well as MEAs prepared from (SPEEK/PTFE)-containing
GDEs in combination with SPEEK membranes [248]. The latter exhibits a sig-
nificantly lower interfacial resistance. Despite this, a higher performance was
still achieved with Nafion® 117 membranes due to more efficient water man-
agement and/or enhanced oxygen permeability at the interface. Further work
is needed to understand the role of ionomer dispersions on CL formation,
and even more is required in order to be able to correlate the role of ionomer
morphology within the CL on its performance.

Fuel cell performance is the interplay of the properties of the GDEs, GDLs,
and the PEMs that constitute a MEA. Fuel cell data vary widely because of dif-
ferent materials, fabrication procedures, and operating conditions employed.
Representative data are listed in Table 6.

4
Summary and Future Prospects

The ability of a membrane to support fuel cell electrochemistry depends on
many interconnected factors. Each class of polymer membrane requires in-
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depth consideration in order to extract trends in physicochemical properties.
Extending trends across different classes of membrane is difficult and must
be carried out with caution, requiring extensive data sets. The main factors
determining the performance of a fuel cell are proton conductivity, water
transport, oxygen permeability, mechanical properties, and chemical stabil-
ity.

The magnitude of proton conduction is determined by the proton concen-
tration and the mobility of protons within the membrane. Proton mobility
is enhanced by high water contents (high lambda values) and a well-formed,
continuous network of aqueous domains; high water contents are favored by
high IECs, whereas continuity of hydrophilic networks is favored by higher
water contents and phase-separated morphologies. Proton concentration gen-
erally increases with IEC up to the point where the cohesive forces of the
polymer are overcome by forces of osmotic pressure, after which additional
increases in IEC result in a lowering of the proton concentration of hydrated
membranes due to dilution effects.

Water transport is surprisingly the least studied property of experimen-
tal PEMs yet it has a profound effect on fuel cell performance. Membranes
that yield large ndrag coefficients but do not allow sufficient back flow of
water from cathode to anode are prone to flooding of the cathode and/or
de-hydration of the anode. Membranes possessing low λ values generally
yield lower ndrag but suffer from inadequate back diffusion of water and/or
back permeation (hydraulic) of water—which is favored with high λ values.
The literature indicates that the increase in back diffusion for membranes
possessing high water contents offsets the potentially deleterious increase in
EOD.

The paradox facing researchers attempting to develop novel polymer sys-
tems for PEM applications is that modification of a membrane to improve
a particular physical property often deleteriously affects another. Case in
point: increasing the IEC of a membrane has a positive influence on proton
mobility and back diffusion of water, by virtue of the membrane absorbing
more water. However, this results in an increase in EOD, may induce weaker
mechanical properties and poorer adhesion, and may limit the thinness to
which membranes may be prepared. Increasing the IEC may increase pro-
ton concentration or decrease it depending on the IEC regime. Increasing
the water content of the membrane has a positive influence on proton mobil-
ity and back diffusion of water, but increases the ndrag, decreases the proton
concentration, and decreases the membrane’s mechanical strength and ad-
hesive properties. For a given composition, enhancement of the connectivity
of hydrophilic domains by control of the morphology is expected to exert
the following positive influences: an increase in proton mobility, an increase
in back diffusion of water, an increase in proton concentration (by virtue
of limiting swelling), an increase in the membrane’s mechanical strength
and adhesion, and the ability to form thin membranes from the polymers.
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Table 7 Observed trends that illustrate the effect of changing membrane variables on
measurable performance a

Proton conductance Water transport
µH+ [H+] Attainable thinness EOD DH2O Pi

H2O
of membrane

Increase in IEC �b �, xc xd xb �b �b

Increase in λ �b xe xf x � �
Increase in continuity� �g �h x � �
of ionic regions

a � and x represent a positive and negative influence, respectively, on the property as it
relates to fuel cell performance
b Due to an increased lambda value
c This depends on the IEC regime—see text
d Increasing the IEC lowers the mechanical strength and the ability to obtain thin mem-
branes
e A dilution effect
f Due to a lower mechanical strength
g Due to a reduced lambda value, and if lambda >∼30
h Due to a greater mechanical strength
i Hydraulic permeability of water

The only deleterious factor observed upon enhancement of the connectiv-
ity of hydrophilic domains is an increase in ndrag—but this is expected to be
well compensated by an increase in back diffusion of the membrane. These
trends and inferences are tabulated in Table 7. In conclusion, the extensive
body of literature on the structure–property relationships of proton-bearing
polymers and PEMs indicates that enhancement of phase separation may
be of great importance in the design of next-generation membranes for fuel
cells.
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Abstract This article outlines some history of and recent progress in perfluorinated mem-
branes for polymer electrolyte fuel cells (PEFCs). The structure, properties, synthesis,
degradation problems, technology for high temperature membranes, reinforcement tech-
nology, and characterization methods of perfluorosulfonic acid (PFSA) membranes are
reviewed.

Keywords Analysis · Cross leak degradation · High temperature membrane ·
Perfluorosulfonic acid · PFSA · Reinforcement
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ETFE Ethylene–tetrafluoroethylene copolymer
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IEC Ion-exchange capacity
MEA Membrane electrode assembly
MW Molecular weight
PEFC Polymer electrolyte fuel cell
PFSA Perfluorosulfonic acid
PSVE Perfluorosulfonyl vinyl ether
PTFE Polytetrafluoroethylene
SANS Small-angle neutron scattering
SAXS Small-angle X-ray scattering
TFE Tetrafluoroethylene
UAS Ultrasonic attenuation spectroscopy

1
Introduction and History of Perfluorinated Membranes

Perfluorosulfonic acid (PFSA) membranes as shown in Fig. 1 were first de-
veloped for fuel cells by DuPont as “Nafion”® and installed into the Biosatel-
lite spacecraft in 1967 [1, 2]. Various types of PFSA polymers, such as
Flemion®, Aciplex®, and Dow membrane, were developed subsequently. They
have excellent chemical stability, high proton conductivity, and high water
diffusivity in a wide range of temperatures, brought about by the nature of
fluorinated compounds and these non-cross-linked structures [3–5].

Although the PFSA membrane has not been utilized for spaceships after
the Biosatellite program up to now, PFSA technology has been utilized in
the chlor-alkali electrolysis industry and water electrolysis as one of the key
materials [6]. Furthermore, it has also been utilized as a superacid cata-
lyst, separator for the redox flow battery, an ion-permeating membrane for
organoelectrosynthesis, and in water-permeating devices such as pervapo-
ration membrane humidifiers and hollow-fiber dryers, etc. Perfluorinated
carboxylic acid polymers have shouldered the important roles in chlor-alkali
electrolysis and the technology of actuator and artificial muscle, etc.

Fig. 1 Chemical structure of perfluorosulfonic acid (PFSA) membranes
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Fig. 2 Typical proposed candidate electrolytes and technologies for fuel cells. (Underlined
electrolytes are in/after the stage of stack testing)

The application to fuel cells was reopened by Ballard stacks using a new
Dow membrane that is characterized by short side chains. The extremely high
power density of the polymer electrolyte fuel cell (PEFC) stacks was achieved
not only by the higher proton conductance of the membrane, but also by the
usage of PFSA polymer dispersed solution, serpentine flow separators, the
structure of the thin catalyst layer, and the gas diffusion layer. Although PFSA
membranes remain the most commonly employed electrolyte up to now, their
drawbacks, such as decrease in mechanical strength at elevated temperature
and necessity for humidification to keep the proton conductance, caused the
development of various types of new electrolytes and technologies [7], as
shown in Fig. 2.

PFSA membranes with high ion-exchange capacity (IEC) of 1.1 meq/g and
long side chains applicable to PFECs [8] were examined. Thin membranes
cast from PFSA solution [9, 10] and membranes in which fine particles of
catalyst or metal oxides are dispersed [11–13] were proposed for low- or
no-humidity operation. Thin membranes can offer not only lower cell resist-
ance but also higher water diffusivity and hence higher power density [8].
To improve the handling characteristics of thin membranes, various rein-
forcement techniques were proposed [14]. Especially, polytetrafluoroethylene
(PTFE) reinforcement technology is typically used for thin membranes. The
sulfonimide structure was applied to strengthen the stability of the end sul-
fonic group [15]. Fluorination of the end groups of the PFSA polymer [16]
was reported to contribute to increasing the chemical stability of PFSA under
severe conditions, such as low humidity and higher temperature or open
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circuit voltage (OCV). As for cost reduction, the casting method [17] and
various styrene-grafted membranes based on the commercial fluoro com-
pound sheet [18] have been investigated. A newly developed direct fluorina-
tion method [19] is expected to be applied to the PEFC membranes. Surface
treatment and impregnation of inorganics have been investigated to decrease
the swelling in methanol solution for direct methanol fuel cell (DMFC) ap-
plication. For temperatures over 100 ◦C, various composite materials with
inorganics have been proposed to improve the proton conductivity and sta-
bility. Operation under lower humidification, which is convenient to obtain
a simpler system and lower system cost, was reported to often cause abnor-
mally rapid degradation of membrane electrode assemblies (MEAs), and the
mechanism of the membrane degradation started to be investigated around
2001 by involving many researchers and organizations. As a result, various in-
teresting findings and measures to improve the stability of PFSA have been
reported and proposed. Basically, they are based on the analysis results by
GE [20]. Hydrogen peroxide formed by the cross leak of hydrogen and oxygen
through the membrane is estimated to cause rapid degradation of mem-
branes, especially under low humidity and OCV conditions. Operation over
100 ◦C is expected to offer such merits as better cell efficiency and smaller ra-
diators in fuel cell electric vehicle applications. Recently, it has been reported
that over 5000 h operation is possible at 120 ◦C and 50%RH using a new per-
fluoro composite membrane [21].

Decrease in swelling and methanol cross leak of membranes in DMFC
applications is one of the most important development items, and various ef-
forts and trials have been performed to improve these characteristics for both
perfluorinated and hydrocarbon membranes.

Various reviews on PFSA technology development have been published
and detailed explanations of the individual items are available from those
materials. In this chapter, the fundamentals of PFSA membranes, the re-
quirements for advanced PEFCs, development trends for high temperature
membranes, reinforcement technology, membranes for DMFC, and topics on
analysis technology are reviewed.

2
Fundamentals of PFSA Membranes

Fluorine is “a small atom with a big ego”. It took a very long time for it to
be handled with ease since its isolation by Moissan. Carbon was found to be
able to give extremely comfortable “seats” for it as PTFE by Plankett in 1938,
and various fluorinated compounds were prepared and commercialized. The
bonding energy of C–F is 485 kJ mol–1 and larger compared with those of
C–H (350 kJ mol–1 for aliphatics and 435 kJ mol–1 for aromatics). This basic
feature gives remarkable stability to various fluoro compounds.
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Fig. 3 Schematic illustration of the PFSA polymer structure. a Cluster-network model.
b Hydration and proton conduction mechanism

PFSA membranes, whose representative polymer structure is shown in
Fig. 1, are preferably used for the development of solid PEFCs because they
have excellent chemical stability, high thermal stability, and high proton con-
ductivity and, furthermore, are available in larger quantities than other devel-
oping membranes. The excellent performance, such as high proton conduc-
tivity and water mobility, has been explained by the cluster-network model
for the hydrated polymer, as shown in Fig. 3a. This model was originally
proposed by Gierke on the basis of analysis by small-angle X-ray scattering
(SAXS) [22]. The mechanism of proton conduction is said to be dependent on
the molecular ratio of water and the sulfonic acid group at the end of the side
chains (λ = H2O/SO4

–), as shown in Fig. 3b.
As described before, the commercialization of PEFCs requires lower prices

of the membranes and generation systems, compactness of the system, and
higher efficiency of power generation. New types of PFSA membranes, new
processes of membrane fabrication, and high temperature membranes have
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been investigated. This article deals with (1) conventional PFSA membranes
with long side chains, (2) membranes with short side chains, (3) sulfonimide
membranes, and (4) other miscellaneous types of membranes.

2.1
Conventional Perfluorinated Membranes for PEFCs

The molecular structure of a conventional polymer used for a PFSA mem-
brane is shown in Fig. 1. Membranes registered as Nafion® (DuPont),
Flemion®, (Asahi Glass), and Aciplex® (Asahi Chemical) have been commer-
cialized for brine electrolysis and they are used in the form of alkali metal
salt. Figure 4 shows a schematic illustration of a membrane for chlor-alkali
electrolysis. The PFSA layer is laminated with a thin perfluorocarboxylic acid
layer, and both sides of the composite membrane are hydrophilized to avoid
the sticking of evolved hydrogen and chlorine. The membrane is reinforced
with PTFE cloth. The technology was applied to PEFC membranes with thick-
ness of over 50 µm [14].

For the synthesis of this type of polymer, a fluorosulfonyl monomer is fre-
quently copolymerized with tetrafluoroethylene (TFE). The synthetic scheme
of this monomer is shown in Fig. 5 [24]. The IEC is about 0.9 to 1.1 meq/g dry
polymer. As the IEC increases, water absorption increases, and the crys-
tallinity based on successive sequences of the TFE monomer unit becomes
smaller, which lowers the mechanical strength. On the other hand, when the
IEC decreases, water absorption becomes smaller, which brings lower proton
conductivity.

The term IEC means the number of ion-exchange groups, in the unit of
milliequivalents, contained in one gram of dry resin. The term equivalent
weight (EW) is also used for expressing the number of ion-exchange groups.

Fig. 4 Design model of perfluorinated membrane for chlor-alkali electrolysis
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Fig. 5 Chemical structure and synthetic scheme of fluorosulfonyl vinyl ether (PSVE)

Fig. 6 Chemical structure of a copolymer of TFE and PSVE

This value corresponds to the average molecular weight per ionic group, ac-
cording to the following relationship between IEC and EW:

IEC = 1000/EW .

A copolymer of TFE and perfluorosulfonyl vinyl ether (PSVE; Fig. 5) given
in Fig. 6 is a thermoplastic polymer. It can be extruded to form a thin
film. The films with –SO2F groups can be converted to proton-conductive
ion-exchange resins having –SO3H groups by alkali hydrolysis followed by
acidification. This ion-exchange resin can be dissolved or dispersed in polar
solvents, such as water, lower alcohols, dimethylformamide, and dimethy-
lacetamide. This liquid composition is used for cast film formation and for
an ink to form catalyst layers. An understanding of the characteristics of
ionomer dispersed solutions, such as viscosity and structure, is important to
improve recast membranes and MEAs. Recent analysis results are explained
in Sect. 2.2.

The membrane development for PEFCs comprises many steps, as shown
in Fig. 7. The multiple steps in monomer synthesis for PFSA preparation is
often said to be one of the major factors in the high cost of the PFSA mem-
branes. In fact, PTFE and ethylene–tetrafluoroethylene copolymer (ETFE),
whose synthetic scheme is very simple, are available at comparably low price.
As a matter of fact, a considerably large quantity of the ETFE sheet was used
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Fig. 7 General flow chart of membrane development

in the German soccer stadium Allianz-Arena (about 200 000 m2 for the main
stadium) [25], and it is to be used for main and swimming stadiums of the
Olympic games in Beijing, China (about 300 000 m2 of the film) [26].

Different from PTFE and ETFE, cost reduction of the PSVE polymer is one
of the problems for prevailing perfluorinated membranes. Recently, a new dir-
ect fluorination process with elementary fluorine was reported to produce
perfluorinated fluorosulfonyl polymers, as shown in Fig. 8 [19]. This new pro-
cess consists of the following features and is free from explosion in the gas
phase and the difficulty in finding solvents with stability to fluorine gas and
solubility for hydrocarbon compounds, these problems having limited the ap-
plication of the conventional direct fluorination methods:

1. Alcohol (ROH) as a raw material is reacted with RFCOF into an ester
(RFCOOR) which is not very volatile and soluble in RFCOF.

2. Direct fluorination with elementary fluorine gas.
3. Decomposition of the ester and regeneration of RFCOF.

This process can offer wide selection of the synthetic routes of precursor
hydrocarbon, shorter steps, and low-cost production of the perfluorinated
polymers [27].

2.2
Membranes with Short Side Chains

So-called Dow membrane with short side chains once attracted much atten-
tion, because it showed excellent performance in fuel cell operation compared
with Nafion® membranes [28–30]. The polymer structure is shown in Fig. 9.
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Fig. 8 Direct fluorination with elementary fluorine to synthesize perfluoro compounds.
“PERFECT” means PERFluorination of Esterified Compounds then Thermal elimination

Fig. 9 Chemical structure of the Dow membrane

Fig. 10 Structure of the perfluorosulfonyl monomer of the short side chain membrane

The Dow membranes are prepared by the copolymerization of TFE with
PSVE, which is shown in Fig. 10.

An important difference between the Dow and Nafion® membranes was
considered to be membrane resistivity, which depends on membrane thick-
ness and IEC [30]. The mechanical strength of the perfluorinated membranes
largely depends on the molar content of the TFE unit in the copolymers.
Since the molecular weight of the Dow monomer is smaller than that of the
Nafion® monomer, a higher IEC can be obtained with the Dow monomer
compared with the Nafion® monomer at a similar molar content of TFE unit
in the copolymers, while keeping the membrane mechanical strength. Re-
cently, thinner PSVE membranes with long side chains have been available
for reduction of membrane resistance [31]; nevertheless, the short side chain
membrane is actively being developed. The reason is that the short side chain
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Fig. 11 Mechanical characteristics of a short side chain membrane

membrane has a higher glass transition temperature than conventional per-
fluorinated polymers, and the former has an advantage for high temperature
operation of a fuel cell. The Tg of a short side chain film in an acid form is
much higher than that of the conventional PFSA membrane with long side
chains [32]. Although the glass transition temperature of the latter is about
100–130 ◦C, where the tan δ peak appears in the dynamic elastic modulus
measurement, the modulus of the film suddenly decreases at 70 to 80 ◦C. As
for the short side chain membrane, its softening temperature is over 100 ◦C,
and it is considered to be a preferred material for higher temperature oper-
ation. The dynamic mechanical properties of a short side chain polymer are
given in Fig. 11 together with those of a conventional perfluorinated poly-
mer. The functional groups of the polymers are sulfonic acid (–SO3H) groups.

Fig. 12 Synthetic scheme of the Dow membrane PSVE monomer
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Fig. 13 New synthetic route to the Dow membrane PSVE monomer

Originally the monomer in Fig. 9 was prepared by DuPont by the synthetic
scheme shown in Fig. 12 [33]. Thermolysis of the acyl fluoride in Fig. 12 did
not give a desired monomer but gave a cyclo compound. In order to pre-
vent the cyclization, a new synthetic route was developed as shown in Fig. 13,
which was applied to the synthesis of Dow membranes [34]. A chlorine atom
was introduced to the acyl fluoride to improve the selectivity of vinyl ether
formation. The Dow membrane was also developed for brine electrolysis, but
was not commercialized probably because of its high cost. Difficulty in the
preparation of the acyl fluoride in Fig. 13 is one of the causes. Recently, new
synthetic processes for the short side chain monomer were developed, as rep-
resented in Fig. 14.

Recently a similar monomer and copolymer to those of the above short
side chain type were reported [35–38]. The monomer has four CF2 units
(Fig. 15). Its copolymer with TFE exhibited a similar softening point to that

Fig. 14 New synthetic routes to short side chain PSVE monomer
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of the above short side chain monomer which has two CF2 units. The thermal
decomposition temperature of the former copolymer was much higher than
that of the latter copolymer [38].

Fig. 15 New type of PFSA with straight side chains

2.3
Sulfonimide Membranes

Perfluorinated sulfonamide monomers were prepared by DesMarteau. A typ-
ical synthetic scheme is given in Fig. 16 [39, 40]. The temperature dependency
and humidity dependency of proton conductivity of the sulfonamide copoly-
mer with TFE were examined, and the properties were proved to be similar
to those of a sulfonic acid type membrane [41–43]. Fuel cell performance
was dependent upon membrane thickness and/or IEC, and there do not seem
to be large differences depending on the species of the ion-exchange groups.
Synthesis of a short side chain type sulfonimide monomer is also reported
(see Fig. 17 [44]).

3
High Temperature Membranes

The development of high temperature membranes applicable to operation
at up to 120 ◦C or higher, no or low humidity, and low pressure conditions
has been expected to offer better efficiency and more compact stacks and
radiators for automobiles. These expectations for membranes are typically
reflected by the DOE’s 2010 targets shown in Table 1. Operation at higher
temperature (120 ◦C) and lower humidity (1.5 kPa), lower cross leak, lower
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Fig. 16 Typical synthetic scheme for the perfluorinated sulfonamide monomers

Fig. 17 Preparation scheme of the short side chain sulfonimide monomer

area specific resistance (0.02 mΩ cm2), lower cost, and higher durability are
required by 2010.

To realize the high temperature membrane in general, the drop of me-
chanical strength and conductivity at elevated working temperature and the
chemical degradation problem have to be overcome [46]. Typical measures

Table 1 The DOE’s 2010 targets for membranes [45]

Item Target

Proton conductivity at < 120 ◦C, < 1.5 kPa 0.1 S/cm
Proton conductivity at – 20 ◦C 0.01 S/cm
Oxygen and hydrogen cross leak 2 mA/cm2

Durability with cycling at > 80 ◦C 2000 operating hours
< 80 ◦C 5000 operating hours

Survivability – 40 ◦C
Cost $40/m2
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to improve the high temperature performance of PFSA membranes aimed at
high temperature operation are as follows:

1. Composites with inorganics to improve proton conductance at over
100 ◦C.

2. New molecular design which can offer lower water uptake at higher tem-
perature and better dimensional stability.

The decrease in mechanical strength of the PFSA membranes under hu-
midified conditions at elevated temperature is the most important issue for
high temperature operation. The flexibility of the side chain and conforma-
tional changes in the backbone on hydration and proton transfer in the PFSA
membranes were investigated using first principles based molecular mod-
eling studies [47, 48]. This electronic structure calculation analysis showed
that short side chain PFSA membranes gave lower water uptake and higher
proton conductivity with fewer water molecules. The flexibility in both the
backbone and side chains of PFSA membranes is important to the effective
transport of protons under low humidity. Composite membranes comprising
PFSA polymer and inorganic particles, such as silica and zirconia, as a hy-
drophilic material have been proposed [49]. In the case of the hydrocarbon
membrane, the nanosized space in polyimide electrolytes containing trifluo-
romethyl groups is estimated to offer water adsorbing sites [50]. The stability
of the sulfonic group of the side chains in PFSA polymer in air and water
was found to offer excellent stability at 120 ◦C [51]. The side-chain-sulfonated
hydrocarbon membranes are thought to be more resistant to hydration than
backbone-sulfonated types [52, 53]. The former types, whose structure is
similar to that of PFSA in the point of phase segregation in the molecule, can
offer higher proton conductivity than the latter ones at higher temperature.
Needless to say, a deep understanding of the PFSA structure is required for
the development of high temperature PFSA membranes [54, 55]. Here, new
monomer structures for PFSA except for short side chain types are reviewed.

3.1
Terpolymers

2,2-Bis(trifluoromethyl)-4,5-difluoro-1,3-dioxole (Fig. 18) was copolymerized
with TFE and a PSVE monomer shown in Fig. 5. A homopolymer of this
third monomer exhibits a glass transition temperature of 330 ◦C [56]. The
terpolymer exhibits a high softening temperature like the above short side
chain copolymers [57]. This is one of the another approaches to obtain high
temperature membranes. The temperature dependency of the modulus of the
terpolymer is compared with that of a conventional copolymer in Fig. 19 [58].

A perfluorophosphonic monomer (Fig. 20) was synthesized and copoly-
merized [59] with TFE. Terpolymers with TFE and PSVE were also prepared.
Base hydrolysis of the copolymers caused C–P bond cleavage (Fig. 21, above).
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Fig. 18 2,2-Bis(trifluoromethyl)-4,5-difluoro-1,3-dioxole

Fig. 19 Temperature dependency of the modulus of the terpolymer

The quantitative transformation of phosphinic ester polymer was carried out
by acid hydrolysis (Fig. 21, below). The IECs of the copolymers were 1.4 to
2.1 meq/g.

The conductivity of the polymers at 25 ◦C in 1N HCl was a little smaller
than that of Nafion®. Similar copolymers with an IEC of 2.5–3.5 meq/g were
also prepared [60]. Their films exhibited similar proton conductivity to that of
a Nafion® film at 80 ◦C under saturated water vapor. Preparation of phospho-
nic monomers requires many steps [59, 61], which makes it difficult to apply
phosphonic membranes to fuel cells as well as the estimated high cathodic
overpotential.

Fig. 20 Molecular structure of the perfluorophosphonic monomer

Fig. 21 Reactions of the perfluorophosphonic monomer with acid and alkali
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4
Chemical Degradation Problem

Commercialization of PEFC systems requires high performance and low cost
at the same time. Thinner membranes are convenient to get lower cell resist-
ance and higher cell voltage [8] and, furthermore, can render the operation
under low- or non-humidified conditions [9]. The membrane or catalyst-
coated membrane (CCM) is sandwiched by the gas diffusion layer and sep-
arators, as schematically shown in Fig. 22. The usage of thinner membranes
often causes not just mechanical damage, and various reinforcement methods
have been developed as described in the next section. The nonuniformity of
the circumstances surrounding MEAs and membranes in real cells, especially
the difference between the edge region and the center, should be considered
in the analysis of the degradation phenomena.

In the early stages of PEFC development after Ballard’s demonstration, the
chemical degradation of PFSA membranes was not considered by most fuel cell
researchers except for a few analysts, because the stability of the perfluorinated
membranes was believed to be proved by the analysis of membrane degrada-
tion in water electrolysis and the long operation in the chlor-alkali electrolysis
industry. But the chemical degradation of perfluorinated membranes broke to
the surface soon after the research on low-humidity operation began, which
aimed to lower the system cost. The degradation of perfluorinated membranes
has been recognized as a significant problem for the achievement of long-
term durability for practical use. Evidence of membrane thinning and fluoride
ion detection in the product water indicates that the polymer is undergo-
ing chemical attack. Various research projects and programs to analyze and

Fig. 22 Schematic illustration of a MEA and gas diffusion layer and a photo of carbon
paper
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solve the degradation phenomena were organized after that, and the num-
ber of reports on membrane degradation increased dramatically. Basically, the
degradation problem has been investigated based on the mechanism in water
electrolysis proposed by LaConti, et al. [62–66], where hydrogen peroxide or
radicals caused by the cross leak of hydrogen and oxygen through the mem-
brane play an important role. The old report [2] also proposed a typical design
for mitigation applicable even to the present situation.

A mechanism of the degradation was postulated and examined. Hydrogen
peroxide can be formed during the oxygen reduction reaction:

O2 + 2H+ + 2e– → H2O2 .

Hydrogen peroxide can decompose to give OH or OOH radicals. These ma-
terials can then attack H-containing or unsaturated groups present in the
polymer. Such groups can include –CF2COOH, –CF2H or CF=CF2. Perox-
ide radical attack on such end groups is believed to be the main degradation
mechanism. For a carboxylic end group the following reaction scheme has
been proposed, as in Fig. 23 [16].

Fig. 23 Reaction of a carboxylic end group with an OH radical

The chemical degradation was studied both in situ (during fuel cell opera-
tion) and ex situ (by Fenton’s reagent test) [68]. The structure of the examined
polymer is given in Fig. 1. Except for fluoride release, the same product shown
below was identified using NMR and mass spectroscopy in both the Fenton’s
test water and a residue extracted from MEAs that were heavily degraded
during fuel cell operation.

These features demonstrate similarities between the in situ and ex situ
degradation mechanism that involves degradation along a perfluorinated
ionomer backbone. Similar results were also obtained after accelerated MEA
durability tests under open circuit conditions [69]. For reduction of unsta-
ble polymer ends, fluorination of polymer ends by fluorine gas is effective.
Membranes were exposed to gaseous hydrogen peroxide in order to exam-
ine its influence directly, which resulted in a rapid decrease in molecular
weight of the polymer. This means that degradation takes place not only from



144 M. Yoshitake · A. Watakabe

polymer ends, but also main chain scission happens by chemical attack. The
latter explains the decrease in molecular weight [68]. As for the attack to the
main chains, several reports on the degradation of fluoropolymers, such as
PTFE and PFSA, have been reported previously in alkaline fuel cells (AFCs),
DMFCs, water electrolysis, and oxygen reduction gas electrodes for brine
electrolysis [70–72].

In the case of the copolymer of CF2=CFO(CF2)4SO2F and TFE, a fragment
compound shown below was identified during peroxide testing.

Many studies on the effect of the catalyst layer and operation conditions,
such as humidification and temperature, on values such as proton conduc-
tance, hydrogen leakage through the membrane, fluoride ion (F–) release,
molecular weight, and mechanical characteristics, have deepened the under-
standing of the mechanism of formation of H2O2, starting sites of decom-
position in the membrane molecules, catalyst rearrangement in catalyst layers
and membrane, etc. [73–77]. Various types of measures to mitigate chemical
degradation have been proposed. In fact, several thousand hours of operation
over 90 ◦C under lower humidity conditions have been reported using per-
fluorinated sulfonic membranes. Although polymer degradation is a serious
problem, it was reported that additives can improve oxidative stability [67]. In
addition, recently it was reported that a newly developed MEA with a novel
fluorine-based proton-conductive polymer composite reduces the deteriora-
tion rate by 100–1000-fold compared with a conventional MEA. It can be
operated continuously for more than 2000 h [79], and recently 4000 h, at
120 ◦C and 50% relative humidity [21]. According to the cross-sectional SEM
image of the membrane in the report, the thickness of the cathode decreased
by over a half, while those of the membrane and the anode remained at the
initial values. The waste of the carbon support was found to be the major
factor in the thinning of the cathode. It was clarified that the improvement
of the oxidative stability of the carbon support is essential not only in the
operation mode of automobiles, but also in the stationary mode at higher
temperature. The company reported that a new catalyst with stabilized carbon
support gave a more stable cell voltage of ∼ 3 µV/h over 4000 h at 120 ◦C and
50%RH under relatively low pressure conditions (200 kPa).

5
Reinforcement Technology

The PFSA membranes have a tendency to swell considerably when they are
soaked in water at higher temperature with a consequent decrease in me-
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chanical strength. The lowering in mechanical strength is detrimental to the
use of thinner membranes. On the other hand, thinner membranes have
many advantages, such as low internal cell resistance or easy water man-
agement. In the early 1980s, reinforcement technologies for perfluorinated
membranes were developed aimed at commercialization of chlor-alkali elec-
trolysis, in which the robust membrane was firstly required to have a suf-
ficient mechanical strength to insure durability for long-term operation. In
the early stages of development, PTFE woven fabrics and PTFE microfib-
rils were proposed for reinforcement technology. Finally, PTFE woven fabrics
have been recognized as a standard reinforcement method because of their
good mechanical strength and chemical stability. The typical membrane for
chlor-alkali electrolysis is a bilayer membrane and its major portion is a per-
fluorosulfonic polymer layer located on the anodic side. PTFE fabrics are
embedded in the perfluorosulfonic layer. The cross section of the membrane
is shown in Fig. 1. The total thickness of the membrane is approximately
200–300 µm.

On the contrary, in PEFC applications the size of the membrane is small
and a higher mechanical strength is not necessarily required. The higher
priority is set on the performance of the membrane, and a thin and flat
membrane is required to obtain good performance. The performance is also
determined by the precise structure of the porous electrodes that are bonded
on both sides of the membrane. The flatness of the membrane helps to form
proper electrode layers that afford good diffusivity of hydrogen, oxygen, and
water vapor to the MEA. Therefore, in PEFC a specified reinforcement tech-
nology is required to prepare a thin and flat membrane that provides an
appropriate mechanical strength, good chemical stability, higher proton con-
ductivity, and water permeability. PTFE is most often selected as a reinforcing
material for its excellent chemical stability and good mechanical strength.
A composite comprising an expanded PTFE porous sheet and a perfluori-
nated ionomer was developed by W.L. Gore & Associates in the 1990s and
has been commercialized as “Gore-Select®”. Gore-Select® is characterized by
its small thickness (20–40 µm) and excellent mechanical and electrochemical
properties and has been widely used for PEFC systems. Gore-Select® shows
relatively high specific resistance compared with nonreinforced membranes;
however, the membrane resistance is sufficiently low because of its smaller
thickness [79]. The PTFE yarn embedded type, which originated from chlor-
alkali electrolysis, gives the good mechanical strength. The characteristics
of this membrane were studied in NEDO’s PEFC program, Japan. The PTFE
fibril type was developed by Asahi Glass Co., Ltd. Even a small quantity of
PTFE fibrils (a few wt.%) dispersed in a perfluorosulfonic polymer give the
membrane both good mechanical strength and flatness suitable for PEFC ap-
plication. Continuous film formation technology was also developed [80, 81].
Characterized values of the membrane, such as tensile strength, tear strength,
creep property, and compressive property, and the cell performance were re-
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ported. Detailed explanation of the reinforcement technology of PTFE porous
sheets and PTFE fibrils is available in reference [14].

Nafion® XL, one of the reinforced PFSA type membranes, was announced
to give a 1.5 times increase in tensile strength and over 50% reduction in swell
over Nafion®NRE211 [82].

6
DMFC Application

Experiments on DMFCs using PFSA membranes at higher temperature in
the gas phase, which could give over 0.2 W/cm2, ignited the development of
DMFCs for electric vehicle (EV) and portable applications [83]. The PFSA
membranes have a tendency to swell extremely when they are soaked in
methanol aqueous solution. Reduction of the influence of methanol perme-
ation and deformation or swelling of the membrane have been important
issues in DMFC development, as shown in Table 2.

Table 2 Main research work in DMFC applications

• Operation at high temperature in the gas phase gave 0.2 W/cm2

• Decrease in DMFC permeation using diluted methanol solution
• Modification of PFSA membrane with inorganic/organic fillers
• Development of new polymers: partially fluorinated types, such as styrene-grafted

membranes, various hydrocarbon polymers, fullerenol-polymer composite
• Utilization of anionic membranes
• Studies on fuels other than methanol: ethanol, DME, etc.
• Gas phase DMFC using methanol clathrates

6.1
Examples of PFSA Type Membranes for DMFC

The addition of inorganic and organic fillers, introduction of the cross-
linking structure, impregnation of ionomer into the porous sheet, surface
modification of the PFSA membrane, and various grafted membranes have
been proposed as membranes for DMFCs. These efforts decreased the
methanol cross leak from several times to a tenth of that for PFSA membranes
at best. Typical examples of the investigated methods are explained as follows.
The membranes were recast from a PFSA dispersion in which small inor-
ganic particles, such as silica, alumina, and titania, were able to reduce the
methanol permeation by several times compared to the conventional PFSA
membranes. Generally, the addition rates have optimum values. In recent
research, detailed analyses have been available. For example, the interfacial
properties such as zeta potential of the particles and positioning the existing
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sites of the particle in the membrane structure should be of more interest.
The analyses with NMR and SAXS are expected to accelerate the deeper un-
derstanding of the transport mechanism of protons, water, and methanol in
PFSA membranes. Discussions on the effect of size, aspect ratio, and surface
properties of the organic fillers on membrane characteristics for DMFCs are
expected to be developed.

7
Topics Related to New Analytical Results
on the Structure of PFSA Dispersions and Membranes

Some of the properties of electrolyte membranes related to PEFCs, such as
ion-exchange capacity (IEC) or equivalent weight (EW), molecular weight
(MW) or corresponding parameter, water uptake after immersion in wa-
ter, gas permeability, and mechanical properties in the dry state, etc., can
be evaluated based on conventional procedures [84] and some protocols for
measurement were made regionally [85, 86]. Progress in the development of
PEFCs requires the introduction of new techniques or the creation of new
measurement protocols suitable for a working fuel cell with various expected
applications. As a matter of fact, it has been claimed and requested by many
concerned to standardize common measuring procedures and some proto-
cols were proposed in NEDO’s PEFC programs. IEC or EW, MW, and solvent
uptake in water-containing solution are the basic properties to be measured
just before advanced evaluation. Properties such as water uptake, proton con-
ductivity, water transport, gas permeation, dimensional stability, mechanical
strength, compressive properties, creep properties, and chemical stability are
usually evaluated in an atmosphere of controlled temperature and humid-
ity. Pretreatment of membranes before testing is important for reproducible
experimental results. More advanced analytical methods have come to be re-
quired to understand more detailed behaviors. For example, the conventional
method of water uptake measurement is very delicate and requires sufficient
skill [84, 87, 88]. A new method, where the amount of tritium is measured
using a liquid scintillation counter after exposure to tritiated water vapor
and subsequent immersion in distilled water, does not require such skill [89].
This tritium trapping method is also applicable to the measurement of the
diffusion coefficients of hydrogen and oxygen in the membrane [90].

The structures of PFSA membranes have been analyzed and discussed by
many researchers, and the cluster-network model for hydrated membranes
proposed by Gierke [22] has been a basic model symbolic of the PFSA char-
acteristics up to now. As for the structure of the diluted aqueous solution
of PFSA, it is important to understand the structure of ionomer dispersion
and catalyst ink, comprising catalyst particles, ionomer, and solvent, for the
preparation of cast membrane and catalyst layer, respectively. Aldebert et al.
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Fig. 24 Estimated models of PFSA dispersed in diluted aqueous solutions

proposed a rodlike structure by using SAXS and small-angle neutron scat-
tering (SANS) in diluted aqueous solutions, as shown in Fig. 24a [91]. The
self-assembling behavior of PFSA in more concentrated aqueous solutions
was studied using dynamic light scattering (DLS) and a fringed-rod-based
microgel model, as shown in Fig. 24b [93], was proposed based on a fringed-
rod model [92].

Gebel proposed a schematic model of the structural evolution from dry
membrane to colloidal dispersion of rodlike particles based on the results of
the scattering analysis of PFSA over a wide range of water contents, combined
with energetic considerations [94].

In the real fabrication process of membrane and MEA, more concentrated
solutions which often contain organic solvents are used. Ultrasonic attenu-
ation spectroscopy (UAS), whose principle is illustrated in Fig. 25, can offer
detailed information on dispersed particles for a wide particle size range
from 10 to 1 mm with subtle radiation energy (∼ 10 mW) compared with
other methods such as DLS. The application of the UAS technique to solutions
of PFSA (over 1 wt. %) was tried and the structure was based on the rodlike
micellar model shown in Fig. 26 [95]. The effect of molecular weight, solvent,
concentration, and temperature on the size and shape of the dispersed PFSA
particles was analyzed as shown in Figs. 27 and 28. Higher concentration and
temperature and lower molecular weight gave smaller aspect ratios R; alco-
holic solutions gave lower aspect ratios than aqueous solutions. The rigidity
and hydrophobicity of perfluorinated ionomers are estimated to be related
the phenomena.

The requirement to characterize the detailed structure of catalyst layers
in MEAs has become more and more clamorous to improve MEA perform-
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Fig. 25 Principle of ultrasonic attenuation spectroscopy

Fig. 26 Basic model assumed in the analysis of PFSA dispersion by UAS

Fig. 27 Influence of concentration of Flemion® with lower molecular weight (FLM) and
higher molecular weight (FHM) on R values at 17 and 38 ◦C in ethanol

ance. For example, many researchers have reported values around 20 to
30% [96, 97] as Pt utilization in MEA from CV measurements in N2 atmos-
phere [65, 98] as Pt utilization in MEAs is strongly dependent on the prep-
aration procedure using catalyst ink comprising catalyst and ionomer dis-
persion. Even though relatively higher utilization values have been reported
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Fig. 28 Influence of concentration of Flemion® ionomers on the aspect ratio (4Rl/Rs) in
aqueous solution at 17 ◦C

recently, a precise understanding is not sufficient at present. As a matter of
fact, it is not easy to estimate the detailed structure of the catalyst layers
consisting of catalyst and ionomer with microscopic methods because of
the difference in contrast between catalyst metal and ionomer at high mag-
nification. Trial measurements, such as observation of ionomer on catalyst
particles in MEAs by field emission scanning electron microscopy (FE-SEM),
or HR-SEM, with retarding function or TEM with elemental analysis or TEM
with a cryo-system to decrease the damage of organic ionomer on catalysts by
the electron beam, are reported. Figure 29 shows the existence of nonuniform
coverage of ionomer [95].

Water distribution in membranes or single cells has been analyzed by var-
ious optical methods, neutron radiography (NRG) [99–103], and magnetic
resonance imaging (MRI) [104–107]. Improvement of space resolution under
10 µm is expected.

As for the chemical stability, the Fenton’s reagent prepared from H2O2
aqueous solution and FeSO4 is often used. But it is well known that chem-
ical degradation caused by H2O2 is most vigorous at the state of open circuit
in dry conditions. Fenton tests are conducted in aqueous solution. A new

Fig. 29 a FE-SEM image of dried ink of catalyst and ionomer (ACV = 1 kV). b FE-SEM
image of dried ink of catalyst and ionomer (ACV = 0.3 kV)
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method in which humidified H2O2 gas is introduced into a circumstance-
controlled chamber has been proposed to simulate the real operating state of
PEFCs. A degradation mechanism consisting of unzipping of polymer ends
and scission of main chains is estimated based on the changes of polymer
weight, F release, and molecular weight.

Advancement in computer simulation founded on the molecular orbital
method is expected to contribute to deeper understanding of the formation of
ionic clusters, proton conduction, chemical deterioration of membranes, and
water uptake over 100 ◦C, etc.

8
Summary

Over 160 years and 40 years have passed since the first exhibition of fuel cells
by Grove and the first mission of the Gemini spaceship, respectively. In the
meantime, “energy conversion took the wrong path in 1894” in spite of Ost-
wald’s farsighted proposal according to the text by Bockris [108]. The PFSA
membranes have been the most important components constituting the PEFC
systems since the Biosatellite mission, although various new membranes have
been studied and developed.

The performance of PEFCs and DMFCs has shown remarkable progress
owing to the continuous development and improvement in materials such as
membranes, electrocatalysts, and separators, as well as technical methods for
MEA fabrication. Especially, PFSA membranes whose technologies have been
raised by the chlor-alkali electrolysis industry, and may offer more massive
quantity compared with other types of membranes for PEFCs, gave the great-
est contribution to the development of PEFC systems. The long-term opera-
tion of over 4000 h at 120 ◦C under lower humidity conditions using a newly
developed polymer composite membrane has expanded remarkably the pos-
sibility of polymer electrolyte and PEFC systems. The composite technology
contributed to the improvement of mechanical and chemical performance.

It goes without saying that the commercialization of PEFC systems re-
quires more progress in membrane performance and production technology.
Various technologies in related fields and academic viewpoints and methods
are expected to support and accelerate its attainment.
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Abstract The development of proton-exchange membranes for fuel cells has generated
global interest in order to have a potential source of power for stationary and portable
applications. The membrane is the heart of a fuel cell and the performance of a fuel cell
depends largely on the physico-chemical nature of the membrane and its stability in the
hostile environment of hydrogen and oxygen at elevated temperatures. Efforts are be-
ing made to develop membranes that are similar to commercial Nafion® membranes in
performance and are available at an affordable price. The radiation grafting of styrene
and its derivatives onto existing polymer films and subsequent sulfonation of the grafted
films has been an attractive route for developing these membranes with required chem-
istry and properties. The process of radiation grafting offers enormous possibilities for
design of the polymer architecture by careful variation of the irradiation and the graft-
ing conditions. A wide range of crosslinkers are available, which introduce stability to the
membrane during its operation in fuel cells. Crosslinking of the base polymer prior to
grafting has also been an attractive means of obtaining membranes with better perform-
ance. A systematic presentation is made of the grafting process into different polymers,
the physical properties of the resultant membranes, and the fuel cell application of these
membranes.

Keywords Polymer electrolyte fuel cell · Proton exchange membrane · Radiation grafting

Abbreviations
ATR Attenuated total reflection spectroscopy
cH+ Volumetric density of protons
DG Degree of grafting
DH+ Proton diffusion coefficient
DSC Differential scanning calorimetry
DVB Divinylbenzene
ESR Electron spin resonance
ETFE Poly(ethylene-alt-tetrafluoroethylene)
FEP Poly(tetrafluoroethylene-co-hexafluoropropylene)
FTIR Fourier transform infrared spectroscopy
G value Radiation chemical yield
Gy Gray
IEC Ion exchange capacity
MEA Membrane electrode assembly
MFI Melt flow index
m Mass
n(H2O) Number of water molecules
n(SO3H) Number of exchange sites
PEFC Polymer electrolyte fuel cell
PFA Poly(tetrafluoroethylene-co-perfluorovinyl ether)
pKa Acid dissociation constant
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PSSA Polystyrene sulfonic acid
PTFE Poly(tetrafluoroethylene)
PVDF Poly(vinylidene fluoride)
SANS Small angle neutron scattering
SAXS Small angle X-ray scattering
SEM Scanning electron microscopy
–SO3H Sulfonic acid
TAC Triallylcyanurate
TFS α,β,β-Trifluorostyrene
Tg Glass transition temperature
TGA Thermogravimetric analysis
Tm Melting temperature
XMA X-ray microprobe analysis
XPS X-ray photoelectron spectroscopy
φ Water uptake
λ Hydration number
σH+ Proton conductivity

1
Introduction

Membrane science and technology is the fascinating world of polymers,
which extends from separation science and bioreactors to environmental care
and electrochemistry [1]. The attraction of membranes lies in their energy-
efficient processes combined with their low cost separation, as compared
to conventional techniques. The versatile nature of membranes has made
their application areas grow enormously. Membranes with different shapes
and chemical designs are available, which makes them suitable for processes
such as nanofiltration, reverse osmosis, pervaporation, bioreactors, dialysis,
electrodialysis, electrolysis, and fuel cells. Membranes have generated con-
siderable interest as solid polymer electrolytes in fuel cells, which have been
identified as a promising source of power for stationary and portable ap-
plications [2]. The fuel cell offers several advantages in terms of the high
power densities and having water as a by-product, which makes it an eco-
friendly alternative for energy production. The membrane in a fuel cell offers
support structure for the electrodes and allows proton transport across its
matrix from anode to cathode. The fuel cell requires a proton exchange
membrane that shows good mechanical strength, high chemical stability, and
appropriate ionic conductivity (e.g., > 10–2 S cm–1). In the current state of
technology, perfluorinated membrane materials such as Nafion® (DuPont,
USA), Flemion (Asahi Glass, Japan), and Aciplex (Asahi Kasei, Japan) are
used predominantly in polymer electrolyte fuel cells, due to their attractive
conductivity and chemical stability. However, for market introduction of fuel
cell products, cost-competitive membrane technology has to be developed.
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The Nafion® membrane, for instance, has shown good performance in fuel
cells but has certain limitations, i.e., it has poor ionic conductivity at low
humidity and is available at an expensive rate of ∼ 500 $/m2. The costs for
Nafion®, for example, become attractive only at high production volumes [3].
Consequently, the search for new membrane materials with low cost and the
required electrochemical characteristics, along with performances matching
those of Nafion®, is continuing and has become the most focused research
area in the design of polymer electrolyte fuel cells.

Both the physical and chemical factors are essential for the establishment of
a critical relationship between the structure and performance of a membrane
in operation. Therefore, designing a membrane needs proper understand-
ing of both the polymeric material and the fuel cell requirements. With no
other membrane in sight and under the complexity of inventing new materi-
als, it becomes necessary to modify existing materials into required membrane
structures. A great deal of research effort has been directed to the develop-
ment of membranes by introducing ionic functionality into different polymers.
The sulfonation of polymer films such as in polyetheretherketone and poly-
sulfone is one such approach being used to develop ionic membranes [4–6].
However, the ionic character of membranes needs to be accompanied by their
good performance in fuel cell application. That is why the current efforts have
been directed to the modification of existing polymer films in such a way
that the modified material acquires desired functionality and performs well.
Although the base matrix may be any type of polymer, the selection of the
fluorinated or perfluorinated polymer matrix has been a prime consideration
due to the better chemical and thermal resistance that these polymers provide.
Consequently, the functionalization of these polymers by radiation grafting of
appropriate monomers has become an attractive way to develop such mem-
branes. It is quite spectacular to envisage that polymers can be altered into
materials that display a unique combination of characteristics such as ionic
nature, water absorption, and high conductivity. Enormous work has been car-
ried out on the graft modification of polymers and several reviews have been
published in this domain [7–13]. Recent reviews related to radiation grafting
on fluoropolymers provide thorough knowledge in this area [14–20].

We have confined our goal to reviewing the state-of-the-art in the develop-
ment of radiation grafted proton-exchange membranes. This review provides
an up-to-date summary of the synthesis, properties, and applications of radi-
ation grafted membranes as solid polymer electrolytes in fuel cells.

2
Preparation of Radiation Grafted Membranes

A graft copolymer, in general, can be defined as consisting of one or more
types of molecules, as block, connected as side chains to a main chain. These
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side chains should have constitutional or configurational features that differ
from those of the main chain. The modification of polymers through graft
polymerization offers an interesting route for achieving membranes with de-
sirable characteristics. Depending on the chemical nature of the monomer,
membranes with desired physico-chemical properties may be fabricated.
Therefore, if the monomer is ionic in nature, the grafted membrane acquires
ionic character with little influence on most of its inherent characteristics.
In this section we describe vital aspects that influence membrane fabrication
and performance.

2.1
Nature of Radiation

Membrane development requires activation of the entire bulk of the film so
that modification across the film may be achieved. This makes it necessary
to use high energy radiation, which may penetrate and produce ionization
of the polymer matrix. The nature of the radiation has significant impact
on the physical and chemical properties of the resultant membrane. A wide
range of types of high energy radiation are available to be used for the graft-
ing process. The radiation may be either electromagnetic in nature, such as
X-rays and gamma rays, or charged particles, such as beta particles and elec-
trons. The basic difference between the two types of radiation lies in the
higher penetration of the electromagnetic radiation. Charged particles lose
energy almost continuously through a large number of small energy trans-
fers while passing through matter. However, photons tend to lose a relatively
large amount of intensity by interaction with matter. The advantage of elec-
tromagnetic radiation, such as gamma rays, is that the fractions of photons
that do not interact with a finite thickness of the material are transmitted with
their original energies and directions (exponential attenuation law). Hence,
the dose rate of radiation may be easily controlled by the use of a suitable
attenuator without influencing the photon energy, which is a very important
aspect in radiation-initiated polymerization of monomers.

Although different gamma sources are available today, the most versatile
gamma radiation source is Co60, which has a long half-life of 5.3 years and
emits radiation of 1.17 and 1.33 MeV (mean value of 1.25 MeV). Two differ-
ent types of gamma radiation source are available for irradiation. One of the
sources is a cavity-type unit where a hollow source in the form of a cylin-
der remains stationary. The Co60 remains in this cylindrical structure as the
pins. The sample is introduced into this cylinder cavity by means of a mov-
ing drawer. The sample moves down inside the cavity during the exposure
stage. Once the irradiation is over, the sample is drawn out and may be sub-
sequently removed. The second type of source is a cave-type where Co60 is
kept in a shielded container. The whole unit is kept underground and the
source moves out with the help of a moving belt for irradiation of a station-
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ary sample. The latter type is usually used for the irradiation of samples at an
industrial scale.

Exposure of the polymer to radiation is expressed as the absorbed dose.
The absorbed radiation dose is defined as the amount of energy imparted
to the matter. The units initially used for the radiation dose were rad and
Mrad. The most recent unit of radiation is Gray (Gy), which corresponds to
104 erg g–1. For higher doses, another unit, kilogray (kGy), is used. The dose
rate, therefore, is defined as the adsorbed dose per unit time (Gy min–1). Since
radiation grafting proceeds by the generation of free radicals on the polymer
as well as on the monomer, the G value (i.e., radiation chemical yield, ex-
pressed as the number of free radicals generated for 100 eV energy absorbed
per gram) plays an important role in the grafting process. For most polymers
the G value remains in the range 2–3.

2.2
Graft Polymerization

Radiation-induced grafting is a process where, in a first step, an active site is
created in the preexisting polymer. This site is usually a free radical, where
the polymer chain behaves like a macroradical. This may subsequently ini-
tiate the polymerization of a monomer, leading to the formation of a graft
copolymer structure where the backbone is represented by the polymer be-
ing modified, and the side chains are formed from the monomer (Fig. 1). This
method offers the promise of polymerization of monomers that are difficult
to polymerize by conventional methods without residues of initiators and cat-
alysts. Moreover, polymerization can be carried out even at low temperatures,
unlike polymerization with catalysts and initiators. Another interesting as-

Fig. 1 Radiation-induced grafting
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pect of the radiation grafting process is that the grafting may be carried out
onto a polymer irrespective of its shape or form. Still, membrane develop-
ment requires that the grafting is carried out on polymers already existing in
the form of a film so that the resultant material remains in sheet form. This
overcomes the problem of shaping a grafted polymer bulk into a thin foil.
Graft polymerization using high energy radiation is one of the most conve-
nient and the most effective way to develop membranes. By virtue of the high
energy of radiation, the photon penetrates effectively into the polymer bulk
and activates the matrix thoroughly. This process, therefore, offers a unique
way to combine the properties of two highly incompatible polymers. Another
attractive feature of radiation grafting is that the degree of grafting may be
easily controlled by proper monitoring of the radiation dose, dose rate, and
the reaction conditions.

Radiation grafting may be carried out by using three different op-
tions [21, 22]:

1. Simultaneous radiation grafting is where both the polymer and the
monomer are exposed to radiation. In situ free radical sites are generated
and the polymerization of the monomer is initiated. The limitation of this
method is that the monomer is continuously exposed to radiation during
the grafting reaction and hence extensive homopolymerization proceeds
parallel to the grafting reaction, which leads to monomer wastage and a
low level of grafting efficiency in a system.

2. Preirradiation grafting (hydroperoxide method) involves activation of the
polymer by exposure to radiation under air, which results in the creation
of radicals along the macromolecular backbone. These radicals subse-
quently interact with the oxygen and form peroxides. The graft polymer-
ization is initiated by the decomposition of these peroxides at an elevated
temperature. The drawback of this process is that significantly high irradi-
ation doses are needed to achieve a sufficient number of hydroperoxides to
accomplish reasonable graft levels, which leads to drastic changes in the
physical structure of the polymer and oxidative degradation, even before
any grafting is initiated and this is subsequently reflected in the membrane
characteristics.

3. Preirradiation grafting (trapped radicals method) involves irradiation of
the polymer under inert atmosphere or under vacuum. As a result, the
radicals are formed and remain trapped within the polymer matrix. These
radicals subsequently initiate the grafting of a monomer.

It is important to mention that because of the inherent differences in the ir-
radiation approaches, the physical characteristics of the membranes will be
dependent on the adopted grafting process. The extent of polymerization is
expressed as the degree of grafting (DG), which is defined as the percentage
mass of the grafted component within the copolymer matrix. On the other
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hand, grafting efficiency refers to the percentage conversion of the monomer
into the grafted component with respect to the total monomer conversion.

2.3
Radiation Effects on Polymers

Knowledge of the influence of irradiation on polymers is extremely important
because even a low irradiation dose may introduce significant alteration in the
physical structure of the polymer prior to any grafting being accomplished.
The outstanding properties of fluoropolymers, such as excellent chemical
resistance, mechanical strength, high temperature stability, and good weath-
ering make them strong candidates as membranes for a highly oxidizing
environment such as in fuel cells. However, interaction of the high energy
radiation with such polymers may induce significant physical and chem-
ical changes. The irradiation causes ionization of the matrix leading to the
formation of ions, radicals, and excited species. The ultimate result is re-
flected in the chain scission and crosslinking, along with the formation of
volatiles, leading to significant variation in the molecular weight of the poly-
mer. The magnitude of these processes will be dependent not only on the
chemical nature of the polymer matrix, but also on the nature of the radi-
ation, temperature of the irradiation, and irradiation doses. The irradiation
medium may further induce chemical changes depending on the nature of the
medium.

Among the fluoropolymers, poly(tetrafluoroethylene) (PTFE) undergoes
severe degradation even under mild irradiation conditions both under air and
in vacuum [21]. The radiation sensitivity of PTFE is so high that it is readily
converted into a low molecular weight fine powder under ionizing radiation.
The irradiation leads to the formation of acid fluoride (–COF) groups within
the polymer matrix, which easily hydrolyze into carboxylic groups (–COOH)
in contact with atmospheric humid air [23, 24]. This is the reason that sur-
face concentration of –COOH increases with increasing irradiation doses and
enhances its surface energy [25]. The polymer degradation is associated with
the formation of chain end free radicals, (–CF2–·CF2) or chain alkyl radicals,
(–CF2–·CF–CF2–), where chain end radicals originate as a result of the main
chain scission as observed by electron spin resonance (ESR) [26]. This con-
tributes to the considerable loss in thermal stability of the irradiated polymer
and becomes so pronounced that the initial decomposition temperature, as
observed in thermogravimetric analysis, is brought down from 530 to 240 ◦C
for an irradiation dose of 100 kGy [27].

The radiation chemistry of copolymers of tetrafluoroethylene with other
perfluorinated moieties, such as hexafluoropropylene, is almost identical to
that of PTFE with the difference that the relative magnitude of crosslink-
ing and scission varies significantly. The various chemical moieties that have
been identified under irradiation are presented in Fig. 2. Although these stud-
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Fig. 2 Possible radicals formed on radiolysis of FEP (redrawn from [30])

ies on radiolysis of poly(tetrafluoroethylene-co-hexafluoropropylene) (FEP)
are well supported by the studies of Iwasaki et al. [28], there is less agree-
ment on the nature of the radicals and their quantification at different
doses [29, 30].

The irradiation temperature of the polymer has distinct influence on the
relative proportions of the radical moieties. The irradiation of FEP at a tem-
perature as low as 77 K involves the radicals I and II as the major contributors,
while very little originates in the form of III and IV. However, the irradi-
ation at room temperature (300 K) shows a much higher contribution of
chain end radicals, with the G values being 0.22 and 2.0 at 77 and 300 K, re-
spectively. As far as the radical concentration in FEP as a function of the
irradiation dose at 77 and 300 K is concerned, the radical concentration at
300 K is much higher than at the lower temperature, probably due to the
enhanced molecular mobility and resultant chain scission at higher tempera-
ture [30]. Identification of the radical I as one of the principal radicals on
radiolysis at 77 and 300 K is consistent with the main chain scission be-
ing the major bond-breaking step during gamma irradiation of FEP at both
these temperatures. These observations are supported by the investigations
on poly(tetrafluoroethylene-co-perfluorovinyl ether) (PFA). The nature of the
radicals in PFA, as determined by ESR, was identified to be I and II. However,
G values for radical formation at room temperature and 77 K were found to
be 0.93 and 0.16, respectively [31], which is higher than the values for PTFE
of 0.4 and 0.14 [32].

There is a systematic difference in the degradation behavior of PTFE from
FEP and PFA under ionizing radiation. Both the FEP and PFA contain a pen-
dent group in the form of –CF3 and –OC3F7, respectively. This has direct
bearing on the crystalline structure of the polymer due to impedance in
the chain packing by these substituting groups. The higher amorphous re-
gion in these two polymers would therefore lead to greater radical mobility
and subsequent chain scission as compared to PTFE. The high sensitivity
of PTFE to irradiation is because the radicals have restricted movements
in a highly crystalline matrix and therefore inhibit radical–radical recombi-
nation. Both PFA and FEP undergo side-chain cleavage and therefore have
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more chain end radicals. Recombination of the radicals is restricted and the
chain scission proceeds smoothly, resulting in the formation of a higher num-
ber of radicals. This further reflects into the greater number of carboxyl
groups (transformation of –COF to –COOH), which proceeds in the order
FEP > PFA > PTFE [33].

The irradiation of poly(vinylidene fluoride) (PVDF) brings about little en-
hancement in the crystallinity for irradiation doses of about 100 kGy similar
to poly(ethylene-alt-tetrafluoroethylene) (ETFE). However, beyond 100 kGy,
ETFE shows significant loss in the crystallinity but PVDF remains almost un-
changed [34].

The irradiation of fluoropolymers at elevated temperatures has been ex-
plored for the development of materials with better mechanical proper-
ties [35]. This arises because of the radiation-induced crosslinking of chains
and subsequent higher network density in the resultant polymer [36]. Here,
the irradiation is accomplished at a temperature higher than the melting
point of the polymer. In the molten state, the polymer behaves as an amorph-
ous matrix and the mobility of molecular chains is considerably enhanced.
This promotes the mutual recombination of radicals, i.e., crosslinking involv-
ing chain end radicals and chain alkyl radicals [37].

Irradiation even at a dose as low as 5 kGy brings about a drastic improve-
ment in the tensile strength of PTFE. As the irradiation temperature increases
from room temperature towards below melting, the mechanical strength de-
creases quite rapidly. This is an indication that the chain scission is acceler-
ated with increasing temperature. However, once the irradiation temperature
crosses the melting temperature and reaches beyond 340 ◦C, both modulus
and tensile strength tend to increase considerably, because the polymer enters
into a molten state where the network formation is facilitated. Such behavior
has been observed by other workers under different irradiation doses [38].
It is interesting to note that the crystallinity of the polymer undergoes dras-
tic reduction with the increasing dose. This is an obvious outcome of the
crosslinking of chains, which lowers the molecular mobility and prevents the
chains from undergoing crystallization upon cooling. The crosslinking is so
pronounced that an irradiation dose of 2 MGy leads to complete inhibition of
crystallization in PTFE [32].

The radiation processing of FEP has shown that crosslinking proceeds fa-
vorably at temperatures above its glass transition temperature (70–90 ◦C)
under vacuum. The crosslink density, as measured by the gel content, tends to
increase sharply upon gamma irradiation at around 90 ◦C and reaches values
as high as 35% at 160 ◦C [39]. Based on X-ray photoelectron spectroscopy
(XPS), it has been found that the radical IV (Fig. 2) dominates over other
species under gamma irradiation [40]. This structure originates from the hex-
afluoropropylene units in the copolymer. The combination of structure IV
with I has been proposed to be the most probable route to the crosslinking
reaction. This is further supported by the investigations of Sun et al. [41],
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where structure IV was proposed to be the one involved in the crosslinking
reaction with other radicals. The tetrafluoroethylene component along the
polymer chain still undergoes the crosslinking reaction. Forsythe et al. [42]
have made comprehensive studies on the gamma irradiation-induced changes
in the chemical and mechanical behavior of poly(tetrafluoroethylene-co-
perfluoromethylvinylether). Irradiation at the temperature range 77–195 K
did not result in any gel formation, indicating that the crosslinking is al-
most suppressed at these temperatures. Tensile strength diminished and
elongation increased, suggesting that chain scission is the most appropri-
ate change taking place. The strong evidence in favor of this degradation
comes from the diminishing glass transition temperature in this temperature
range. Crosslinking dominated over chain scission at 263 ◦C and above, where
gelation also approached 80–90% and tensile strength also showed a sharp
increase.

2.4
Grafting Parameters

The design of membranes by radiation grafting covers not only the cova-
lently linked incorporation of an ionic component but also requires perfect
tailor-making to govern how well the molecular architecture, physical prop-
erties, and morphology of the membranes may be controlled. A wide range
of polymers have been grafted, predominantly with styrene or its derivatives,
using different crosslinkers. Tables 1–3 illustrate the common base films,
monomers, and crosslinkers used in radiation-induced grafting [43–46].

Graft polymerization is strongly influenced by irradiation and synthesis
conditions, such as radiation dose, dose rate, monomer concentration, re-
action temperature, pregrafting storage, solvents, and additives (irrespective
of the base matrix). Most of the work on membrane preparation follows the
graft polymerization of styrene onto polymers and the subsequent sulfona-
tion. The pioneering work of Chapiro on radiation-induced grafting led to
interesting observations on the grafting process and opened up the route
for several possibilities in radiochemical grafting of polymer films [47–50].
For most of the polymer–monomer systems, grafting proceeds by the graft-
ing front mechanism, as proposed by Chapiro for grafting into polyethylene
and FEP films [51–53]. The initial grafting takes place at the film surface
and behaves as the grafting front. This grafted layer swells in the reac-
tion medium and further grafting proceeds by the progressive diffusion of
the monomer through this swollen layer and grafting front movement to
the middle of the film. This mechanism of grafting has recently been the
basis of several other investigations on membrane preparation based on
polyethylene, FEP, and PFA films as the base matrix [54–57]. The follow-
ing sections deal with the various parameters and factors that influence
the DG.
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Table 1 Common base polymer films used for the preparation of radiation grafted FC
membranes [43]

Polymer Abbreviation Repeating unit

Perfluorinated polymers

Polytetrafluoroethylene PTFE

Poly(tetrafluoroethylene- FEP
co-hexafluoropropylene)

Poly(tetrafluoroethylene- PFA
co-perfluoropropyl vinyl ether)

Partially fluorinated polymers

Polyvinylidene fluoridea PVDF

Poly(vinylidene fluoride- PVDF-co-HFP
co-hexafluoropropylene)

Poly(ethylene-alt- ETFE
tetrafluoroethylene)

Polyvinyl fluoride PVF

Hydrocarbon polymers

Polyethylene PE

Table 2 Monomers used for the preparation of radiation grafted FC membranes [43]

Styrene α,β,β-Trifluorostyrene (TFS)

α-Methyl- Substituted trifluorostyrene
styrene (AMS) (R = SO2F, Me, MeO, PhO, . . .)
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Table 3 Crosslinkers used as co-monomers in the radiation grafting process [43]

Divinyl benzene Bis(vinyl phenyl)ethane Triallylcyanurate
(DVB) (BVPE) (TAC)

2.4.1
Nature of Base Polymer

The chemical nature of the base polymer is an important aspect in membrane
development. There has been preference for the thermally stable fluorinated
polymers over hydrocarbon polymers. Fluorine-containing polymers, charac-
terized by the presence of carbon–fluorine bonds, are widely used as the base
matrices owing to their outstanding chemical and thermal stability, low sur-
face energy, and the ease of modification of various properties by the grafting
method. Perfluorinated polymers and partially fluorinated polymers combin-
ing hydrocarbon and fluorocarbon structures are excellent candidates as base
polymers. For instance, fluorinated FEP has drawn wide attention due to its
reasonably good radiation stability [58].

The membranes, developed at the Paul Scherer Institut (PSI, Switzerland)
for fuel cell applications, were initially based on FEP [59–61]. The use of
ETFE as base material was revisited recently in this laboratory since ETFE
is readily available in higher molecular weights and has desirable mechani-
cal properties such as breaking strength and flexibility, which are enhanced
with increasing molecular weight [62]. ETFE contains alternating structural
units of ethylene and tetrafluoroethylene that confers a unique combination
of properties imparted from both fluorocarbon and hydrocarbon polymers.
Moreover, undesirable chain scission reactions occurring during preirradia-
tion grafting can be minimized by using ETFE, especially in combination with
electron beam irradiation under inert atmosphere [63].

The base polymer film type and its properties (such as film thickness, ex-
tent of orientation, and molar mass) have significant effect on both the degree
of grafting and resultant membrane properties [64, 65]. Walsby et al. [65] have
reported that under identical conditions, grafting of styrene onto different
base polymers yielded different graft levels. The authors indicated that graft
levels were 5% for PTFE, 56% for PVDF, 28% for FEP, and 62% for ETFE. It
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seems that the influence of the base polymer matrix on grafting is a complex
scenario. The differences obtained in graft level may be due to the different
radical concentrations, different structures of the radical centers, and differ-
ent degrees of crystallinity. Since the grafting essentially takes place in the
amorphous region, the high crystallinity of the polymer would provide lesser
radicals in the amorphous region accompanied by low monomer diffusion
for subsequent graft initiation and propagation. The glass transition tempera-
ture (Tg) may also contribute in terms of the mobility of the macromolecular
chains in the amorphous region. If the grafting is carried out at a tempera-
ture higher than the Tg, the enhanced mobility of chains would favor mutual
recombination of growing grafted chains, leading to the low graft levels [65].
The radical concentration in PTFE tends to be two orders of magnitude lower
than in polyethylene and ETFE for an irradiation dose of 100 kGy and may
be one of the reasons for low graft levels [66]. ETFE films are found to yield
higher graft levels than that of FEP under identical grafting conditions. This
behavior may be attributed to the greater number of reactive sites available
for ETFE since more radicals are expected to be formed per kGy of radiation
dose (lower bond strength of C–H than C–C and C–F) [67, 68].

Increasing the molecular weight of the base polymer film causes a decrease
in the DG. Melt flow index (MFI) measurements are especially useful for ob-
taining both qualitative and quantitative information about the molecular
weight of polymers, chain scission, and crosslinking. It was reported that MFI
increases due to chain scission upon ETFE irradiation in air. Also, ETFE films
tend to undergo crosslinking during irradiation at room temperature under
inert atmosphere [64]. It is also observed that higher irradiation doses are
required for thinner base films than for thicker ones to achieve comparable
DG under identical grafting conditions. This may be attributed to the greater
extent of orientation of polymeric chains in the machine direction in thin-
ner films [63]. The extent of orientation has a significant effect on polymer
permeability, which decreases as the orientation increases [64]. A negative de-
pendence of grafting rate on film thickness for the grafting of acrylic acid
onto PTFE has been observed [69]. However, other investigations have shown
that the film thickness has no significant effect on grafting yield [70].

Another interesting development in membrane fabrication has been the
use of porous base films [71]. The grafting of a monomer and subsequent
sulfonation still leads to porosity in the membrane bulk. However, this mem-
brane may be densified by impregnating it to substantially fill the porosity,
or the porosity may be collapsed by the application of pressure and heat. The
heating may be carried out to at least a melt flow temperature of the film but
at a lower melting temperature (Tm) than grafted side chains.

The pregraft storage of irradiated films is an important aspect of mem-
brane preparation. It has been observed that fluorinated polymers retain
their grafting ability for a longer period, irrespective of their chemical struc-
ture [47, 72]. Horsfall et al. [73] have shown that irradiated ETFE and PVDF
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Fig. 3 Effect of low temperature storage on degree of grafting for the preirradiation graft-
ing method [73]

films remain active even after more than a year of storage (Fig. 3). The storage
of films may be accomplished at a low temperature of –18 ◦C or even less. The
behavior of polyethylene films has shown to be quite different as they undergo
considerable loss in the DG with storage [52]. This opens up an interesting as-
pect in the preirradiation grafting of monomers onto fluorinated polymers,
where irradiation may be carried out once and the resultant films may be
stored for subsequent membrane fabrication. It was reported that the storage
of irradiated FEP films at –60 ◦C in the dark for 118 days had no significant
effect on grafting [72].

2.4.2
Irradiation Dose and Dose Rate

The influence of the irradiation dose and dose rate on the grafting process has
been the subject of detailed investigations. As the radiation dose increases,
the number of radical sites generated in the grafting system also increases.
This has been observed in the simultaneous radiation grafting of styrene
into PTFE films, where the grafting increases almost linearly with the in-
crease in the radiation dose and reasonably high graft levels up to 70% were
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achieved [74, 75]. However, higher irradiation doses are not preferred due to
the deterioration of mechanical properties [76].

Rager [77] has investigated the influence of irradiation dose on DG for
grafting of styrene onto preirradiated FEP films (Fig. 4). Although DG in-
creases as dose increases, it becomes more difficult to obtain higher degrees
of grafting through a further increase in irradiation dose [77].

Chapiro [47, 48] demonstrated for the first time that the grafting yield in-
creases with the total irradiation dose and is independent of the dose rate at
low dose rates for simultaneous grafting of methyl methacrylate and styrene
onto PTFE. It was emphasized that at low dose rates, the rate of polymer-
ization was slow and grafting was diffusion controlled, whereas at high dose
rates, the higher rate of polymerization exceeded the rate of diffusion and
grafting was limited to the surface [47, 48]. As a matter of fact, the final
DG increases with increasing dose and with decreasing dose rate for styrene
grafting into PFA and PP [12]. It is important to note that a more efficient uti-
lization of radicals is followed in simultaneous radiation grafting as compared
to the preirradiation method. For the grafting of styrene onto Teflon–FEP
films, a graft level of 40–50% is achieved using a radiation dose of 15 kGy in
the simultaneous grafting method as compared to 100 kGy for similar graft
levels in the preirradiation grafting method using gamma rays [72]. A signifi-
cant fraction of radicals are deactivated during the course of preirradiation,
and the polymer requires optimum activation by irradiation at additional
doses to accomplish the high DG.

Fig. 4 Grafting kinetics as a function of preirradiation dose (grafting conditions: FEP
25 µm, 50% monomer concentration in isopropanol, 10% DVB, 60 ◦C) [76]
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It is observed that gamma and electron beam irradiation lead to identi-
cal degrees of grafting in FEP-g-polyacrylic acid systems [53]. However, the
grafting of acrylic acid into polyethylene films shows much higher grafting
under gamma irradiation than under electron beam irradiation [52]. The dif-
ference in the behavior of FEP and polyethylene films lies in the ability of
the polyethylene film to hydroperoxidize under the influence of irradiation.
Moreover, gamma irradiation is carried out for a longer period than electron
beam irradiation. Therefore, the hydroperoxide build-up is much higher in
gamma irradiated films and offers much higher graft levels than are achieved
in electron beam. Certainly, the influence of crystallinity and other factors
needs to be considered, which will be over and above the influence of the
chemistry of the polymers. This is what has been observed in the preirradi-
ation grafting of styrene onto PVDF, where the graft levels are two to four
times higher than for poly(vinylidene fluoride-co-hexafluoropropylene) [65].
Looking at the composition of this copolymer, there is only 7% hexafluoro-
propylene present in the copolymer matrix, but it diminishes the grafting
drastically. Hexafluoropropylene not only enhances the plasticization of the
matrix but also interferes with the crystallization process and results in low
crystallinity. As a result, the mobility of chains is enhanced and radical–
radical crosslinking dominates over the grafting process.

The radiation dose rate has a profound influence on the equilibrium graft-
ing of styrene onto various polymers, both in the vapor phase and in solution,
using the simultaneous grafting method [75, 78, 79]. The initial rate of graft-
ing in such systems increases with the increase in the radiation dose. This
is the outcome of the efficient utilization of radicals in graft initiation and
subsequent chain propagation. It needs to be mentioned here that in the ini-
tial stages, homopolymer formation is very limited and the grafting proceeds
smoothly with time. Owing to the faster homopolymerization, the graft-
ing at higher dose rates reaches saturation much faster than at lower dose
rates. However, for a constant radiation dose, the higher dose rate results
in low graft levels and, maybe because the radical concentration is so high,
the radical–radical recombination becomes the dominant reaction [75, 78].
Under such conditions, radiolysis reaches equilibrium with radical deactiva-
tion and the radical concentration does not increase further with a further in-
crease in the dose rate [31]. Moreover, the higher rate of homopolymerization
follows at higher dose rate and leads to an increase in viscosity and a deple-
tion in monomer content. As a result, the monomer availability through the
grafted layers is reduced [79–81].

The order of dependence, determined as 0.64 for styrene grafting into
FEP [72], 0.58 for grafting of acrylic acid into FEP [82], and 0.53 for styrene–
acrylic acid [83], is in agreement with the theoretical value of 0.5 for free
radical polymerization. Momose et al. [70] reported that for the grafting of
α,β,β-trifluorostyrene (TFS) into ETFE, the grafting rate and final percent
grafting increase with increasing preirradiation dose, with the dose exponent
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of 0.3. The low dependence of grafting rate on the preirradiation dose may
be attributed to the decay of trapped radicals due to the increased tempera-
ture during irradiation, radical decay during storage, or decay due to radical
recombination. A similar trend has been reported for the radiation-induced
grafting of acrylic acid onto PTFE [69, 84].

2.4.3
Monomer Concentration

Monomer concentration is the most dominant of the factors that significantly
influence the grafting process. As long as the monomer accessibility to the
propagating sites is facilitated, the grafting proceeds smoothly. This is the rea-
son that an increase in the monomer concentration leads to an increase in
the DG, which is observed for both the simultaneous and preirradiation graft-
ing systems. The increase in grafting with increasing monomer concentration
has been observed for the grafting of styrene and styrene–acrylic acid mix-
ture into FEP films [55, 72]. Both the initial rate of grafting and equilibrium
DG increase with the styrene concentration in the range of 20–100% [51].
This suggests that the grafting proceeds smoothly with the regular diffusion
of monomer within the film. In contrast to the higher monomer dependence
(1.9) observed for styrene grafting into FEP previously [72], a first-order de-
pendence of the rate of grafting on the monomer concentration indicates that
classical free radical polymerization kinetics operate in the system. However,
the complexity arising from the extensive homopolymerization during the
grafting may hinder monomer diffusion to the radical sites and may lead
to diminishing grafting. This may lead to the maxima at specific monomer
concentrations, beyond which the grafting would decrease rapidly. Liang
et al. [85] have observed a maximum in the simultaneous radiation grafting
of styrene into PTFE films, where the peak was observed at 70% monomer
concentration in the grafting medium (Fig. 5).

Our group studied the influence of monomer concentration on styrene
grafting into ETFE, using isoproponal/water as the solvent [80]. We found
that the DG increases dramatically with an increase in the styrene concen-
tration, until it reaches a maximum at 20% (v/v) styrene for reaction times
above 2 h, and then decreases sharply as the concentration further increases.
For grafting times below 2 h, this maximum is shifted to 50% (v/v) styrene.
The increase in graft level was attributed to the increase in styrene diffusion
and its concentration in the grafting layers. We determined the order depen-
dence of the grafting rate on monomer concentration as 1.5. Nasef et al. [81]
reported similar results for styrene grafting into ETFE in methanol as solvent.
Moreover, these authors determined that the initial rate of grafting was sig-
nificantly dependent on styrene concentration with an exponent as high as
2.0, which is not in agreement with a first-order dependence of free radical
polymerization.
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Fig. 5 Variation of DG with monomer concentration (grafting conditions: 20 kGy dose,
110 Gy min–1 dose rate, dichloromethane as the solvent, 50 µm film, ambient temperature,
nitrogen atmosphere) [85]

It is important to see that a similar trend has been observed for the grafting
of styrene into all three (PTFE, FEP, and PFA) films under identical condi-
tions [75, 78, 86]. The DG increased dramatically with the increase in styrene
concentration until it reached a maximum, and then decreased sharply as
the concentration was increased further [74]. The authors emphasized that
the DG of styrene in PTFE depends on both the number of radicals formed
and the diffusion of styrene through the polymer matrix, and on its con-
centration in the grafting layers. Therefore, the increase in the DG in this
system may be attributed to the increase in styrene diffusion and its con-
centration in the grafting layers. At very high concentrations of styrene,
homopolymer formation was enhanced and the diffusion of styrene across
the viscous medium was hindered. These studies are also supported by Car-
dona et al. [12] who observed that with increasing monomer concentration
the DG reached a maximum and then decreased for styrene grafting into PFA
and polypropylene.

The location of the maxima will be somewhat influenced by the nature
of the solvent used in the reaction medium [56]. The initial rate of grafting
should be largely dependent on the diffusibility of the monomer into the ma-
trix and the grafting solvent must properly swell the grafted zone and make
monomer diffusion possible. Such behavior has been proposed to be associ-
ated with styrene diffusion and its concentration within the grafted layers.
It is stated that an increase in the monomer concentration up to 60% is ac-
companied by higher monomer availability within the bulk matrix, beyond
which extensive homopolymerization leads to the depletion of monomer in
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the grafting medium and subsequent reduction of styrene diffusion into the
film. The diffusion phenomenon has also been considered to be a decisive
factor in the grafting of styrene into ETFE [87]. The grafting of styrene with
acrylonitrile has been investigated recently [88]. It was observed that the
graft yield is considerably enhanced by the addition of acrylonitrile as the
co-monomer.

Our patent search of last 5 years shows that although most of the stud-
ies have been directed to the use of styrene-based monomers [89–92]. Some
workers have tried to use substituted styrenes such as TFS to graft onto
FEP [93–95]. The DG in fact remained lower than that observed for styrene
grafting [93]. Momose et al. [96] has been granted a patent on the devel-
opment of TFS-based graft copolymer membranes using both low density
polyethylene and ETFE as the base polymers. Other patents describe graft-
ing of TFS and trifluorovinyl naphthalenes onto ETFE film, which facili-
tates the introduction of more than one sulfonic acid group per monomer
unit [97–102]. Considerably higher graft levels of ∼ 80% and ∼ 44% have
been achieved for TFS and p-methyl trifluorostyrene, respectively [100].
A more recent patent describes the influence of the grafting mixture al-
cohol/water on the grafting of TFS derivatives [103]. Furthermore, a novel
monomer combination, namely α-methylstyrene/methacrylonitrile, as graft-
ing component is discussed in [104].

2.4.4
Grafting Temperature

The reaction temperature has a significant influence on the DG, irrespective
of the nature of the polymer and the monomer. The general observation has
been a decrease in the equilibrium DG as the reaction temperature increases.
On the other hand, the initial rate of grafting increases with increasing tem-
perature [72]. As a matter of fact, grafting is controlled by a cumulative effect
of the monomer diffusion within the polymer bulk, termination of the grow-
ing polymer chains, and the deactivation of the primary radicals.

As the reaction temperature increases, the monomer diffusivity within the
bulk also increases. This enhances the monomer accessibility to the graft-
ing sites within the polymer bulk. As a result, the rate of initiation and
propagation is enhanced. This is the reason that the initial rate of grafting
increases with the increasing temperature. The other aspect of grafting is
that the grafted zone remains swollen in the grafting medium, which leads
to high mobility of the growing chains within the matrix. Therefore, termi-
nation of the two growing chains by mutual combination becomes dominant
at higher temperatures. At the same time, the primary radical termination
may also accelerate by the time the monomer reaches their vicinity. In spite
of the higher rate of initial grafting, the final DG would decrease. A simi-
lar tendency has been reported for the grafting of styrene onto ETFE-based
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Fig. 6 Variation of DG with time at various temperatures (grafting conditions: 60 kGy
dose, 60% monomer concentration, 50 µm film) [72]

films [64, 80, 81] and the grafting of TFS onto ETFE, FEP, PTFE, PFA, and
LDPE films [105].

These observations are well in line with those of Rager [77]. The graft-
ing studies were carried out at 50–85 ◦C and showed that the initial rate of
grafting increases with the grafting temperature.

It may be mentioned that the Tg plays an important role in the graft-
ing process. If Tg is lower than the grafting temperature, the mobility of
chains is very high. Under such circumstances, the probability of primary
radical termination becomes dominant. The final DG as a result may de-
crease. However, it may be overshadowed by the faster rate of chain initiation
and higher monomer diffusivity at higher temperatures [72], as shown in
Fig. 6. As a matter of fact, a sharp increase in the rate of grafting may be
envisioned at the Tg of the specific polymer.

2.4.5
Grafting Medium

The graft copolymerization reaction is carried out by bringing the acti-
vated base polymer film into contact with the monomer in liquid or vapor
form. The use of solvents in radiation grafting enhances the accessibility of
monomer to the grafting sites due to the ability of the solvent to swell the base
polymer. In poor swelling solvents, surface grafting occurs due to the slow
down in monomer diffusion within the polymer. However, in good solvents,
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bulk grafting is highly favored and homogenous grafting is obtained across
the film thickness.

The instantaneous swelling of the grafted matrix within the reaction
medium is an important factor that governs the grafting process. With the
progression of grafting, the polymer film is continuously being transformed
into a grafted structure. It is, therefore, the swelling of the grafted matrix in
the reaction medium of specific monomer composition that influences the
monomer diffusion within the film. The swelling at 10 and 60% monomer
concentration in the medium may be different than at higher concentrations
and may, therefore, be reflected in the low graft levels, as observed in Fig. 5.
This is further supported by the grafting of acrylic acid into polyethylene
films, where a similar maximum was observed at 25% monomer concentra-
tion [51]. It was observed that the swelling of the grafted film is considerably
reduced in a grafting medium containing monomer at higher than 25%,
which diminishes monomer diffusion and hence the availability to the prop-
agating chain within the bulk.

The nature of the solvent in the grafting medium is an interesting aspect
of achieving efficient graft polymerization. The type of solvent and the com-
position of the monomer/solvent mixture may influence the grafting kinetics,
the length of grafted chains, and polymer microstructure. Benzene, toluene,
dichloromethane, and alcohols (methanol, ethanol, and propanol) have been
employed as solvents for radiation grafting of styrene and styrene deriva-
tives. It seems that a combination of the polarity (solubility parameter) and
chain transfer constant of the solvent plays a major role in graft propaga-
tion. The use of dichloromethane has been observed to produce higher graft
levels over benzene and methanol [56]. The radical yield in different sol-
vent mediums has been established to be the reason behind such grafting
behavior. The radical yields of irradiated styrene solutions in methanol, cy-
clohexane, and benzene have the order methanol < cyclohexane < benzene.
The speculations of Nasef [78] and Dargaville et al. [13, 106] about the effect
of viscosity changes in the grafting medium (due to the insolubility of poly-
styrene in methanol as medium) on decreasing the graft levels do not seem
realistic. It may, in fact, be the lower swelling of the polystyrene-grafted ma-
trix in methanol/styrene mixture as the medium that lowers the monomer
diffusion within the film and results in a low DG. In such systems, the swelling
of the original polymer matrix is not as important as that of the grafted ma-
trix in the solvent medium [107]. This is achieved by using a solvent for the
grafted component in combination with the monomer. The propagating graft
chains become solvated in the surrounding medium. Since these chains are
part of the matrix, the whole matrix exerts swelling. As the grafting proceeds,
more polystyrene grafts are incorporated, leading to higher swelling of the
matrix, which allows more and more monomer to diffuse into the polymer
bulk for the propagation reaction. It is, therefore, the perfect matching of
the solubility parameter of the solvent with the grafted polymer domain that
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would influence the swelling of the matrix during the grafting process. Ben-
zene has a solubility parameter (18.6) much closer to that of styrene (19) as
compared to dichloromethane (17.6) and methanol (29.7) [108]. The swelling
of the polymer, therefore, would be higher in a solvent where the solubility
parameters of the two are closer to each other. This would provide the least
swelling in methanol but higher swelling of the grafted matrix in benzene
medium for styrene-grafted films.

Cardona et al. [56] investigated the correlation of the efficiency of
the grafting process with solubility parameters for polystyrene in var-
ious solvents. The authors reported that for grafting of styrene onto
PFA in dichloromethane, the DG is higher than that of styrene in ben-
zene and methanol. The chain transfer constants (0.15, 0.2, and 0.296 for
dichloromethane, benzene, and methanol, respectively) were important pa-
rameters in this context. Low graft levels are obtained with solvents having
a high chain transfer constant, since the growing chain will be quickly ter-
minated, whereas solvents with low chain transfer constants enhance the
propagation step and lead to higher grafting yields. The influence of sol-
vent viscosity also plays an important role in surface graft–polymerization
reactions [109].

An additional factor that originates from the use of a non-solvent medium,
such as methanol, is the precipitation of the propagating chains and hin-
drance of diffusion of the monomer to the internal layers within the film,
resulting in a decrease of the grafting [56]. However, recent investigations
on the grafting of styrene onto PVDF and FEP films have exploited the use
of alcohols as non-solvent for achieving higher graft levels [76, 107]. The
pre-irradiation grafting of styrene/divinyl benzene (DVB) onto FEP films is
accelerated in alcohols in the order methanol < ethanol < propanol. A four-
fold increase in grafting kinetics was observed when toluene was replaced by
isopropanol and has been attributed to the Trommsdorff effect, which can
occur in chain polymerization when the increasing viscosity limits the rate of
termination because of diffusion limitations operating in the system [110].

This certainly opens up an interesting route for achieving membranes
with reasonable DG for relatively lower irradiation doses, which might be
beneficial in retaining the mechanical properties of membranes to a large ex-
tent. Walsby et al. [111] reported the grafting of styrene into PVDF in both
propanol and toluene, where not only the grafting kinetics but also the struc-
tural properties of the grafted films were dependent on the type of solvent.
Higher grafting rates and saturation DGs were obtained in a propanol-based
system, which was unable to swell the polystyrene grafts. On the other hand,
the grafting in toluene yielded more homogenous films with better surface
aspects and mechanical properties. Reduced elongation at break and much
rougher surface with large cavities were observed for the films grafted in
propanol. The authors reported that the film was swollen very little by the
grafting solution, and that propanol served as a diluent without any contri-



180 S. Alkan Gürsel et al.

bution to the swelling of the polystyrene grafts. The authors attributed the
higher grafting rate in propanol to the higher concentration of monomer in
the reaction zone, whereas the higher saturation DG was due to the higher
viscosity of the grafted zone, which prevents growing chain termination.

Some base polymers such as PTFE do not swell well in any common sol-
vent. For this reason, the grafting reaction is performed in aqueous medium.
Hegazy et al. [112] investigated the effect of various solvents on the radiation
grafting of methacrylic acid onto PTFE film. The authors demonstrated that
distilled water and methanol/water mixture (30/70 wt. %) are the most suit-
able solvents since the mixture swells the grafted regions. The increase in DG
upon addition of water to isoproponal was emphasized for styrene grafting
into FEP [76].

The radiation grafting of TFS onto various fluorine-containing base poly-
mers, such as LDPE, ETFE, PFA, FEP, and PTFE has been accomplished by the
pre-irradiation method [105]. A proper examination of the swelling proper-
ties and solubility parameters of these polymer films in pure TFS showed that
LDPE yielded the highest, and PTFE led to the lowest graft levels. This is be-
cause of the fact that the sorption of liquid in polymer depends on the affinity
between the liquid and the polymer film.

2.4.6
Additives

The influence of additives such as acids to the grafting systems has been ex-
plored for achieving higher graft levels [78]. The addition of sulfuric acid has
been found to be effective in enhancing the DG of acrylic acid onto FEP and
polyethylene films [18, 21]. Styrene grafting onto polyethylene films has also
been observed to increase significantly in the presence of acids [113, 114].
However, there are contradicting reports where no influence of organic and
inorganic acids was observed on the grafting of styrene into PTFE, PFA, and
FEP films [78]. Different hypotheses have been postulated for the enhance-
ment of the grafting but until today an exact mechanism of grafting in such
systems has not been proposed.

2.5
Crosslinking

Crosslinkers are used in conjunction with the monomer to achieve certain de-
sirable properties in the grafted membranes. The use of a crosslinker in the
grafting medium has been investigated by different workers to obtain mem-
branes that have improved stability in fuel cells [72, 115]. Lower graft levels
are achieved as the crosslinker content in the grafting medium increases.
This may be because the grafting starts at the film surface. In the presence
of crosslinker, the very first polystyrene-grafted chains become crosslinked.
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As a result, the mobility of chains is drastically lowered as compared to the
crosslinker-free grafting reaction. Consequently, monomer diffusion to the
grafting sites within the films is reduced. The higher the crosslinker content,
the greater will be the crosslinking density of the grafted chains, which will
hinder the monomer diffusion more and more, leading to comparatively low
DG. However, it has been observed that crosslinkers may increase or decrease
the grafting yield depending on their concentration [13]. At lower crosslinker
concentration, the increased DG was attributed to enhanced branching re-
actions. At higher crosslinker concentration, on the other hand, a network
structure was formed, which caused suppression in the swelling of the graft
and an increase in viscosity of the grafting solution. This further resulted in
a decrease of diffusion and in availability of the monomer and, consequently,
the grafting yield was lower. These observations are well supported by the in-
vestigations of Rager [77] on styrene grafting onto FEP films. There was an
initial rise in graft level for low a level of DVB content in the grafting medium
and therefore the grafting decreased considerably. This has been attributed to
the polyfunctional nature of the crosslinker.

The addition of crosslinking agents affects the kinetics of the grafting reac-
tion. The addition of DVB decreased the initial rate of grafting and the limit-
ing DG [116]. This is evident from the lower rates of grafting in crosslinked
systems than in uncrosslinked ones. The rate of grafting for a crosslinker-
free FEP–polystyrene system decreases from 3.6% per hour down to 2.2% and
1.4% per hour for 2 and 4% DVB content, respectively (Fig. 7). However, much
higher values have been reported for the grafting of styrene/DVB onto PFA
films using simultaneous radiation grafting, which may be attributed to the
difference in the base matrix and the radiation dose rate. It was reported that
the addition of DVB caused a significant decrease in the DG as a function
of the DVB concentration for styrene grafting into PFA [115] and ETFE base
films [117, 118].

The graft variation with the N,N,-methylene-bis-acrylamide as the cross-
linker for grafting onto ETFE and FEP is quite different [119]. The grafting
in fact did not show any specific trend with the increase in the crosslinker
content.

The concept of double crosslinking has been examined previously by
the use of DVB and triallylcyanurate (TAC) together for radiation grafting
of styrene into FEP [72, 120, 121]. It was reported that TAC yielded im-
proved mechanical properties and ionic conductivity [121]. Although it was
found that TAC had a favorable promoting influence on the grafting kinet-
ics, spectroscopic measurements failed to positively indicate that TAC was
incorporated into grafted films and membranes [122]. Later, it was deter-
mined that TAC acted primarily as a graft-promoting additive rather than as
a crosslinker [123].

The degree of crosslinking in the grafted film was found to be different
from the composition of the grafting solution for FEP-based radiation grafted
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Fig. 7 Variation of DG with reaction time for different crosslinker contents [116]

films due to the different reactivity and diffusion coefficients of styrene and
DVB in the film during the grafting process [124, 125]. It was observed that
an increase in the degree of crosslinking decreases the membrane thickness,
which means that crosslinking increases the structural density of the mem-
branes. Moreover, the mobility of the protons in the membrane is reduced
with increasing degree of crosslinking due to decreasing water uptake [125–
127]. Moreover, Brack et al. [124] and Ben youcef et al. [118] reported that
radiation grafted films are more highly crosslinked in their near-surface re-
gions and thinner films are more extensively crosslinked.

Originating from the concept of crosslinking of fluoropolymers under ir-
radiation at elevated temperature, grafting has been accomplished onto the
crosslinked matrix so that the grafting-induced deterioration of mechani-
cal properties may be compensated. As discussed in the preceding section,
the crosslinking of PTFE is achieved in the molten state at a temperature of
340 ◦C. Surprisingly, the precrosslinked films (prepared under gamma irradi-
ation doses of 60–320 kGy), lead to much higher polystyrene graft levels than
the virgin one as given in Fig. 8 [128]. Such behavior is the result of two dif-
ferent factors operating in the system: (i) the availability of the amorphous
area, and (ii) the radical site generation. It has been an established fact that
grafting takes place predominantly within the amorphous region and on the
crystal surfaces [127, 129]. The crystalline regions are impermeable structures
and do not allow monomer diffusion and subsequent grafting with the rad-
icals trapped within the crystallites [130]. Therefore, any process that leads
to a decrease in the crystallinity would be expected to enhance the grafting
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Fig. 8 Variation of DG with reaction time for styrene grafting into the PTFE films
crosslinked with gamma rays at different doses (15 kGy preirradiation dose for the graft-
ing reaction) [128]

reaction. The irradiation of PTFE is carried out in the molten state at a tem-
perature of 340 ◦C where the crystallites are almost completely lost and the
matrix behaves like the amorphous one. This state is achieved at irradiation at
a high dose of 2 MGy, where the enthalpy of fusion in a differential scanning
calorimetry reaches zero [131]. The irradiation at this stage would be favor-
able for the crosslinking reaction, providing a network structure due to the
high mobility of chains. A crosslinked structure is more adapted to radical
generation and has been found to have higher G values for the trapped free
radicals than an uncrosslinked structure [32]. The radicals produced during
the exposure of this crosslinked matrix would be more stable due to the re-
duced mobility of chains and would be available for graft initiation in contact
with the monomer.

The precrosslinking of a polymer is an innovative approach to restoring
mechanical strength. However, a proper monitoring of the precrosslinking
dose has to be carried out to achieve reasonable graft levels. It is obvious
that a precrosslinking dose that is too high may not bring about high graft
levels [132]. It is observed that grafting enhances significantly with increas-
ing dose but only up to a range of 50–500 kGy. Any further dose increase
leads to loss in the grafting levels and very little grafting is obtained for film
crosslinked at a dose of 2 MGy. This is because of the fact that the graft-
ing ability of the polymer matrix is severely affected. The matrix is highly
crosslinked to such an extent that the mobility of the molecular chains is sup-
pressed. A crosslinked matrix may lead to lower diffusion of the monomer
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within the matrix and hence would have an adverse effect on graft propaga-
tion. However, it seems that the availability of the more amorphous region,
along with the higher availability of radical sites, overpowers the impact of
slow monomer diffusion. The temperature also has significant impact on the
grafting reaction. An increase in the temperature brings about lower graft
levels for films crosslinked at different doses. Here, the mobility of the grow-
ing chains at higher temperature increases to an extent that the bimolecular
termination of chains is facilitated. The termination of the primary radicals
would also be a dominant reaction and would contribute to the lower graft
levels.

2.6
Sulfonation

Sulfonation is the final step for the preparation of polystyrene-based mem-
branes for fuel cell applications. In this reaction a sulfonic acid group is
added to the aromatic ring by electrophilic substitution. Sulfonation can be
performed by several agents such as sulfuric acid, sulfur trioxide, sulfonyl
chloride, acetyl sulfate, and chlorosulfonic acid.

Sulfonation conditions have a significant effect on membrane properties
including ion exchange capacity, water uptake, and conductivity. Walsby
et al. [111] demonstrated that the reaction time, concentration of the sulfonat-
ing agent, and reaction temperature have a considerable effect on sulfonation
with chlorosulfonic acid. The authors reported that the sulfonation reaction
proceeds by a front mechanism, that the grafts at the surface are sulfonated
first, and that the rate of reaction depends on the diffusion of sulfonating
agent within the membrane. An increase in the concentration of the sulfonat-
ing agent and in reaction temperature facilitates the reaction; however, side
reactions, which cause a decrease in ion exchange capacity (IEC), water up-
take, and proton conductivity, are favored at these conditions. This indicates
that, although the use of harsher sulfonation conditions offers advantages in
terms of speed of the sulfonation process and oxidative stability, the IEC,
water uptake, and proton conductivity are decreased and the membrane be-
comes more brittle. Paronen et al. [6] emphasized that the rate of sulfonation
increased with short sulfonation time, because with longer sulfonation time
the hydrophilicity in the sulfonated regions governs the rate of sulfonation.

Sulfonation of FEP- and ETFE-based grafted films at PSI was performed by
using 30% chlorosulfonic acid in dichloromethane (at 95 ◦C, 5 h) and mem-
branes with reasonably good sulfonic acid content have been observed. Sul-
fonation conditions almost identical to those used at PSI have been used by
others for the sulfonation of PFA-g-polystyrene films, i.e., a mixture of chloro-
sulfonic acid and 1,1,2,2-tetrachloroethane (30 : 70 v/v, 90 ◦C, 5 h) [133].
Phadnis et al. [83] performed the sulfonation of styrene–acrylic acid grafted
FEP films in concentrated sulfuric acid (at room temperature). Concentrated
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sulfuric acid and refluxing under nitrogen (at 95 ◦C) has been used for PVDF-
g-polystyrene films [134]. The attempts to sulfonate PVDF-g-polystyrene
films in concentrated sulfuric acid at temperatures between 21 and 95 ◦C
and in acetyl sulfate/dichloroethane solutions at 50 ◦C yielded low degrees of
sulfonation, and the sulfonation was mainly restricted to the surface [111].
This may be due to the insufficient reactivity of these sulfonating agents. In
addition, sulfuric acid may not be able to penetrate into the hydrophobic
matrix.

The number of sulfonic acid groups in the membrane increases with the
increase in the DG. At higher styrene concentrations more benzene rings
are in contact with sulfonic acid groups, which results in more sulfonic acid
groups in the membrane. However, the efficiency of the sulfonation reaction
depends to large extent on whether or not the membrane is grafted through
its thickness [111]. If the samples contained a core of ungrafted parts, sul-
fonation was incomplete at room temperature due to insufficient swelling of
the samples and the difficulty of diffusion of the sulfonating agent. It was
observed that full sulfonation of surface grafted samples can be achieved at
higher temperatures.

3
Characterization and Structure of Grafted Films and Membranes

The characterization of membranes is essential for correlating their perform-
ance in fuel cells. It is the interface of the membrane that interacts with
the electrode and hence a proper surface morphology may in fact improve
the performance of the membrane electrode assembly. Membrane prepar-
ation involves the graft polymerization of a monomer, usually styrene, and
subsequent sulfonation of the grafted matrix. This transforms a hydropho-
bic fluorinated structure into a hydrophilic ion exchange matrix. Therefore,
the polymer film undergoes drastic modification in terms of the physico-
chemical properties and morphological nature, depending on the irradiation,
grafting, and sulfonation conditions.

3.1
Graft Mapping

The most important requirement of the membrane is the homogeneous dis-
tribution of grafts across the membrane matrix. X-ray microprobe analysis
(XMA) has been an effective way to monitor the graft distribution within the
membrane matrix. The X-ray fluorescence for sulfur may be monitored across
the membrane thickness and provides useful information about the distri-
bution of the sulfonic acid groups and, hence, of the grafts across the ma-
trix [127, 135, 136]. It was observed that the grafted phase was initially con-
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centrated at the film surface. The low graft levels of ∼ 3% film shows a very
high concentration of sulfur only on the surface, as presented in Fig. 9 [127].
The presence of sulfur in the middle of the membrane may be seen with
a further increase in the DG. The two zones from both sides approach each
other towards the middle and subsequently a homogeneous distribution of
sulfur, or in other words polystyrene grafts, is achieved. This indicates that
the grafting is a time-dependent process and that the homogeneous structure
is possible only at a specific graft level and beyond a specified grafting time,
irrespective of the grafting method used to produce the membranes. For in-
stance, a homogenous distribution of grafts was achieved at DG higher than
20% for FEP-based films [87, 116].

This further substantiated the idea that grafting proceeds through a graft-
ing front mechanism and that DG above 30–35% is required for two grafting
fronts to meet and form a network for proton conduction [137]. It is also ob-
served that an inhomogeneity, in the form of bubbles on the membrane sur-
face, is created after sulfonation of grafted films with graft levels below 11%.
The membrane inhomogeneity arises due to the presence of hydrophilic sul-
fonated polystyrene chains in the surface layer of the hydrophobic perfluor-
inated FEP matrix [138].

It was observed that the addition of crosslinker (2–4% DVB) to styrene
considerably affected the homogeneity profile behavior [116]. The distri-
bution became practically homogenous across the whole width of the film
and the homogeneity increased at 4% DVB [116, 139]. That behavior was at-
tributed to the decreased rate of diffusion in the grafted zone near the surface,
an increase in the rate of termination of growing chains, and a decrease in the
concentration of styrene in surface layers [116]. The observations for the TFS-

Fig. 9 Distribution of sulfur as determined by microprobe measurements in the transverse
plane of FEP-based membranes with different DG: a 3.1%, b 5.9%, c 13.6%, d 27% [127]
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grafted systems have been found to be completely different. It was observed
that for TFS grafted onto PTFE and ETFE, although the graft chain distribu-
tion is almost constant over the range of film thickness for ETFE-based films,
the grafted PTFE exhibited two peaks (XMA profile) located ∼ 10 µm inside
the film surface. That was attributed to a better monomer diffusivity in an
ETFE base film than in a PTFE base film [105].

Micro-Raman mapping is another interesting tool for analyzing the depth
profile of the grafted component within the membrane matrix [12, 57, 79].
The ratio of the intensity of the Raman peaks associated with the aromatic
band in polystyrene at 1601 cm–1 and in the fluorinated matrix, such as
PFA at 996 cm–1 at the surface and along the cross-section, provides infor-
mation about the distribution of the grafts. The graft penetration tends to
be higher at higher radiation doses. Likewise, the vapor phase grafting has
been observed to remain confined to the surface layers only [57, 79]. Hietala
et al. [140] observed that for polystyrene-grafted PVDF films, although poly-
styrene distribution was homogenous on the surface at high graft levels, the
surface became quite heterogeneous at low graft levels.

Hegazy et al. investigated the cross-sections of the poly(acrylic acid)-
grafted FEP films [141] and PTFE films [142] by X-ray microscopy. It was
observed that the monomer was limited to the surface at low graft levels.
However, it penetrates the entire film and homogenous grafting throughout
the entire film is observed for high graft levels.

It has been reported that the geometric dimensions of the styrene-grafted
FEP films vary linearly, but not equally, with the increase in the DG. For in-
stance, for a graft level of 52%, an increase of 25% in length as well as width
and 45% increase in thickness have been obtained. Equal distribution of poly-
styrene within the FEP matrix prepared via simultaneous radiation grafting,
at least for a graft level of 21%, has been monitored by Fourier transform
infrared spectroscopy (FTIR) and attenuated total reflection spectroscopy
(ATR) [126]. Similarly, FTIR-ATR was used to determine the surface grafting
yields for styrene grafted onto ETFE by measuring the ratio of absorbance
of the polystyrene peak at 699 cm–1 (C–C wagging band) to the ETFE matrix
band at 1046 cm–1 (–CF2 stretching vibration) [143].

Confocal Raman microscopy has been employed for the investigation of
the changes in membrane composition after fuel cell experiments for PVDF-
based radiation grafted membranes. In fact, severe degradation due to loss of
polystyrene sulfonic acid (PSSA) was observed during the fuel cell run and
only 5–10% of the initial content was found to be left behind. It has been
reported that the degradation is an inhomogenous process that is different
over the membrane surface and through the membrane depth [144]. It was
proposed that the deterioration of fuel cell performance was because of the
loss of entire PSSA chain segments rather than desulfonation [145] and is
supported by the studies on ETFE-based membranes [146] and FEP-based
membranes [125].
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3.2
Surface Chemistry and Surface Morphology

The surface and wetting properties are known to influence the adhesive and
bonding properties of materials [147]. The contact angle measurements of
membranes provide useful information on the surface and interfacial behav-
ior. Graft management within the membrane may take place in such a way
that the surface is rendered hydrophobic in spite of the hydrophilic nature
of the grafted component [148]. This could happen either during the graft-
ing process or during the post-grafting treatments of the copolymer matrix.
A fundamental investigation of the wetting and surface energy properties of
commercial perfluorinated membranes and uncrosslinked radiation grafted
membranes indicated that the surface properties of uncrosslinked radiation
grafted membranes are similar to those of commercial perfluorinated mem-
branes having similar ion-exchange capacities [148]. In addition, the contact
angle of both the grafted and the sulfonated ETFE membranes shows distinct
variations with different wetting agent [149]. The polystyrene-grafted films
do not show any appreciable change with water as a function of graft level, but
measurements with methylene iodide as a probing liquid indicate a decrease
in the contact angle with an increase in graft level. At higher graft levels, the
contact angle has been observed to behave identically to that for a pure poly-
styrene surface. This indicates that the surface of the membrane is rich in
polystyrene. Sulfonation changes the wetting behavior drastically; the contact
angle of water is significantly reduced to 32◦ for a graft level of 82%. This is
an indication of the surface rendered hydrophilic due to the presence of sul-
fonic acid groups. However, absolute values of the contact angle have been
observed to vary significantly in different investigations [85]. Maybe, the na-
ture of the base matrix and the sulfonation process have some impact on the
wetting behavior. The maximum degree of sulfonation in PTFE graft copoly-
mer membranes has been reported to be 50% and may account for the higher
contact angle in these membranes as compared to ETFE membranes [149].

Contact angle measurements on the fully swollen form of the radiation
grafted membranes using several polar, non-polar, hydrogen-bonded, and
non-hydrogen-bonded liquids have been performed by Brack et al. [149]. The
high contact angle of water on the FEP-based membrane revealed the hy-
drophobic nature of the membrane due to the crosslinking and relatively low
degrees of grafting. Moreover, crosslinking has a tendency to limit the mobil-
ity of chain segments. Due to restricted mobility it was difficult to undergo
surface reconstruction to adjust the most favorable local structure at a sur-
face or interface. The membrane cannot adapt a hydrophilic surface when it
is exposed to water during an earlier swelling process [150].

X-ray photoelectron spectroscopy (XPS), provides quantitative informa-
tion on surface chemical structure, chemical composition, and chemical
bonding, and is one of the most extensively used methods for radiation
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grafted films and membranes. This method is useful for investigating the
surface chemistry taking place during the grafting and sulfonation pro-
cesses [151]. XPS has the ability to probe the surface within a few nanometers
and, therefore, interesting information about the chemical composition at
a few top layers is obtained. As a result, the polystyrene graft within and
on the surface of the fluorinated matrix may be monitored [151]. The evolu-
tion of the C–F and the C–H : C–F ratio with respect to the DG or irradiation
dose, as is evident from Fig. 10, indicates a high concentration of C–H, i.e.,
polystyrene chains on the surface [56]. Consequently, a significant loss of
the fluorinated species in the PFA matrix is observed. A strong increase in
the relative amount of C–H bonds at a dose of about 50 kGy is the indica-
tion of grafting taking place at the surface right from the beginning of the
irradiation. As the radiation dose increases, more grafting takes place on the
surface and in the bulk and, finally, the plateau beyond a dose of 250 kGy sug-
gests that at least the top few nanometers of the surface can be considered to
be the polystyrene grafts. Moreover, the matrix with lower crystallinity has
a higher C–H : C–F ratio, suggesting more polystyrene grafts on the film. This,
in principle, substantiates the earlier assumption that the lower crystallinity
makes the matrix more amenable to monomer diffusion and subsequent
grafting with the radical sites.

It was observed that the surface composition is strictly governed by the
degree of crosslinking in FEP membranes [139]. The uncrosslinked FEP-g-
polystyrene copolymer films show a well-defined C–H signal at ∼ 286 eV,
confirming the presence of polystyrene grafts on the surface. The absence of
the –C–F signal in the uncrosslinked films is an indication of the abundance
of the polystyrene on the surface. However, this signal is slowly lost in films
prepared under increasing crosslinker content, while the C–F signal increases
indicating that the polystyrene grafts are more and more confined to the bulk
of the matrix. In addition, the sulfonated matrix shows a similar but weaker
trend. The C–F signal was visible for the uncrosslinked membrane.

Nasef et al. [151, 152] investigated the structural changes enhanced by
styrene grafting and subsequent sulfonation of PTFE film as well as a vari-
ation of the DG of PTFE-based membranes. It was reported that the mem-
branes had side-chain grafts of polystyrene and structures composed of car-
bon, fluorine, sulfur, and oxygen. The authors determined that the base film
undergoes structural changes in terms of chemical composition and shifting
in binding energy. Although the binding energies of C1s, F1s, S2p, and O1s
were found to be independent of DG, the amount of each component was
shown to be dependent on DG.

It was observed that polystyrene grafted in a PVDF matrix under irradi-
ation with γ-rays or heavy ion irradiation exhibited very large domains, when
investigated using small angle X-ray and neutron scattering (respectively,
SAXS and SANS) [153, 154]. The characteristic length of the ionic domains
is observed at very low angles because of the large size of the domains. The
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Fig. 10 Plots of a the atomic ratio of hydrogenated carbons (C–H) to fluorinated car-
bons (C–F) and b the ratio of fluorine (F1s) to fluorinated carbons (C–F) as a function
of applied grafting dose: PFA-A (�) and PFA-B (•). The irradiation was undertaken
in nitrogen gas, with 50% styrene solutions in dichloromethane, and 6.5 kGy h–1 dose
rate) [56]

broad maximum at large angles is only observable in membranes swollen
in heavy water. The grafting in irradiated PVDF gives rise to a swelling on
a microscopic scale, which is limited to low grafting levels (< 10%). The
small-angle upturn observed for a water-swollen sulfonated sample was simi-
lar to that observed for the same sample before sulfonation, due to a dilution
of the sulfonated groups by water swelling. Structural investigation of radi-
ation grafted membranes by SAXS in the dry state of the membrane show
a strong upturn in intensity, as observed over the investigated angular range.
In the swollen state, a very broad maximum with low intensity was deter-
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mined [155–157]. This difference was attributed to a characteristic distance
between ionic domains.

Recently, the influence of crosslinking with DVB on the morphology of
polystyrene-grafted FEP films was probed by SANS and a characteristic in-
fluence was observed. These results corroborate the interpretation of results
obtained by DSC and TGA, namely the picture of a morphology for a two-
phase semi-crystalline polymer, with the grafting component essentially be-
ing present in the amorphous phase (Mortensen et al. unpublished results).

Surface morphology is one the most important aspects of membrane
design. The morphology is strongly influenced by the nature of the graft
medium, which takes into account both the monomers and the diluents or ad-
ditives. Scanning electron microscopy (SEM) has been an effective tool for vi-
sualizing the surface texture [158]. A distinct difference becomes visible in the
styrene-grafted PVDF vis-à-vis the hexafluoropropylene copolymer of PVDF
membranes. The PVDF membrane shows a much larger but wrinkled struc-
ture on the surface in comparison to the hexafluoropropylene-based PVDF
membrane, which tends to be smoother. These results exhibit the importance
of styrene diffusion within the films, as the monomer diffusion is faster in
the latter film and the polystyrene-grafted layer formation becomes less pro-
nounced, leading to the smoother surface. It should be mentioned here that
the composition of the grafting medium has a strong influence over the sur-
face morphology. The grafting of styrene onto PVDF introduces roughness,
as is evident from SEM characterization [107]. The grafting in toluene as
medium leads to some inhomogenous surface. However, isopropanol as the
grafting medium introduces cavities of ∼ 10 µm diameter. This is essentially
due to precipitation of the polystyrene chains in isopropanol, which leads to
phase separation within the grafted matrix and as a consequence, is reflected
as cavity formation. It is important to mention here that a change in the opac-
ity of the grafted films is observed in the presence of the crosslinker. These
films turn light transparent at higher crosslinker concentration [77]. Cross-
sections of the membranes may be visualized under SEM, where micrographs
can be seen with distinct variation in the morphology of the membrane.
A dark region in the middle and a clean region at one edge become evident
for the ungrafted and grafted regions, respectively [152].

Atomic force microscopy is another interesting tool for investigating the
surface morphology. A three-dimensional profile of the grafted structures
may be achieved, which offers a more informative evaluation than SEM. The
investigations on the surfaces of polystyrene-grafted PVDF films and mem-
branes have revealed the heterogeneous character of membrane surfaces with
alternation of PVDF and PSSA [140]. It was reported that after grafting the
surfaces were found to be inhomogenous, and that blobs of polystyrene (do-
main size of 0.1–2 µm) were observed on the surface. Such a behavior arises
due to the incompatibility of the grafted component and the base polymer
films. As a matter of fact, the grafted components remain as distinct isolated
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phases within the fluorinated matrix and remain visible as inhomogeneity
on the film surface. However, after sulfonation the blobs disappeared and the
membrane surface became visually smoother [140]. Similarly, it was reported
previously for polystyrene-grafted FEP membranes that the incompatibility
between the hydrophobic perfluorinated backbone and the hydrophilic PSSA
was overcome at high degrees of grafting and that the whole matrix behaved
as a hydrophilic matrix. As a consequence, the film swells homogeneously in
water leading to a smooth surface [138].

3.3
Thermal Characterization

Thermal behavior of radiation grafted films and membranes have been inves-
tigated mainly by using thermogravimetric analysis (TGA) and differential
scanning calorimetry (DSC). It has been observed from TGA that a two-step
degradation pattern is exhibited by styrene-grafted FEP-based films, indi-
cating that the degradation of grafted polystyrene and that of the FEP base
polymer occurred independently from each other [114, 159, 160]. In add-
ition, the degradation pattern was found not to be much affected by the
DG [101]. This shows that the polystyrene-grafted FEP copolymer films be-
have as a distinct two-phase system, where the polystyrene moiety forms
a separate micro-domain within the FEP matrix. Similar observations have
been made for the polystyrene-grafted FEP, ETFE, and PVDF films [161, 162],
PFA films [115, 163], and PVDF films [164].

Sulfonation changes the stability pattern of membranes completely. The
thermal degradation behavior of FEP-based membranes has been investigated
previously by TGA in combination with FTIR and mass spectroscopy [160].
As presented in Fig. 11, unlike the two-step degradation pattern of the grafted
films, a three-step weight loss pattern was observed for radiation grafted mem-
branes and has been ascribed to dehydration of the membrane, desulfonation,
and de-aromatization reactions, and finally degradation of the backbone [160].
A similar degradation pattern has been reported in the literature for the other
radiation grafted membranes [135, 159, 161, 162, 164, 165].

It is important to understand that every step of membrane preparation,
i.e., irradiation, grafting and sulfonation leads to certain changes in the crys-
talline structure. For instance, the incorporation of polystyrene grafts caused
an increase in amorphous fraction and restricted the mobility of the chains,
and Tg increased. Similarly, the incorporation of the sulfonic acid groups
caused ionic interactions, and the mobility of the molecular chains and Tg
increased. The slight decrease in Tm was attributed to the changes in ori-
ginal crystal size by styrene grafting and little disruption in the crystalline
region was observed [165]. Moreover, the grafting process leads to a decrease
in the heat of fusion with an increase in the DG in FEP-g-polystyrene copoly-
mer films [114]. This arises because of the dilution effect on inherent crys-



Radiation Grafted Membranes 193

Fig. 11 Gaseous evolution pattern of FEP-based membranes [160]

tallinity of FEP by the incorporation of amorphous polystyrene grafts within
the non-crystalline region of the film. According to the investigation of Car-
dona et al. [163] for PFA-based films, a relatively small decrease in inherent
crystallinity after grafting has been observed since grafting occurred prefer-
entially in the amorphous phase of the semi-crystalline polymer (diffusion
was slow and radicals were less reactive in the crystalline phase). However,
sulfonation of the grafted films leads to further decrease in the heat of fusion
of the membranes (Fig. 12), and consequently decreases crystallinity [166]. It
has been indicated that the loss of crystallinity in membranes is in addition to
the changes induced by the dilution effect. These changes have been identified
as crystal defects, as is evident from the loss of heat of fusion in Fig. 12. It is
in fact the hydrophilic PSSA domains within the hydrophobic FEP matrix that
absorb water and so strong hydrophilic–hydrophobic stresses develop in the
water-swollen membrane and may be the reason for the distortion of the crys-
tallite. This sounds reasonable considering the distortion of crystallites that
has been observed in the sulfonation of polyethylene [167] and recently also
in PVDF-g-PS [169].

The trend in the crystallinity of PTFE-based membranes seems to be dif-
ferent than for FEP membranes [151]. The grafting of styrene into PTFE film
decreases the crystallinity from 43.2 to 32.1% for a graft level of 36%, which
subsequently reduces to 21% on sulfonation. Although this trend accounts
for the preservation of the inherent crystallites during the grafting and sul-
fonation processes, the authors attribute it solely to the dilution effect [169].
It seems that crystal distortion is also prevalent in this system because the
crystallinity decreases more (21%) than if only the dilution effect persisted
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Fig. 12 Variation of the heat of fusion of the membrane ∆Hf(mem), FEP component in the
membrane ∆Hf(fep), and inherent value ∆Hf(inh) with the cumulative weight fraction of
acid group and water (1 – Wx) [166]

(23.4%). However, there have been more investigations on the crystallinity
variations of grafted films and sulfonated membranes based on poly(vinyl
fluoride), PVDF, ETFE, and FEP using DSC [65]. It was observed that the
dilution effect of grafted component is the only factor that influences the
overall crystallinity, suggesting that the inherent crystallinity remains intact.
This is supported by a decrease in crystallinity content with the increasing
graft level of styrene-grafted PFA films, which is interpreted as indicating
that this behavior is the dilution and partial destruction of the inherent crys-
tallinity [115].

In a recent investigation, the influence of the irradiation and grafting pro-
cesses on the crystallinity have been investigated for three base polymers by
DSC [161]. The grafting process has been found to have the largest effect
on base polymer crystallinity and resulted in a reduction of crystallinity in
all cases. In addition, the authors reported as a result of TGA investigation
that the extent of fluorination of the base polymer, the graft level, and the ir-
radiation method all had important influences on the thermal degradation of
the films and the activation energy for this process. These results were nicely
confirmed for ETFE-g-polystyrene-based membranes [118, 162].

The X-ray diffraction studies have been interesting in supporting the ob-
servations on the crystallinity of membranes determined by DSC. The crys-
talline reflections in graft copolymer membranes with different degrees of
grafting fall on identical angles. However, their intensity decreases, suggest-
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ing a decrease in their inherent crystallinity [74, 169]. A detailed characteri-
zation of a number of radiation grafted fluorinated films has been carried out
to give a deeper glimpse of the crystal structure and orientation of the crys-
talline zone [170]. The grafting and subsequent sulfonation of the films led to
a decrease in the crystallinity in each step again, because of the incorporation
of amorphous polystyrene chains in the non-crystalline region of the film.
The full width at half-maximum did not change, indicating the stability in the
orientation. This shows that the grafted chains are bound to the amorphous
region and do not disturb the crystalline region of PVDF films.

The effect of crosslinking on the degradation of the FEP-based grafted
films and membranes have been investigated using TGA coupled to FTIR [171].
It was found that crosslinking causes a shift of the de-aromatization reaction
to higher temperatures; however, the desulfonation reaction was shifted to
lower temperatures. DVB increases the thermal stability of polystyrene grafts,
facilitates the desulfonation process, and leads to a higher ash content.

3.4
Mechanical Properties

Mechanical integrity is one of the most important prerequisites for fuel cell
membranes in terms of handling and fabrication of membrane electrode as-
semblies, and to offer a durable material. Robust fuel cell membranes are
required because of the presence of mechanical and swelling stresses in the
application [172]. Moreover, membranes should possess some degree of elas-
ticity or elongation to prevent crack formation.

Typical mechanical properties of polystyrene-grafted FEP- and ETFE-
based membranes have been investigated previously [62, 63, 146]. It has been
reported that ETFE-based grafted films and membranes exhibit compara-
bly better mechanical properties than FEP-based ones since ETFE films are
available at higher molecular weight, which enhances breaking strength and
flexibility. In addition, FEP undergoes a greater extent of chain scission re-
actions compared to ETFE. For both ETFE and FEP, the membranes from
electron beam irradiation under inert atmosphere have better mechanical
properties than the membranes from gamma irradiation under air. It is ob-
served that thinner membranes possess poorer mechanical properties than
the thicker membranes. Crosslinker also affects the mechanical properties
and highly crosslinked membranes have poorer mechanical properties than
the membranes with lower levels of crosslinker [62, 63]. The mechanical prop-
erties of FEP-based membranes are superior to those of the grafted films and
may be due to the plastizing effect of water in the swollen membrane [62].
Similarly, the tensile properties of the grafted films and membranes are also
reported [65].

The influence of irradiation dose and grafting solution on the mechanical
properties of styrene-grafted FEP-based films has been investigated previ-
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Fig. 13 a Stress–strain curves for pristine FEP and grafted films with different DG.
b Elongation at break of grafted films as a function of DG, preirradiation dose, and
type of solvent: FEP 25 µm, 10% DVB in solvents toluene, isopropanol (iPrOH), iso-
propanol/water mixture (iPrOH/water), and sodiumdodecyl sulfate/water (SDS/water) [76]

ously [76]. The elongation values of grafted films are lower than those of the
unmodified base polymer (Fig. 13a). As presented in Fig. 13b, an increase of
irradiation dose leads to considerable deterioration in the mechanical prop-
erties of pristine FEP and grafted FEP films. The loss in elongation at break
with higher irradiation dose is attributed to an increased radiation damage
to the trunk polymer. However, the type of solvent used during grafting has
no significant effect on the elongation at break (Fig. 13b). Walsby et al. [107]
has pointed out that the mechanical properties of PVDF-g-polystyrene films
are seriously affected by the nature of the grafting medium. It was shown that
better mechanical properties were obtained for the films in toluene compared
to those in isopropanol. These and other authors have also reported that the
mechanical properties of the base film in the machine direction and trans-
verse direction differ significantly [118]. Although the film elongates several
times compared to its initial length in the machine direction, elongation is
negligible in the transverse direction.

4
Fuel Cell Application

4.1
Membrane Properties Relevant to Fuel Cell Application

In the polymer electrolyte fuel cell (PEFC), proton-conducting cation-
exchange membranes are used as electrolyte, which consist of an organic
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polymer structure (crosslinked or uncrosslinked) containing pendant acid
functional groups, e.g., sulfonic acid –SO3H [173]. Hydration of the mem-
brane (i.e., incorporation of water molecules into the polymer structure)
leads to dissociation of the acid groups into mobile H+(aq) and immobile
anions fixed to the polymer backbone. The resulting nanophase-separated
structure is an interpenetrating network of hydrophobic polymer back-
bone material providing structural integrity and aqueous domains allow-
ing proton transport within water-containing channels. The proton con-
ductivity of the material depends on the density of acidic groups, their
dissociation constant (pKa), and on the mobility of the proton, which is
governed by the level of hydration (i.e., the water content of the mem-
brane) and the geometry (dimensions, connectivity) of the hydrophilic
channels.

4.1.1
Ion Exchange Capacity

The requirement of water within the polymer structure as a proton trans-
port medium limits the operating temperature of such membranes to below
100 ◦C at moderate pressure. Alternative membrane concepts using anhy-
drous proton conduction are under development. Among the approaches,
phosphoric acid-doped polybenzimidazole appears among the most promis-
ing. Here, protons are transported via a phosphoric acid network [174].
The technology of radiation grafting has not been adopted for the prep-
aration of water-free membranes for high temperature operation, with the
exception of the work mentioned in a patent by Toyota [175]. The method
involves grafting of vinylpyridine onto an ETFE or PVDF backbone, fol-
lowed by imbibition of the film with phosphoric acid. However, due to
the limited references in this area, the following discussion will be con-
cerned with radiation grafted membranes with a water-based proton trans-
port mechanism.

In radiation grafted proton-exchange membranes, the structural integrity
of the component originates from the base polymer film, and the proton con-
duction functionality is introduced with the graft component. Therefore, it
can be expected that the proton conductivity will be a function of the num-
ber of exchange sites within a given membrane portion. The corresponding
parameter is the ion exchange capacity (IEC), which is defined as:

IEC =
n(SO3H)
mpolymer

, (1)

where n(SO3H) is the number of exchange sites and mpolymer is the dry mass
of the polymer. The IEC is determined by titration [149]. Obviously, the IEC
increases as a function of DG (Fig. 14). For styrene-grafted membranes, the
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theoretical IEC, assuming one sulfonic acid group per aromatic ring, is:

IECth =
DG

MS + DG·MSSA
, (2)

where MS = 104 g mol–1 is the molar mass of styrene, and MSSA = 184 g mol–1

is the molar mass of styrene sulfonic acid. It can be deduced from Eq. 2 that
for high levels of grafting, the theoretical IEC approaches the value for pure
sulfonated polystyrene, which is:

lim
DG→∞ IECth =

1
MSSA

= 5.4 mmol g–1 . (3)

Yet, the IEC value gives no indication about the distribution of the exchange
sites across the membrane thickness, which is of course of paramount impor-
tance for the protons to be transported all the way from anode to cathode.
It is possible that the conductivity of a membrane sample is low, even if the
IEC is at acceptable levels. This happens when the grafting has not proceeded
through the entire thickness of the base polymer film. Often, a threshold DG
is observed, below which the conductivity is unmeasurably low, and above
which acceptable conductivity is obtained [157, 176, 177]. The explanation
is that at low degrees of grafting, the center of the membrane remains un-

Fig. 14 The ion exchange capacity (IEC) of styrene-grafted and sulfonated membranes as
a function of DG. The solid line represents the theoretical IEC for 100% degree of sul-
fonation, corresponding to one sulfonic acid group per aromatic ring (data for PFA120
crosslinked redrawn from [130]; data for ETFE50 redrawn from [213]; data for PSI FEP50
redrawn from [151])
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grafted, and only above the threshold do continuous hydrophilic channels for
proton transport exists through the membrane.

4.1.2
Water Uptake

As the acidic groups need to dissociate for the proton to become mobile, one
can expect that the water content of the membrane will also have a strong
influence on conductivity. Proton transport occurs either via hopping of pro-
tons from one water molecule to the next (Grotthus mechanism) or via the net
transport of H3O+ or other aggregates of water and H+ [178]. Evidently, as
the DG increases and with it the number of ion exchange sites, so will the hy-
drophilicity of the material, resulting in an increase of the water uptake. The
water uptake (φ) is expressed according to:

φ =
mw – md

md
100% , (4)

where mw and md are the mass of the wet and dry membrane, respectively.
A quantity that is often used to describe the water uptake of an ion exchange
membrane is the so-called hydration number (λ), which is the number of

Fig. 15 Water uptake, expressed as the number of water molecules n(H2O) per sulfonic
acid site n(SO–

3), as a function of DG (data for PFA120 crosslinked redrawn from [200];
data for ETFE50 redrawn from [213]; data for PSI FEP50 redrawn from [135])
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water molecules n(H2O) per sulfonic acid site n(SO3H). λ is defined by:

λ =
n(H2O)

n(SO3H)
=

mwater

IEC·Mwater
, (5)

where Mwater = 18 g mol–1 is the molar mass of water. It is usually observed
that the hydration number increases with the DG (Fig. 15), which points to
the fact that as the membrane gets more hydrophilic upon incorporation of
the graft component, the acidic sites become increasingly hydrated.

Monomers that act as crosslinking agents, such as DVB or bis(vinyl
phenyl)ethane are introduced as co-monomers, in some cases to improve the
dimensional and chemical stability of the membrane (as shown in Sect. 2.5).
It is observed that the IEC of crosslinked membranes does not differ from that
of uncrosslinked membranes with the same graft level (Fig. 14) [115, 118, 121,
125, 157]. This means that the introduced ionic sites are equally accessible
through the hydrophilic domains in crosslinked membranes, regardless of the
more constrained polymer framework, at least up to the level of crosslinking
agent investigated, which is around 20%. The amount of swelling is sub-
stantially reduced upon crosslinking, which is the reason for the improved
dimensional stability of crosslinked membranes (Fig. 15) [115, 125, 127]. Con-
sequently, the hydration number decreases as the degree of crosslinking in-
creases at a given graft level. We will see in the next section how this affects
the conductivity of the material.

Fig. 16 Conductivity of various radiation grafted membranes as a function of DG at room
temperature (data for PFA120 crosslinked redrawn from [200]; data for ETFE50 redrawn
from [213]; data for PSI FEP50 redrawn from [135]; data for PVDF80 redrawn from [187])
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4.1.3
Conductivity

As expected, the conductivity of radiation grafted ion exchange membranes
increases with increasing DG, both for crosslinked and uncrosslinked mem-
branes. There is, however, a tremendous range of conductivity values re-
ported by different authors. The values range from < 1 up to 300 mS cm–1 at
room temperature in fully hydrated (i.e., liquid–water equilibrated) state. The
measured conductivity is governed or influenced by a number of parameters,
above all by the distribution of the graft component across the membrane,
as mentioned [157, 176, 177]. The base film thickness also appears to have
an influence in some cases, thicker base films yielding a higher conductiv-
ity [63, 125, 146]. It is conceivable that this is a surface effect, i.e., that regions
close to the surface of the irradiated film are less grafted, potentially due to
loss of radical sites caused by exposure of the material to oxygen and wa-
ter in the air. On the other hand, this thickness effect can also be observed
for Nafion® [146], so it may also be a physical effect, presumably unfavor-
able aggregation or conformation of the ionophoric side chains close to the
surface.

Proton conductivity (σH+) can be related to the proton diffusion coefficient
DH+ using the Nernst–Einstein equation [179]:

σH+ =
DH+ cH+z2F2

RT
, (6)

where cH+ is the volumetric density of protons and z, F, R, and T have
the usual meaning. Proton diffusion in water and proton-exchange mem-
branes is thermally activated, hence the quantity σ ·T shows a temperature
dependence of Arrhenius type. For perfluorosulfonic acid membranes such as
Nafion®, activation energies between 12 and 15 kJ mol–1 are obtained [180].
As a comparison, 10.3 kJ mol–1 are found for pure water [181]. For radiation
grafted membranes, only limited data is available. For the conductivity of un-
crosslinked PVDF-based membranes in the temperature range between 20
and 70 ◦C, an activation energy similar to Nafion® 105 was found, yet quan-
titative values were not given [182]. Changes in membrane morphology and
water uptake with temperature were put forward as further contributions to
the increase in conductivity, in addition to the higher mobility of the protons.
The resistance of membranes from Solvay, based on ETFE and crosslinked
with DVB, was measured in situ during DMFC operation in a temperature
range between 90 and 130 ◦C [183], and an activation energy of around
18 kJ mol–1 was calculated. A study carried out in the authors’ laboratory,
using water-swollen crosslinked and uncrosslinked FEP- and ETFE-based
membranes with 20–25% graft level, showed higher activation energy for the
crosslinked membranes (15.0–15.5 kJ mol–1) compared to the uncrosslinked
ones (14.0–14.5 kJ mol–1), which may be a consequence of higher association
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of the protons with the counterions or polymer in crosslinked membranes,
which have lower water uptake [184].

In addition to the conductivity in the water-swollen state, the conductiv-
ity of the fuel cell membrane under non-saturated water vapor conditions
is of importance as, during cell operation, partial drying of the membrane
and electrodes may occur. Also, fuel cell operation with partially humidified
or even dry reactant gases is highly desirable to minimize system complex-
ity. Walsby et al. [185] has investigated the influence of relative humidity on
conductivity of radiation grafted membranes (Fig. 17). It was found that al-
though the radiation grafted membranes displayed a superior conductivity at
a relative humidity of 100%, the value dropped below that of Nafion® at rela-
tive humidities between 40 and 85%. Below 40%, all the membranes exhibited
poor conductivity of around 1 mS cm–1 or lower. The different behavior could
again be indicative of a dissimilar microstructure, polymer domain morph-
ology, or extent of hydrophilic–hydrophobic phase separation [178]. There
is no literature data on the polymer morphology of radiation grafted mem-
branes; it is, however, likely that the microstructure will depend to a large
extent on base film type, graft level, extent of crosslinking, and other design
and process parameters. A sorption curve qualitatively similar to the data
shown in Fig. 17 for radiation grafted membranes is observed for sulfonated
poly(ether ketone) membranes. The strong drop in conductivity below 90%
relative humidity is attributed to a less effective phase separation in polymer

Fig. 17 Influence of relative humidity on conductivity at room temperature. Radiation
grafted membranes are not crosslinked and have DG between 34 and 40% (redrawn
from [206])
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Table 4 Physical properties of radiation grafted membranes with different extent of
crosslinking (redrawn from [121])

Base Degree of Degree of Ion exchange Water Conductivity c

polymer grafting crosslinking a capacity content b

(mass %) (mol %) (mmol g–1) (H2O/SO3H) (mS cm–1)

FEP-50 19.1 0 1.39 27.2 98
FEP-50 18.8 3 1.07 25.9 93
FEP-50 19.6 6 n/a 11.9 63
FEP-50 19.0 12 1.27 7.0 28

a Determined in grafted films via FTIR
b Swollen in boiling water
c Determined in situ, fuel cell temperature of 40 ◦C, using equipment built in-house

backbone and proton conducting aqueous channels, a less favorable percola-
tion of the hydrophilic domains, and higher localization of the protons due to
the higher pKa value compared to Nafion® [186].

For crosslinked membranes, the situation is somewhat different. Depend-
ing on the extent of crosslinking, excessive water uptake under fully humid-
ified conditions is inhibited due to the network of covalent bonds in the
polymer [184]. The effect of crosslinking on water uptake and conductivity
has been investigated by Büchi et al. [125], as given in Table 4. For mem-
branes of similar DG, it is observed that an increase in crosslinker content
results in a decrease of water uptake and conductivity [118]. If the conductiv-
ity is plotted versus the water content, an approximately linear correlation is
found, suggesting that the proton mobility is governed to a large extent by the
hydration level of the material.

4.2
Performance in Fuel Cells

In PEFC, the membrane, together with the electrodes, forms the basic elec-
trochemical unit, the membrane electrode assembly (MEA). Whereas the first
and foremost function of the electrolyte membrane is the transport of pro-
tons from anode to cathode, the electrodes host the electrochemical reactions
within the catalyst layer and provide electronic conductivity on the one hand,
and pathways for reactant supply to and removal of products from the cata-
lyst on the other hand. The components of the MEA need to be chemically
stable for several thousands of hours in the fuel cell under the prevailing
operating and transient conditions. PEFC electrodes are wet-proofed fibrous
carbon sheet materials of a few 100 µm thickness. The functionality of the
proton-exchange membrane extends to requirements of mechanical stability
to ensure effective separation of anode and cathode, also under aggravated
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conditions such as operation on reactant gases below the water vapor satura-
tion point, fuel cell start-up, and transient load. For a detailed review of fuel
cell performance and in situ characteristics of radiation grafted membranes,
the reader is referred to an article from the authors’ laboratory published
recently [43]. In this contribution, the insights are presented in a distilled
manner with condensed facts and conclusions.

4.2.1
MEA Fabrication

The formation of an intimate contact between membrane and electrodes dur-
ing MEA fabrication is of high importance to minimize interfacial voltage
losses. When using radiation grafted membranes together with electrodes
containing Nafion® as ionomer, it has been found that the membrane–
electrode interface is of inferior quality compared to when Nafion® is used
as membrane, resulting in a higher resistance and/or insufficient adhesion
or delamination [61, 182, 187]. The likely reason for this is the mismatch in
ionomer type between the membrane and electrode catalyst layer. Huslage
et al. [60] and Gubler et al. [61] found that dip-coating FEP-based radia-
tion grafted membranes in solubilized Nafion® prior to hotpressing leads to
an improved fuel cell performance and lower impedance of the single cell.
Furthermore, these authors showed that hotpressing with the membrane in
wet state resulted in an improved membrane–electrode interface compared to
when hotpressing with the membrane in dry state, which can be explained on
the basis of the water acting as a plasticizer, allowing polymer flow during the
hotpressing process.

4.2.2
Fuel Cell Testing

Generally, little fuel cell testing using radiation grafted membranes has been
reported in the literature, compared to the total number of articles on the
subject. Frequently, characterization is restricted to the membrane, and is
not extended to include fabrication of MEAs and fuel cell testing. Important
insights relating to electrochemical performance, membrane–electrode inter-
face properties, membrane integrity, and lifetime are therefore missing. Of
the studies published that include fuel cell test results, selected articles are
reviewed in the following sections to highlight specific aspects.

4.2.3
Water States and Water Management

In the characterization of fuel cell membranes, there are a number of import-
ant materials and component properties that have to be assessed in order to
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determine the applicability and operability in the fuel cell environment Fig. 18.
Since proton mobility within the polymer structure is a strong function of the
water content, the water uptake and transport properties of the membrane are
of paramount importance, determining the water profile through the thick-
ness of the membrane as well as in-plane. Water transport mechanisms in the
polymer are diffusion due to a gradient in water content, hydraulic perme-
ation as a consequence of a pressure gradient between anode and cathode, and
electroosmotic drag, i.e., water flux coupled to proton transport.

The states of water have an important role to play in determining the trans-
port behavior of protons in membranes. The water directly associated with
ionic sites in a membrane may behave in a way different from normal water
due to its strong association in the form of hydrogen bonding or polar inter-
actions with the functional sites within the membrane. Such water does not
show any phase transition such as crystallization or melting in the tempera-
ture range 200–273 K. Using DSC, three different types of water molecules
have been identified in sulfonated FEP-g-polystyrene membranes, which may
be categorized as the freezing free, freezing bound, and non-freezing wa-
ter [188]. The relative ratio of these three types of water molecules depends
on the DG. The non-freezing water per ionic sites remains independent of the
DG. However, the freezing free and freezing bound water per ionic site tends
to increase with the DG (Fig. 19). The non-freezing water was evaluated to be
six to eight water molecules per ionic site in membranes with DG in the range
15–40%. Recent investigations on membranes based on styrene grafting on
different films showed that the non-freezing water remains almost the same,
irrespective of the chemical nature of the membranes, and corresponds to ten
water molecules per ionic site [185]. This is further supported by the studies
on crosslinked PVDF membranes.

Fig. 18 Requirements for fuel cell membranes
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Fig. 19 Variation of water/ionic site ratio with DG for FEP-based membranes: Wt total
water uptake, Wf freezing uptake, and Wnf non-freezing water uptake [188]

It may be stated that any increase in the water content with higher graft
levels is associated with the incorporation of freezing water and should facili-
tate the ionic mobility [188]. With the increase in each grafting molecule, the
hydrophilicity of the membrane matrix increases and crystallinity decreases.
The structure as a result becomes more amenable to water penetration within
the matrix. The crosslinking, however, influences the water uptake and its
states. Highly crosslinked membranes developed from the DVB–styrene sys-
tem do not show any freezing water and all of the water that accounts for the
swelling of the membrane tends to be non-freezing in nature [129].

4.2.4
Reactant Permeability

Whereas uniform distribution of water within the membrane is desired, the
permeability of the material to reactants (i.e., hydrogen or methanol and
oxygen) has to be low to prevent direct chemical reaction between fuel and
oxidant, which may lead to hotspots and, eventually, pinhole formation.
Methanol permeability is a major challenge in the direct methanol fuel cell
(DMFC), largely because methanol transport is strongly correlated with water
transport, leading to significant penalties in fuel efficiency and poor cathode
performance [189].

4.2.5
Chemical Stability

Chemical integrity of the polymer has to be maintained at the desired op-
erating conditions for the designated operating time. The hostile fuel cell
environment is a consequence of the simultaneous presence of H2, O2, H2O2
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as intermediate, the noble metal catalyst, and possibly metallic contami-
nants such as Fe ions. It is widely accepted that radicals generated within
this environment, such as hydroxyl (HO·) and hydroperoxyl (HO2

·) radicals,
chemically attack the polymer, causing chain scission [190–195].

4.2.6
Mechanical Integrity

Furthermore, the material has to exhibit sufficient mechanical stability in
order to fulfil its separator function. Not only tensile strength and elonga-
tion at break values have to be considered, but also dimensional stability upon
swelling, and resistance to crack formation and propagation. Creep of the
polymer is likely to occur because the water-swollen membrane is plasticized
and the membrane is under a constant compaction force in the cell [196]. This
may lead to membrane thinning and, eventually, puncturing a pinhole for-
mation. An effect especially pertaining to swelling of the polymer upon water
sorption is a fatigue-type phenomenon when the membrane electrode assem-
bly is subjected to dry–wet cycles, which leads to periodic stress build up and
relaxation in the membrane and, ultimately, to crack formation. This has been
observed to be a membrane failure mode [197].

4.2.7
Fuel Cell Performance

Fuel cell characterization using radiation grafted membranes is mentioned
in the work of Sundholm et al. [182, 198–200], Horsfall and Lovell [187,
201], Scott et al. [202], Nasef and Saidi [203], Hatanaka et al. [204], Aricò
et al. [183], and Scherer et al. [61, 205–210] (in the last 5 years). In addition, in
recent patent literature Ballard Power Systems [97, 211], Aisin Seiki [89, 91],
and Pirelli [92] have filed inventions related to radiation grafted fuel cells
membranes. The reported fuel cell performance characteristics span a sub-
stantial range, from unacceptably poor to values approaching or exceeding
comparative samples based on Nafion® membranes [43]. It has to be empha-
sized at this point that direct comparison of fuel cell test data is not always
straightforward and can be misleading. Occasionally, the grafted membranes
used are thinner than the respective Nafion® comparison example. Conse-
quently, similar fuel cell performance can be obtained although the conduc-
tivities of the two membrane materials are notably dissimilar. Crosslinked
membranes have been used only in the minority of experiments by Nezu
et al. [89], Aricò et al. [183], and in our own laboratory, e.g., [207]. The in-
fluence of DVB as crosslinker on ex situ membrane properties was discussed
earlier. In the fuel cell, the level of crosslinking affects performance as well
as durability [208] (also, Gubler et al. unpublished results). Optimum per-
formance was found for 10% DVB content as a consequence of balanced
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membrane resistance and membrane–electrode interface characteristics. Sta-
ble performance was observed over a few hundred hours only for membranes
with 10 and 20% DVB; the lower crosslinked membranes showed significant
degradation. Membranes with high crosslinker content of 20% or more, how-
ever, suffer from poor mechanical properties. The increasing brittleness of the
material can lead to membrane cracking during MEA fabrication or fuel cell
operation.

One of the degradation modes observed using radiation grafted fuel cell
membranes is correlated with reactant gas (i.e., H2 and O2) permeability
through the membrane. Kallio et al. [182] found that oxygen diffusion and
permeability increase with increasing water uptake and thus with DG. The
open circuit voltage of the fuel cell was observed to be lower for mem-
branes with higher water uptake, indicating a higher extent of mixed potential
formation, especially on the cathode, due to gas permeation. Similar obser-
vations were made by Büchi et al. [125] as lower degrees of crosslinking at
similar graft level yield membranes with higher water uptake, higher gas per-
meation, lower open circuit voltage, and shorter membrane lifetime in the
fuel cell.

As an example for MEA performance, Fig. 20 shows the polarization
behavior of an optimized radiation grafted membrane on the basis of
FEP-25 film with 18% DG and 10% crosslinker content, compared against

Fig. 20 Single cell performance comparison. Conditions: cell temperature 80 ◦C, H2 stoi-
chiometry 1.5, O2/air stoichiometry 9.5/2.0, both fuel and oxidant reactant gases fully
humidified, ambient pressure. Ohmic resistance was determined using auxiliary fast-
current pulses according to [214]
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a Nafion® 112-based MEA. The polarization curve of the two MEAs is similar,
with a slightly lower ohmic resistance of the sample with the grafted mem-
brane, which, however, is offset by a slightly higher interface resistance. This
membrane is optimized for performance, durability, and mechanical stabil-
ity. A membrane of this configuration was operated for over 4000 h at a cell
temperature of 80 ◦C without loss in performance [61].

Very promising fuel cell performance results with respect to longevity were
obtained with a novel monomer combination, namely a mixture of α-methyl-
styrene and methacrylonitrile as graft component [44]. Although these pre-
liminary tests were carried out with non-crosslinked membranes, they nicely
show the positive effect of substituting the α-H atom by a methyl group on
stability under fuel cell test conditions. Testing of crosslinked membranes is
ongoing (Gubler et al. unpublished results).

4.2.8
Performance in Direct Methanol Fuel Cells

The technology of radiation grafting of membranes is particularly interest-
ing for the direct methanol fuel cell (DMFC), because the process parameters
can be easily tuned to produce membranes with lower water and methanol

Fig. 21 Water permeation from anode to cathode in the direct methanol fuel cell for radia-
tion grafted membranes based on FEP with different initial film thickness (25 and 75 µm)
and Nafion® 117. The electroosmotic drag coefficient H2O/H+ is calculated from the slope
of the regression line. Conditions: cell temperature 90 ◦C, pressure 2 bar, 20 mL min–1,
0.5 M methanol, air stoichiometry is 2.0 for FEP and 3.0 for Nafion® 117
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uptake, and with the desired transport properties [200, 212]. Compared to
membranes used in the hydrogen fuel cell, optimized membranes for the
DMFC are fabricated using thicker base film such as FEP 75 µm and having
a lower DG [209]. With such membranes, identical performance is obtained
compared to the Nafion® 117 standard, yet with methanol permeation re-
duced by 40%. In addition, lower water transport from anode to cathode
leads to less cathode flooding. Water permeation data from anode to cath-
ode for two radiation grafted membranes based on FEP-25 and FEP-75, and
for Nafion® 117 are shown in Fig. 21. Water transport through these mem-
branes appears to depend linearly on the cell current with comparably little
permeation at zero current, indicating that the dominant mechanism for
water transport is electroosmotic drag. From the slope of the curves, the
electroosmotic drag coefficient can be calculated, yielding a value of 1.7 for
the crosslinked radiation grafted membranes and 5.0 for Nafion® 117. Also,
the reader may note that there is no marked difference in water permeation
between the two grafted membranes of different thickness, reinforcing the
conclusion that electroosmotic drag is dominant, and not diffusion.

5
Conclusions

This review demonstrates that radiation grafted membranes can be used
successfully as solid polymer electrolytes for fuel cells. The membranes fab-
ricated by radiation-induced grafting offer a cost-competitive option since
inexpensive commercial materials are used and the preparation procedure
is based on established industrial processes. Radiation-induced grafting is
an attractive method to introduce desirable properties into a polymer owing
to its simplicity in handling and its control over the grafting process. The
method allows the use of a wide range of polymer–monomer combinations,
such as various fluoropolymer films and vinyl and acrylic monomers. Par-
tially fluorinated and perfluorinated polymers have been frequently used as
base polymer to meet the requirements for chemically and thermally stable
proton conducting membranes. Styrene and styrene derivatives have been ex-
tensively used as the monomer since grafted styrene can be readily modified
to introduce a variety of functionalities.

Grafting parameters (irradiation dose, monomer concentration, grafting
medium, temperature, etc.) have significant influence not only on grafting
yield and grafting kinetics but also on resultant film and membrane prop-
erties. Crosslinkers are used in conjunction with the monomer to achieve
certain desirable properties. For instance, the use of crosslinker is an effective
means of enhancing the stability of styrene-grafted membranes in fuel cells.

Investigation of the structure, morphology, homogeneity, thermal and me-
chanical properties of both the grafted films and the membranes is important
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for understanding the grafting process and the operation mechanisms of the
membranes. Several characterization methods are available to examine these
properties.

The identification of membrane properties relevant to fuel cells (ion ex-
change capacity, water uptake, conductivity), aspects of membrane electrode
assembly fabrication, and fuel cell performance are described in detail in this
review.
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Abstract Inorganic–organic membranes are characterised by the presence of a certain
amount of inorganic solid within an organic polymer that serves as the matrix com-
ponent. From its origins some 15 years ago as a means of conferring proton conduction
properties to an insulating polymer matrix by addition of a powdered inorganic proton
conductor, the methods of preparation have developed and currently include a range of
approaches that allow control over the localisation of the inorganic component preferen-
tially in the hydrophilic or hydrophobic regions of an ionomer, and incite development
of morphologies ranging from nanoparticulate to extended network forms. The pres-
ence of an inorganic phase is effective in enhancing interaction between components, in
limiting dimensional change and in improving fuel cell performance under high tempera-
ture, low relative humidity conditions. These approaches have enabled the field to develop
from the stage of different concepts of inorganic–organic fuel cell membranes to their
implementation in fuel cell stacks. Novel approaches make use of further degrees of or-
ganisation of the organic and inorganic components, for example by use of nanoporogens
or bimodal/spinodal transformations.

Keywords Hybrid ionomeric membrane · Inorganic particles and networks ·
Nanocomposite membrane · PEM fuel cell membrane
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1
Introduction

Proton exchange (polymer electrolyte) membrane fuel cells (PEMFCs) hold
great promise in the future diversification of energy supply for applications
ranging from the portable electronics market, through automotive use and
stationary power generation to other “niche” areas related in particular to
military purposes. Real impact of the potential in terms of reduced emissions
and alternative fuels allowed by fuel cell technology awaits introduction of
a mass-market application, and arguably the greatest bearing will be brought
by fuel cell powered cars, an essential driving force for the hydrogen economy.
However, despite progress, the fuel cell is not yet an established technology
under “real-life” conditions of use, where thermal and load cycling, high and
low temperature and relative humidity (RH) environments, in particular, all
inflict their own ageing mechanisms on the component materials.

One of the bottlenecks to fuel cell implementation is the proton conducting
electrolyte membrane, the lifetime of which is not yet compatible with the tar-
get applications [1]. For example, efficiency requirements for fuel cell systems
for automotive applications [2] have driven the need for a high-performance
membrane that operates under conditions of low RH and temperatures ex-
ceeding the boiling point of water. These conditions put a severe constraint
on the amount of water that can be maintained in the fuel cell membrane
electrode assembly (MEA), limiting conductivity in conventional membrane
materials, amongst other effects. Membranes must in addition have adequate
strength and stability, be compatible with electrodes and have sufficient fuel
cell performance: for automotive applications across the full operating range
of temperature from start-up (sub-zero temperatures) to full power (up to
120–130 ◦C); for stationary application at higher temperatures > 150 ◦C, and
this over lifetimes of 5000 h (automotive) to 50 000 h (stationary power gener-
ation).

Many significant advances have been made in the design and develop-
ment of a broad range of polymers and membranes as “alternatives” to the
conventional perfluorosulfonic acid (PFSA) type, of which Nafion®, gener-
ated by copolymerisation of a perfluorinated vinyl ether comonomer with
tetrafluoroethylene, is by far the best known, most fully studied [3] and
applied [4]. New materials have primarily explored radiation-induced graft
polymerisation on per- or partially fluorinated aliphatic polymers [5], and
sulfonated aromatic or heterocyclic polymers having more facile preparative
routes [6], and that are less costly, in particular polysulfones [7, 8], polyether-
ketones [9, 10], polybenzimidazoles [11, 12] (PBIs) and polyimides [13, 14],
in which the protogenic groups are covalently bound either to the polymer
backbone or via a spacer. Acid-doped PBI [15–19] represents a second class
of proton conducting membrane which, at the present time, is the only real
contender for use in MEAs operating above 150 ◦C. Strategies have been
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developed for non-fluorinated polymers that limit membrane swelling, for ex-
ample by blending with a polymer of opposite polarity [20], by introduction
of cross-links, or by the introduction of a hierarchical organisation into gas-
tight microporous arrangements during the membrane casting process [21],
or that enhance hydrophobic–hydrophilic phase separation [22], with the aim
of improving proton conduction properties.

However, a different approach pre-dates the above, which makes use of
the proton conduction properties of inorganic solid acids and the develop-
ment of inorganic–organic membranes [23]. From its origins as a means
of conferring the proton conduction properties of a powdered inorganic
material to a composite system incorporating non-functionalised (insulat-
ing) polymers prepared by screen-printing [24], the preparation methods for
inorganic–organic membranes have progressed and now embrace a range
of approaches including the in situ precipitation of inorganic particles in
pre-cast ionomeric membranes or in functionalised polymer solutions [25],
and the formation of interpenetrating inorganic and organic networks [26].
We have clearly shown that this is an effective route to enhance interaction
between components and to limit swelling of sulfonated polyaromatic mem-
branes that generally suffer even more severely than the PFSA type from
excessive dimensional change and plastification under conditions of high wa-
ter uptake, and yet require a higher hydration number (number of water
molecules per sulfonic acid group) for equivalent conductivity [27]. Other
properties of prime interest of inorganic–organic membranes include reduc-
tion of methanol crossover [28], of relevance to direct methanol fuel cells
(DMFCs), improved conductivity [29], and opportunities in the direction of
higher temperature operation that are attributed to improved mechanical
properties and to the water-retentive characteristics of the inorganic phase,
and which are of clear advantage when operating a fuel cell at low or no
humidification of reactant gases. These observations have provided major im-
petus to the field, and recent years have witnessed a largely increased effort in
the development of inorganic–organic membranes for fuel cell applications.
Earlier reviews by Jones and Rozière [26, 30] and by Alberti and Casciola [31]
are available, as well as a broader review by Savadogo [28] that also includes
organic–organic composite membranes for fuel cells.

Inorganic–organic membranes are characterised by the presence of a cer-
tain amount of inorganic solid within an organic polymer that serves as the
matrix component. The term “composite” is used here as a general term to
describe all such membranes, while the designation “hybrid” is set aside for
nanocomposite membranes with nanoscale integration of the organic and in-
organic components. Hybrid membranes can be most readily generated by
in situ precipitation of the inorganic material within an ionomer membrane
or in a polymer solution [26]. Based on our previous reports, the present
work aims to develop a general approach to the preparation of nanocompos-
ite membranes in which specific interactions (ionic interaction, or weaker,
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physical or hydrogen-bonding interactions) are favoured, and to review re-
cent literature on this overall scheme.

2
Use of Ionomer Membranes as Templates for Inorganic Particle Growth

2.1
Morphology and Microstructure of Ionomer Membranes

Charge-driven self-assembly between material components has been known
and used for the preparation of nanocomposites for many years. It has been
utilised to assemble organic and inorganic species into layered hosts for ex-
ample, with applications in the fields of preparation of polymer-layered host
hybrids, materials with non-linear optical properties and pillared layered
solids [32, 33]. Polyelectrolytes of sufficiently high acidic (or basic) charac-
teristics, such as acid-functionalised ionomeric membranes, have a distinct
morphology arising from self-organisation into hydrophobic and hydrophilic
regions, and which is related to that shown by amphiphilic systems. Various
models describing this microstructure/nanostructure have been proposed,
the enduring conceptual basis of which is the cluster-network model of hy-
drated ionic aggregates of diameter ≈ 4 nm (Fig. 1a), proposed by Gierke [34]
some 25 years ago on the basis of the presence of a single small-angle X-
ray scattering peak, a more recent example of which is given in Fig. 1b [35],
and the behaviour of this peak with membrane swelling. In this model, sul-
fonic acid end groups of the perfluoroalkyl ether side chains are organised
as inverse micelles that are connected via channels of length ≈1 nm, through
which ions and polar solvents permeate, and are embedded in a semi-
crystalline, hydrophobic matrix that ensures mechanical integrity. As more
extensive structural studies have been conducted, alternative microstructures
have been suggested [36–39] (Fig. 1c and d), all of which, however, retain the
central recognition that ionic groups aggregate to form a network of clus-
ters, although debating the form and spatial distribution of these clusters,
as well as the structure and distribution of crystallites in the fluoropolymer
backbone. As recently pointed out by Mauritz and Moore [3], by recognis-
ing the particular perspective by which a particular model was developed,
certain disparities between the different models may be reconciled. There
now seems to be agreement that the arrangement of the ionic domains is less
well-ordered than originally proposed, with anisotropy of individual clus-
ters superimposed on heterogeneity in spatial organisation, and transitional
interphases between hydrophobic and hydrophilic regions. In sufficiently hy-
drated samples, and as described by Kreuer, water is an extended phase [27].

All of the above is relevant to our understanding of the properties of
inorganic–organic membranes obtained from films. Other studies are signifi-
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Fig. 1 Morphological models for the microstructure of Nafion®. a Cluster network model
for the morphology of hydrated Nafion®. Reproduced with permission from [3]. © (2004)
American Chemical Society. b Typical X-ray scattering spectrum of a water swollen
Nafion®-1100. Reproduced with permission from [35]. © (2004) American Chemical
Society

cant in the context of composite membrane preparation using other routes,
in particular using solvent casting. For example, small-angle X-ray scat-
tering (SAXS) profiles of films of Nafion® cast from low-boiling solvents
(ethanol/water), such as typically used at the membrane/electrode interface,
differ from those prepared from high-boiling solvents with casting tempera-
ture > 160 ◦C (and which are similar to those of Nafion® films prepared
by extrusion). While ionic domains gave their characteristic feature in all
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Fig. 1 c Entangled network of rodlike aggregates in Nafion®. Reproduced with permission
from [35]. © (2004) American Chemical Society. The position and orientation within an
aggregate is characterised by the ionomer peak, and the correlation length by the USAS
upturn in (b). d Conceptual model for reorganisation and continuity of the ionic domains
as the dry membrane is swollen with water to the state of complete dissolution. Reprinted
from [39]. © (2000), with permission from Elsevier

SAXS profiles, the low angle maximum associated with scattering from well-
organised crystal domains was absent in the former, the structure being
essentially amorphous. Nafion® recast from low-boiling solvents retains a col-
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loidal morphology with little or no entanglement between polymer aggre-
gates [40, 41] (Fig. 1c). Only a history of high-temperature processing enabled
the polymer chains to reorganise and entangle, and ultimately to give a suffi-
ciently robust membrane. For detailed background on this topic, the reader
is referred to the excellent review on the state of understanding of Nafion®
by Mauritz and Moore [3]. In addition, some 10 years ago a description of
Nafion®-117 membranes was formalised according to whether they had been
submitted to heat treatment at 80, 105 or 120 ◦C (normal, shrunken and fully
shrunken forms, respectively), or to no pre-treatment (expanded form) [42],
and their water content and associated proton conduction properties eluci-
dated for these various forms. No equivalent description has been agreed
upon, however, for recast Nafion®.

Studies of the morphology of non-fluorinated ionomers are far less exten-
sive, and although description of their microstructure is made in the same
general terms, there are central differences of detail [1]. In hydrocarbon-
based ionomers, the sulfonic acid groups are less acidic than those attached
to a perfluorocarbon structure, the polymer chain is less hydrophobic and the
backbone is less flexible, due to the presence of aromatic groups. These fac-
tors all contribute to reducing the extent of nano-phase separation between
ionic cluster regions and hydrophobic domains, which has a direct effect on
proton transport properties [43, 44], in particular by a stronger dependence
of proton conductivity on water content than is observed for PFSA mem-
branes [9]. With regard to inorganic–organic membranes prepared with per-
fluorinated versus non-fluorinated polymers and polymer membranes, the
narrower ionic/water-containing channels and the higher degree of branch-
ing of these channels, as well as the presence of cul-de-sac tunnels in non-
fluorinated systems [27], will all impact the distribution of inorganic material
throughout the nanocomposite structure and, ultimately, the extent to which
co-continuous inorganic and organic networks may be produced.

2.2
Preparation and Characterisation
of Hybrid Inorganic–Organic Membranes Using Pre-Formed Membranes

The preparation of nanocomposite membranes by intra-membrane growth
within a proton exchange membrane was first described by Mauritz et al.
[45–47]. The then novelty of this approach and the breadth and depth of
these studies warrant the following discussion of the results, which in many
ways laid the foundation for future work in this area. This group made use
of the hydrophilic ionic cluster regions of Nafion® for confined, sulfonic acid
group catalysed, hydrolysis/condensation reactions of impregnated alkoxides.
Nafion® membranes were first swollen in ethanol/water, then tetraethoxy-
silane (or aluminium, titanium and zirconium alkoxides) permeated from
one side of the membrane. In addition to the concentration profile of in-
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organic oxide across the thickness of the membrane created by this ap-
proach, tailoring of compositional gradients was achieved at the nano-scale
by shell-like construction of ceramic particles by successive permeation of
metal alkoxides [48]. Characterisation of the nanocomposite membranes by
FTIR [49], thermal analysis, dielectric relaxation and, in particular, SAXS is
compatible with the hypothesis that Nafion® acts as a morphological template
for growth of the inorganic phase. Following from the discussion of Sect. 2.1,
investigation using SAXS is of special interest. The earliest studies showed
that the ionomer peak is still observed for Nafion®–SiO2(1–x/4)(OH)x mem-
branes, and the original Bragg spacing, most often associated with the aver-
age inter-cluster spacing, is unchanged, despite the invasion of the polar re-
gions by the sol–gel derived silicon oxide phase [50]. It was further concluded
that although the inorganic phase was to be found predominantly as isolated
clusters, some of these were linked by silicon oxide bridges, presumed to be
formed in the later stages of reaction. Pursuing the idea of using the “filling”
of the ionic cluster and channel regions to probe the Nafion microstructure, it
was further reported that when incorporated silicon oxide (with many surface
silanol groups) is post-reacted with monofunctional ethoxytrimethylsilane or
with difunctional diethoxydimethylsilane, the SAXS spectrum obtained for
the latter no longer shows the presence of an ionomer peak, owing to the low-
ered electron density contrast resulting presumably from the formation of an
inorganic phase co-continuous with the perfluoropolymer network [51]. Un-
fortunately, no transmission electron microscopic (TEM) images are available
of these first nanocomposite membranes.

Of relevance to fuel cell use is the observation that water uptake from liquid
water is higher for the Nafion®–silicon oxide membranes than for unmodified
Nafion, which was attributed to the presence of a large number of accessible
≡SiOH groups. These nanocomposites exhibit progressive material strength-
ening with decreasing elongation to break, followed by a ductile to brittle
transformation that occurs with increasing silica content. Finally, in mem-
branes permeated simultaneously with titanium and silicon alkoxides and from
both membrane surfaces, a glassy zone of titania located in the immediate
sub-surface regions was considered responsible for the inferior mechanical
properties of these composites compared with those containing only silica.

Despite the careful examination of the structure and properties of
Nafion®–metal oxide and ORMOSIL nanocomposites, only partial electri-
cal characterisation had been reported until more recently, some of which
was in a patent dating from the same period [52]. The proton conductivity
of Nafion®–silicon oxide membranes prepared according to the above pro-
tocols has been described as being slightly lower at room temperature than
that of Nafion®-115 (undefined RH), and decreasing with increasing silica
content [53], while the methanol permeability also decreases. Another meas-
urement on a sample in which the silica content was not specified was higher
than that of Nafion® at 80 ◦C [54]. Characterisation in DMFCs [53] using
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a 2 M methanol feed suggested that membranes containing 12 wt. % silicon
oxide gave better performance than those with lower or higher amounts,
giving increasing power density at temperatures up to 125 ◦C, but the study
was unfortunately flawed by the lack of any comparison with unmodified
Nafion®-115. More complete fuel cell characterisation has been performed
by Bocarsly et al. [55, 56], who compared the performance of various PFSA-
type–silicon oxide membranes prepared using the above methodology:
Nafion®-115, -112, -105 and Aciplex-1004, allowing assessment also of the
role of membrane thickness and PFSA equivalent weight (EW) (Aciplex-1004,
Nafion®-105: EW 1000 g mol–1; Nafion®-112, -115: EW 1100 g mol–1; Nafion®-
115, -105: thickness 125 µm; Aciplex-1004: 100 µm; Nafion®-112: 50 µm). At
operating conditions of 3 atm, cell temperature 140 ◦C and humidifier tem-
peratures at the anode and cathode of 130 ◦C, the order of performance for
the unmodified membranes was Aciplex-1004 > Nafion®-105 > Nafion®-112
> Nafion®-115. This tendency can be rationalised on the basis of the above
physical/chemical characteristics, the resistivity of the cell decreasing as the
EW and the thickness of the membranes decreases, and the former playing
a larger role in maintaining proton conductivity at high temperature than
membrane thickness. Using nanocomposite PFSA–silicon oxide membranes,
the trend becomes Aciplex-1004 > Nafion®-112 > Nafion®-105 > Nafion®-115
(at both 130 and 140 ◦C, with humidifiers at 130 ◦C), suggesting that, since sil-
icon oxide assists water management in all systems under high-temperature
PEMFC operation, more emphasis is placed on membrane thickness than the
density of sulfonic acid groups. In addition, the current density of all the
silica-containing membranes was stable over 50 h when operated at constant
0.65 V potential, while that of the reference unmodified Nafion®-115 dropped
rapidly and gave no current after 1 h, indicating that the positive influence of
the inorganic component was not only transitory.

Impregnation relies on the ability of molecular species to diffuse into the
polar regions of ionomeric membranes, and is driven by the affinity of po-
lar/charged aggregates for the ethanol/water environment of the pre-swollen
films. The acidic sites act as catalysts for hydrolysis/condensation, but do not
otherwise participate in the reaction. In a different scheme, further advantage
may be derived from the specific character of ionomer membranes by using
the sulfonic acid sites in ion-exchange reaction with a medium containing
metal cations. On conditioning the ion-exchanged membrane in a solution
of an appropriate counter-ion, the inserted metal ions act as centres for local
particle growth. In this scheme, the existing clustered morphology of the
membrane is still used as a template, confining development of the inor-
ganic “sub-lattice” to the hydrophilic regions of the film. This approach was
first extensively described for the preparation of sulfonated poly(ether ether
ketone) (sPEEK)–metal(IV) phosphate nanocomposite membranes [57], fol-
lowing the first report by Grot and Rajendran on its use to prepare com-
posites with Nafion® [52]. Process variables include the concentrations of
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metal salt (and the nature of the salt) and phosphoric acid solutions used for
ion-exchange reaction and precipitation of the metal phosphate, respectively,
membrane pre-swelling in alcohol/water mixtures, as well as the tempera-
ture and reaction times. A particularly crucial point is to choose experimental
conditions that favour metal(IV) phosphate formation in the membrane, over
reverse ion-exchange and return of the membrane to its acid form.

Metal hydrogen phosphates and phosphonates have been extensively
studied for their proton conduction properties [58–61], and their surface acid-
ity, chemical stability in an acidic environment, insolubility in water, the versa-
tility of preparation routes and understanding of the influence of preparation
conditions on crystallite size and morphology are all salient characteristics
that have led us to suggest that these are probably the most appropriate inor-
ganic proton conductors for PEMFC and DMFC applications [25]. Zirconium
phosphate exists in different crystalline arrangements, but only the so-called
α structure is formed under the conditions prevailing in nanocomposite mem-
brane preparation. α-Zr(HPO4)2·H2O is formed by reaction of an aqueous
solution of M(IV) ions with phosphoric acid. In general, the size of the crystal-
lites increases with the concentration of phosphoric acid used, the temperature
of the reaction medium and the duration of the reaction. α-ZrP can be pre-
pared by heating the amorphous form in concentrated phosphoric acid [62],
by direct precipitation from a solution of Zr(IV) in a mixture of phosphoric
and hydrofluoric acids [63], or by complexation of zirconium propoxide (or
other metal organic compound) by phosphoric acid, followed by heat treatment
in concentrated phosphoric acid [64]. Similar routes may be followed to pre-
pare α-titanium and α-tin phosphates. Crystalline α-ZrP, α-TiP and α-SnP have
a layer structure, in which hydrogen phosphate groups are organised on the
upper and lower surfaces of a plane formed by the metal atoms. Of particular
consequence in the context of ZrP as a component of hybrid membranes is the
fact that its conductivity depends upon the degree of crystallinity and particle
size; for the crystalline compound, the conductivity is far too low for interest
(10–7 S cm–1), but in the amorphous material it reaches 10–3 S cm–1 [58]. Proton
conductivity strongly depends upon RH.

In our work, sPEEK membranes of polymer equivalent weight ca. 770 g mol–1

(ion-exchange capacity 1.3 meq g–1) and Nafion®-117 membranes were im-
mersed in an aqueous solution of either 5 M zirconyl or tin(IV) chloride for
6 h at 80 ◦C, rinsed and transferred to phosphoric acid baths of 1–14 M at 80 ◦C
where they were kept for a duration of 10 min to 7 days, in order to determine
the influence of these parameters on the metal(IV) phosphate formed. After
washing with boiling water to remove surface-bound phosphoric acid, the ion-
exchanged membranes sPEEK–Zr and sPEEK–Sn contained 11 wt. % Zr and
17 wt. % Sn, respectively. Just as for the bulk metal(IV) phosphates, the con-
centration of H3PO4 used at the precipitation stage affects both the amount
of metal(IV) phosphate formed and the mole ratio P/M(IV)—expected to be
2 from the above chemical formula (Table 1). It is observed that this ratio is
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Table 1 Composition (elemental analysis) of sPEEK–metal phosphate membranes in
terms of mass percent of metal phosphate formed in situ, and the metal to phosphorus
ratio

Concentration of Duration of Amount of Mole ratio
phosphoric acid acid treatment M(HPO4)2·H2O in Zr : P
(mol L–1) at 80 ◦C (h) hybrid membrane (wt. %)

sPEEK–zirconium phosphate membranes
1 15 25 1 : 2.1
5 15 10 1 : 2.1
7 15 12 1 : 2.6

14 15 0.5 1 : 10.8
Expected 1 : 2.0

sPEEK–tin phosphate membranes
1 60 25 1 : 0.86
7 60 ppm –
1 100 21 1 : 1.7
7 100 ppm –

Expected 1 : 2.0

Nafion®-117 membranes
1 15 18 1 : 2.1

attained in the hybrid membranes only when phosphoric acid of 1–5 M is
used, and with use of acid of higher concentration, the final membranes are
greatly enriched in phosphorus, symptomatic of a reverse ion-exchange pro-
cess. Zirconium diffuses from the membrane and into the surrounding acid
medium, while the membrane becomes progressively swollen with phosphoric
acid. The reverse ion-exchange process no longer dominates when lower con-
centrations of phosphoric acid are used, and it is under these conditions that
hybrid membranes most highly loaded in metal(IV) phosphate are formed: up
to 25 wt. % zirconium phosphate when immersed in 1 M H3PO4. Membranes
ion exchanged with Sn(IV) show similar trends, but the rate of formation of tin
phosphate is much slower (as for the equivalent bulk materials) [65]; longer re-
action times are needed for formation of a phosphate with P/Sn ratio close to 2,
and after 100 h of immersion the membrane contains 21 wt. % SnP. It should
be noted that P/M(IV) ratios < 2 correspond to hydroxyphosphate derivatives
of metal(IV) phosphates, and since these are less stable hydrolytically and, in
consequence, less suitable for fuel cell application, it is indispensable to under-
stand the relation between the preparation conditions and the chemical nature
of the inorganic material formed.

The presence of an inorganic phase broadens the range of applicable char-
acterisation techniques to those sensitive to heavier atoms and/or that are
specific probes for the environment of a given atom. 31P MAS NMR is one
such method that probes the degree of molecular connectivity within the
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Fig. 2 Preparation of hybrid membranes by ion exchange/precipitation: transmission elec-
tron micrographs of a sPEEK incorporating zirconium phosphate particles (20 wt. %),
b hybrid membrane of sPEEK incorporating tin phosphate particles (20 wt. %). Magni-
fication 50 000 ×

metal(IV) phosphates. Applied to sPEEK–ZrP and sPEEK–SnP, it reveals dif-
ferences in the phosphorus environment in the two nanocomposites that can
be related to particle size and morphology. A single resonance at – 18 ppm
in the spectrum of sPEEK–ZrP is characteristic of an environment HO–P–
O3, while the appearance of three signals (at – 13.4, – 8.4 and – 6.0 ppm)
in the spectrum of sPEEK–SnP indicates the presence also of (HO)2–P–O2
groups [66]. This conclusion is compatible with the chemical analyses de-
scribed above, and the availability of pendant hydroxyl groups also implies
that SnP particles have greater surface/interface than ZrP particles. From dir-
ect observation of the nanocomposite membranes using TEM (Fig. 2), the
particle sizes of ZrP and SnP are estimated as 15–30 and 5–10 nm, respec-
tively, with particles of SnP being more isotropic in shape than the platelet
morphology of ZrP. Diffraction lines from zirconium phosphate are broader
in Nafion®–ZrP membranes than in sPEEK–ZrP, and the first diffraction
line corresponding to the interlayer spacing is very weak or absent. Reflec-
tions (100) and (101) from crystalline regions of the PFSA backbone are
also observed. The particle size observed in Nafion®–ZrP by TEM is smaller,
ca. 10 nm (Fig. 3).

X-ray absorption spectroscopy has been very little applied as a tool for
the characterisation of proton exchange membranes, and yet the element-
specific information on the nature and number of nearest neighbours and
interatomic distances it is capable of providing on disordered materials is
unique. Rozière and Jones et al. [67, 68] made use of extended X-ray ab-
sorption fine structure (EXAFS) and X-ray absorption near edge structure
(XANES) spectroscopies to investigate the local environment of Zr in the
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Fig. 3 Preparation of hybrid membranes by ion exchange/precipitation: transmission elec-
tron micrograph of Nafion®-117–ZrP. Magnification 50 000 ×

ion-exchanged membranes, and follow the evolution of the local structure
in sPEEK–ZrP and Nafion®-117–ZrP membranes as a function of duration
of reaction of the ion-exchanged membranes with phosphoric acid (1 M,
80 ◦C). The amount of metal(IV) phosphate that can be formed in a one-
step process depends on the uptake of metal ions in the ion-exchange
step, itself dependent on the ion-exchange capacity (IEC) of the ionomer
membrane, and the charge on the metal ions. In this context, the first re-
sult of interest concerns the nature of the species exchanged from aqueous
ZrOCl2 to the sulfonated polymer membrane. In its crystalline form, zir-
conyl chloride adopts a structure in which zirconium is bound into com-
plex tetranuclear cations [Zr4(OH)8(H2O)16]8+ [69] (Fig. 4). Studies using

Fig. 4 Tetrameric zirconium species, formally [Zr4(OH)8(H2O)16]8+, solid ZrOCl2. A Zr
species of this geometry is identified by EXAFS spectroscopy in sPEEK and Nafion®-117
membranes ion-exchanged from ZrOCl2 solution
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Table 2 Coordination numbers and interatomic distances determined from EXAFS spec-
troscopy of ion-exchanged membranes Nafion®-117–Zr, sPEEK–Zr and crystalline ZrOCl2

N a
i R b

i (Å)

Nafion®-117–Zr N1 7.9 R1 2.21
N2 2.3 R2 3.61

sPEEK–Zr N1 8.6 R1 2.20
N2 1.6 R2 3.59

ZrOCl2 N c
1 4 R1 2.29

N2 4 R′
1

d 2.15
N3 2 R2 3.59

a,b Coordination number and interatomic distance of ith shell of oxygen atoms. R1, R2 are
the interatomic distances from zirconium to the first and second shells of oxygen atoms,
respectively
c Four atoms at 2.29 Å and four at 2.15 Å give an average of eight atoms at 2.22 Å
d In ZrOCl2, there are two Zr–O distances in the first coordination shell, denoted R1 and
R′

1. Estimated errors are 0.02 Å and 20% on Ri and Ni, respectively.

SAXS conclude that this tetrameric species also exists in aqueous solutions
of Zr(IV) [70]. EXAFS spectroscopy of sPEEK–Zr and Nafion®-117–Zr mem-
branes shows the immediate environment of Zr to comprise two distinct
shells of oxygen at 2.20 and 3.59 Å. To within the accuracy of the EXAFS
method, this local structure matches that in crystals of ZrOCl2 (Table 2)
and it is concluded that tetrameric zirconium species are exchanged into
the ionomer membranes. In solution the charge on this tetramer can de-
viate from the formal 8+, and an estimate can be made using the poly-
mer IEC and the weight of inorganic material formed in situ. In the case
of sPEEK with IEC of 1.3 meq g–1, an average charge per zirconium of 2+
(as in [Zr4(OH)8(H2O)16]8+) would allow formation of a maximum amount
of 16 wt. % of ZrP in a one-step process. Higher amounts can be formed
using multiple exchange–precipitation steps with regenerated exchange sites.
Experimental results indicate that, in a single exchange–precipitation step,
up to 25 wt. % of ZrP is formed, which implies that the average charge is
lower, closer to 1.3+. In Nafion®-117 membranes the amount of ZrP formed
in a single step is ca. 18 wt. %, which corresponds to the expected amount
for the membrane IEC if the average charged species is the same in the
two ionomeric membranes. In conclusion, zirconium is not exchanged as
simple Zr4+ ions (as is written in some recent reports), neither in poly-
aromatic sPEEK nor in polyfluorosulfonic acid Nafion®-117 membranes,
but as a part of a tetranuclear species in which the average charge per Zr
is ca. 1.3.

Figure 5a displays spectra in the X-ray absorption near edge region given
by sPEEK–ZrP samples after immersion in H3PO4 for periods of 10 min–
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Fig. 5 a X-ray absorption spectra in the near Zr-edge region of sPEEK–Zr mem-
branes after immersion in H3PO4 (1 M, 80 ◦C) for various times: (a) 5 min, (b) 10 min,
(c) 40 min, (d) 60 min, (e) 4 h, (f) 15 h. A Rising edge; B near-edge feature; C absorption
maximum; D first post-edge oscillation. b X-ray absorption spectra in the near Zr-edge
region of Nafion®–Zr membranes after immersion in H3PO4 (1 M, 80 ◦C) for various
times: (a) 10 min, (b) 40 min, (c) 4 h, (d) 15 h. A Rising edge; B near-edge feature; C ab-
sorption maximum; D first post-edge oscillation
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15 h. While the absorption edge (A) does not change in position, the ab-
sorption maximum (C) and the first oscillation (D) both increase in inten-
sity at longer reaction times, and a shoulder (B) on the rising absorption
edge becomes more marked. These features are the expression in XAS of
the transition from an eight-coordinate arrangement (eight nearest neigh-
bours in [Zr4(OH)8(H2O)16]8+) to the six-coordinate environment of α-
Zr(HPO4)2·nH2O, the onset of which begins very rapidly, even after 5 min
immersion in H3PO4. Before discussing the corresponding EXAFS region of
the spectra for sPEEK–ZrP membranes, a short detour will be made to ex-
amine the near-edge spectra of membranes based on Nafion®-117 (Fig. 5b).
Here the absorption maximum (C) and the first oscillation (D) both move
to higher energies (and become more intense) at longer reaction times, and
the shoulder (B) grows in on the rising absorption edge; it is clear that with
Nafion® the evolution from eight to six coordination is noticeably slower, be-
ginning after ca. 40 min, while no further evolution in the spectrum is seen
after 4 h. These differences could simply arise from the difference in mem-
brane thickness (sPEEK, 50 µm; Nafion®-117, 250 µm), but it is more likely
that re-protonated sulfonic acid sites in sPEEK exert less influence by Don-
nan exclusion than the superacid sites in Nafion®, and allow faster diffusion
kinetics.

From numerical analysis of the EXAFS region of the spectra given by
sPEEK–ZrP and Nafion®-117–ZrP (15 h of reaction in H3PO4), it is deduced
that zirconium is surrounded by six oxygen atoms at 2.05 Å (r(Zr–O) =
2.07 Å in α-ZrP), a second shell of oxygen at 3.59 Å (r(Zr–O) = 3.43 Å in
α-ZrP) and a shell of zirconium atoms at 5.35 Å (r(Zr–Zr) = 5.29 Å in α-
ZrP). Although the coordination environment corresponds to that of α-ZrP,
the slightly longer interatomic distances indicate the structure to be more re-
laxed, with less long-range interaction, which is consistent with the presence
of nanoparticulate zirconium phosphate. An earlier EXAFS study of zirco-
nium phosphates in X-ray amorphous and (partially) crystalline forms [71]
is of relevance in this context. Further strong evidence for relaxation from
the positions expected in an extended organisation, as in ZrP crystals, is de-
duced from the emergence of an intense signal from the shell of phosphorus
atoms (r(Zr–P) ca. 3.5 Å). For crystalline α-ZrP, the intensity of this max-
imum in the radial distribution-like function is vanishingly small, due to
destructive interference of the EXAFS oscillations singly backscattered from
phosphorus, with oscillations scattered in a multiple scattering path involving
the first oxygen atom shell (Zr–O–P–O–Zr). Since the extent of this destruc-
tive interference strongly depends upon the Zr–O–P angle, the intensity of
the maximum due to back-scattering from phosphorus in the radial distribu-
tion function allows us to calculate approximately that the Zr–O–P angle in
ZrP confined in sPEEK is ca. 170◦ [68], which can be compared with 155◦ in
crystalline α-ZrP. The radial distribution-like functions obtained by Fourier
transformation of the EXAFS spectra of nanocomposite membranes sPEEK–
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Fig. 6 Fourier transformed EXAFS spectra of sPEEK–ZrP membranes prepared by con-
tact of ion-exchange membranes with H3PO4 (1 M, 80 ◦C) for 5 min (�) and 15 h (�),
compared with that of well-crystallised α-ZrP prepared using the “HF” method (�)

ZrP and Nafion-117–ZrP obtained after initial immersion (5 min) and 15 h
of immersion in phosphoric acid are compared in Fig. 6 with those given
by bulk, well-crystallised α-ZrP prepared in an H3PO4/HF medium. These
spectra have not been corrected for phase shifts, and thus the interatomic
distances are skewed to lower values by about 0.3 Å.

The proton conductivity of sPEEK–ZrP membranes (measured across the
film thickness) has low temperature dependence at 100% RH, increasing
from 2 to 5×10–2 S cm–1 in the range 20 to 100 ◦C. Using membranes con-
taining up to 25 wt. % ZrP in MEAs operated under hydrogen/oxygen and
hydrogen/air fuel cells [25, 29, 57], slightly higher cell voltages were achieved
at 100 ◦C with hybrid systems than with unmodified sPEEK membranes of
the same thickness, the current density (H2/O2) at 0.6 mV being > 1 A cm–1

(Fig. 7).
Following the above preparation protocol, Nafion®–ZrP membranes have

also been extensively characterised by Yang, Bocarsly et al. [72–74] and
Willert-Porada [75, 76], in particular with regard to fuel cell performance
and microstructural properties. In these studies either commercial Nafion®-
117 [68, 75] or -115 [72], or recast Nafion® [73] films have been used, Nafion
being re-formed from alcoholic solution and thermally treated at 160 ◦C be-
fore use. The starting membranes in all studies are thus expected to be simi-
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Fig. 7 Polarisation characteristics of sPEEK and sPEEK–ZrP (50 µm) prepared by
ion-exchange/precipitation with sPEEK membranes. The electrodes employed in these
MEAs were standard 1 mg Pt cm–2 E-TEK, Nafion® dispersion was used at the mem-
brane/electrode interface, and the cell was pressurised to 2.6 bar abs. sPEEK at 85 ◦C (∆);
sPEEK–ZrP at 85 ◦C (•) and sPEEK–ZrP at 100 ◦C (�)

lar, since high-temperature processing re-establishes a microstructure that is
comparable to that of commercial extruded films [41].

The morphology of hybrid Nafion®–ZrP membranes has been investi-
gated recently using SAXS [74]. From these studies, it was deduced that ionic
clustering persists in the hybrid system, and that the characteristic spacing
between clusters in fully hydrated Nafion®-115 and fully hydrated Nafion®-
115–ZrP is similar. On the other hand, whereas with decreasing hydration
number the inter-cluster spacing in Nafion®-115 diminishes (scattering max-
imum shifts to smaller spacing with decreasing water content), it remains
unmodified in the hybrid membrane. This would imply that the ZrP par-
ticles act as an internal prop to bolster and stabilise the ionic cluster volume,
which is then less susceptible to changes in degree of hydration. Observations
at this length scale can be related to the well-documented macroscopic di-
mensional change in Nafion® with water uptake. Swelling/contraction effects
rapidly induce mechanical fatigue, and finding reliable means of limiting hy-
dration/dehydration is a key challenge in the development of new membrane
materials. Finally, Nafion®–ZrP membranes in the dry state give no SAXS
signal; the electron densities of the perfluorocarbon backbone and the inor-
ganic inclusion are sufficiently similar that no scattering peak is observed,
from which it is concluded that the formation of zirconium phosphate par-
ticles extends throughout the hydrophilic regions of the ionomer membrane.
However, such conclusions relate only to membranes in which the above
preparation protocols have been rigorously followed. In another recent study,
Nafion®-117 ion exchanged with ZrOCl2 was immersed in phosphoric acid
for only 1 h [75], which leads to membranes displaying a distinct concentra-
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tion profile that decreases from the membrane surfaces to the centre, even
when successive exchange/precipitation cycles were made, as determined
from SEM-EDX. In addition, no analysis of the phosphorus to zirconium ratio
was provided; the chemical analyses described above indicate that a zirco-
nium oxophosphate is the dominant inorganic species in Nafion®-117 based
membranes for immersion times < ca. 4 h [68]. In any case, the properties of
these membranes are expected to be different from those where zirconium
phosphate is precipitated throughout the membrane thickness. From other
recent SAXS studies, it was concluded that the presence of ZrP does not mod-
ify the structure of the pre-formed Nafion® membrane [77].

The hydration number (λ) under saturation conditions is identical for
Nafion® and Nafion®–ZrP membranes for water uptake from the liquid phase
(λ = 25 at 25 ◦C), while a significant difference was reported for uptake from
the vapour phase, with λ of 11 for Nafion®-115 and 19 for Nafion®-115 at
80 ◦C, with no change at higher temperatures up to 140 ◦C. As for sPEEK–
ZrP membranes, RH affects the proton conductivity of Nafion®–ZrP mem-
branes to a much larger extent than temperature. In all cases, the hybrid
membranes had a somewhat lower conductivity than unmodified Nafion®,
and this despite the increased total IEC, although this distinction is blurred
above a water activity of ca. 0.8 (Fig. 8). On this basis alone, the promise of
Nafion®–ZrP for fuel cell use would appear to be mediocre, and it provides
a good illustration of the importance of in situ characterisation to fully assess
a membrane’s potential. Yang, Bocarsly, Srinivasan et al. [73, 74] have com-
pared the fuel cell performance (H2/O2) of Nafion®-115–ZrP membranes with

Fig. 8 Comparison of conductivity at 80–140 ◦C of Nafion® (open symbols) and Nafion®–
ZrP membranes (filled symbols). Reprinted from [74]. © (2004), with permission from
Elsevier
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that of Nafion®-115 under various conditions of cell and gas humidification
temperatures, and pressure. The results clearly show superior performance
for the hybrid membrane at high temperature, under conditions where RH
is < 100%, whereas at 80 ◦C and full humidification, the performance was
similar or slightly lower (Fig. 9). Determined from the fuel cell data, the mem-
brane resistance for Nafion®-115 increased by a factor 50 when the RH was
reduced from 100 to 70%, very much more than the increase from 0.20 to
0.22 Ω cm2 that was expected from ex situ resistance experiments. In contrast,
the membrane resistance of Nafion®-115–ZrP derived from fuel cell tests only
increased by a factor of 3. It was suggested that for Nafion®-115, swelling
of the membrane in the fuel cell generates internal pressure that can cause
a change of state of the membrane [78]. The presence of zirconium phosphate
provides mechanical support which resists compression in the fuel cell MEA
and the nanocomposite membrane can take up water and swell [74]. Nafion®–
ZrP or, more generally, inorganic–organic membranes, are able therefore to
gain more advantage from available water in an operating fuel cell than cor-
responding polymer-only membranes, the underlying key factor being the
reinforcement effect of the inorganic phase. The effect of mechanical con-
straint is amplified at higher temperature in Nafion®-based membranes be-
cause the elastic modulus decreases with increasing temperature, and the
pressure needed is greatly reduced above the glass transition temperature.
Nafion®–ZrP membranes prepared by ion-exchange/precipitation have also
been operated in DMFCs up to 150 ◦C [72, 76], and the results are compared
in Sect. 4 with those obtained using nanocomposites containing ZrP and elab-
orated by in situ preparation in a polymer solution.

A further degree of organisation and structuring of the inorganic and or-
ganic components has been introduced in recent work when porous ionomer
membranes have been used as the host for nascent zirconium phosphate [21,
79–81]. Amongst other methods, nanosized pores may be generated by sol-
vent extraction of a dispersed porogen from a cast membrane, or by phase
inversion of a cast polymer solution, and since the pores formed increase the
free volume available for formation of ZrP, this is one means of increasing the
proportion of the inorganic phase in a composite system. However, it should
be considered also that the nanostructure of the porous film formed will de-
pend on the method used for pore generation; a hydrophobic porogen, such
as dibutyl phthalate, will locate preferentially in the hydrophobic regions of
a sulfonated ionomer and lead to pores in these regions [80], while the use
of spinodal or binodal phase transformation of a cast sulfonated ionomer by
water vapour induced phase separation (VIPS) will lead to preferential pore
formation in hydrophilic regions [21, 82], and ultimately the properties of the
membranes are not expected to be the same. However, in both cases, immer-
sion of porous sulfonated ionomers in aqueous ZrOCl2 leads to ion exchange
with the protons of sulfonic acid groups and, in addition, impregnation into
the micron-sized pores induced by processing, and on subsequent phosphoric
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Fig. 9 Comparison of fuel cell performance given by Nafion-115 (a) and Nafion-115–ZrP
(b) membranes. The cell voltage is plotted as a function of the average current density in
the fuel cell. Operating conditions are: (�) P = 1 bar, Tanode/Tcell/Tcathode = 90/80/88 ◦C;
(�) P = 3 bar, Tanode/Tcell/Tcathode = 130/120/130 ◦C; (�) P = 3 bar, Tanode/Tcell/Tcathode =
130/130/130 ◦C; (◦) P = 3 bar, Tanode/Tcell/Tcathode = 130/140/130 ◦C. Reprinted from [74].
© (2004), with permission from Elsevier
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acid treatment, ZrP is formed both in the hydrophilic regions of the polymer
and precipitated into to polymer micropores. In the case of porous sPEEK
prepared via VIPS (por-sPEEK), ZrP is located in the hydrophilic pore walls
and, depending (amongst other factors) upon the membrane pore size, either
completely fills the pores or coats their internal surface to give an eggshell-
like arrangement (Fig. 10).

On a macroscopic level, the most significant observation is that compos-
ite membranes of por-sPEEK–ZrP show no dimensional change with water
uptake, and the polymer swelling that occurs on water uptake is absorbed
by changes in pore volume and not by an increase in membrane dimension.
The spongy character of porous ionomer membranes allows very high wa-
ter uptake that is no longer related only to hydration of sulfonic acid groups.
These microstructural properties of por-sPEEK–ZrP and porous Nafion®–
ZrP, different from those of dense nanocomposite membranes incorporat-
ing ZrP, lead to different conductivity trends. At 130 ◦C, the conductivity of
por-sPEEK–ZrP determined on fully humidified membranes remained un-
changed as the RH was lowered to 25% over a 24-h period [81, 83]. This

Fig. 10 Transmission electron micrograph of por-sPEEK–ZrP, pore diameter ca. 1–2 µm.
ZrP of thickness 30 nm coats the internal surfaces of the pores in an eggshell arrangement
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delayed response to low ambient RH is of high relevance in the context of au-
tomotive fuel cell application, where driving conditions (idling, acceleration,
deceleration) lead to load and temperature cycling that generate intermit-
tent low- and high-RH conditions. Membranes that respond rapidly to high
RH but have delayed response to low RH are an alternative option to the
as yet elusive candidates of target conductivity under equilibrium over the
whole range of RH values. The above observations are corroborated by those
on porous Nafion® containing 20 and 40 wt. % ZrP where the conductivity
at 130 ◦C after initial saturation of the membrane was > 10–2 S cm–1 [80].
They are further confirmed by fuel cell characterisation, where the maximum
power density of the above porous Nafion®–ZrP was twice that of Nafion®-
115 at a cell temperature of 110 ◦C and humidifier temperature 80 ◦C, due
to reduced areal resistance of the composite membrane. A similar trend is
seen for por-sPEEK–ZrP membranes, which have better performance than
reference Nafion®-115 at 95 ◦C, even though at lower temperatures their per-
formance was inferior. More extensive in situ characterisation over a fuller
range of temperature and RH is required, as well as durability testing, so as to
fully explore the potential of inorganic–organic composites based on porous
membranes.

In a modification of the Gore-type methodology for composite membrane
preparation [84], Si and co-workers have impregnated porous (0.5 µm) Teflon
with ZrOCl2 dissolved in a commercial Nafion® dispersion, and treated the
resulting imbibed membrane with phosphoric acid [85]. No chemical charac-
terisation of the final membrane is provided, so it not possible to assess the
extent of formation of zirconium phosphate or the possible presence of other
reaction products under the conditions used. However, the resulting compos-
ite has a membrane resistance a factor of 2 lower than that of the correspond-
ing por-Teflon-Nafion® prepared in a similar way (0.24 Ω cm2 at 120 ◦C/31%
RH), and its H2/O2 fuel cell performance, although the same as that of refer-
ence Nafion®-112 at 80 ◦C, was higher at 120 ◦C, even after correction for the
difference in membrane thickness. In a related approach, Alberti and Casci-
ola described successive impregnation/drying cycles of porous (0.5 µm, 85%
porosity) Teflon. The removal of solvents leads to a composite membrane in
which ca. 70–80% of the pore volume is filled with zirconium phosphate sul-
fophenylphosphonate (see Sect. 4) [86], complete occlusion occurring when
the anhydrous inorganic phase is hydrated. Finally, successive impregnation
cycles of porous PTFE by Nafion® and then by tetraethoxysilane (TEOS) gives
membranes containing up to 3 wt. % of silica that have been characterised in
DMFCs [87].

In a different approach again, the open porosity of an ordered inverse silica
opal material has been filled by multiple impregnation steps with sulfonated
polysulfone (sPSU). In a highly polymer-charged composite, the polymer and
silica phases are co-continuous, and the conductivity of a material with mass
ratio of polymer to silica of 70:30 was ca. 0.1 S cm–1 at 80 ◦C and 90% RH,
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using sPSU of IEC > 2 meq g–1 [88, 89]. Water swelling/solubility and eventual
polymer elution should be addressed, as well as the mechanical properties,
but the degree of organisation achieved using this methodology makes the
approach an interesting reference for in situ methods to co-continuous net-
work materials (described in Sect. 4).

3
Preparation of Composite Membranes by Addition
of an Inorganic Component to a Polymer Solution or Dispersion

In this approach, an inorganic solid, generally in the form of a powder, is
added to a polymer dispersion or solution, followed by film casting and
solvent removal. Different associations of functionalised/non-functionalised
components may be envisaged. Most studies have been carried out on the
addition of metal oxide particles and inorganic proton conductors, mainly
phosphates and phosphonates, to ionomers, although it is recalled that non-
functionalised polymers were used in the first work in this area, necessi-
tating rather high proportions of inorganic proton conductors to achieve
percolation, with an ensuing detrimental effect on the membrane mechani-
cal properties. More recently, a class of composites developed by Peled et al. is
based upon non-functionalised polymers (polyvinylidene difluoride (PVDF),
polytetrafluoroethylene) and ceramic particles (silica, alumina, titania), with
impregnated acid as the source of protons [90]. Although dependent on a sys-
tem capable of providing acid at moderate concentration (3 M) at the an-
ode, these so-called nanoporous proton conducting membranes have given
high performance in DMFCs, with a report of 0.5 W cm–2 at 130 ◦C in direct
methanol/air [91, 92]. Other composites of PVDF with solid acids show high
proton conductivity, without recourse to imbibed acid. Membranes cast from
a dispersion of DMF-swollen gels of amorphous zirconium phosphate sul-
fophenylphosphonate (ZrSPP) and PVDF containing 5–25 wt. % ZrSPP have
conductivity values of 0.3–20×10–4 S cm–1 at 120 ◦C and 90% RH [93], but
loss of mechanical stability above 20 wt. % loading prevents higher conduc-
tivity from being attained. Water uptake by these membranes is the same,
within experimental error, from the liquid and the vapour phase at 90% RH,
being ca. 7.3 H2O/sulfonic acid group. The microstructure of PVDF-based
composite membranes certainly differs from those with an ionomer matrix,
and such behaviour, different from that of ionomer membranes in this re-
spect, is not unexpected. Other composite membranes have been reported
incorporating antimonic acid, sulfonated polystyrene and PVDF [94].

The main problem encountered using methodology of a straightforward
dispersion of a pre-formed inorganic material in a polymer solution fol-
lowed by casting is that particles tend to aggregate and form agglomerates
of varied size that are distributed non-homogeneously throughout the mem-
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brane. This problem can be alleviated in the presence of a specific interaction
(hydrogen bonding, ionic interaction) between inorganic and organic com-
ponents that is favourable for high dispersion and enhances the extent of
the inorganic–organic interface. In this context, the nature of the ionomer
itself is also a key factor, since the degree of formation of a solution, as op-
posed to a dispersion, is different for sulfonated polyaromatic polymers and
for PFSA-type polymers. Initial “as-made” Nafion® dispersions have a high
molar mass shoulder on the mass distribution determined from size exclu-
sion chromatography—low angle light scattering as a result of a process-
dependent aggregation phenomenon. This aggregate structure is irreversibly
broken down on heating the dispersion to high temperature (> 230 ◦C) to
give a molar mass of ca. 105 g mol–1. The Nafion® dispersion particle shape
is considered anisotropic, possibly having a rod and/or ribbon form, gen-
erally several hundreds of nanometres in size. In fact, current models for
Nafion® dispersions make use of elongated, charge-stabilised particles dis-
tributed on a three-dimensional lattice with the particle centre of mass at the
lattice points [95]. Thus, the addition of nanometre-sized silica to a PFSA
dispersion can be considered as giving a mixed suspension of two colloids,
one roughly spherical, one of elongated morphology, and with an order of
magnitude (at least) difference in elementary “particle” size. The extent of
interpenetration of the organic network with the inorganic phase depends
upon the strength and the nature of interactions that can be developed: in-
teractions between the hydrophilic sulfonic acid rich regions considered as
being present as fringes on the outside of Nafion® rods or ribbons in solvent
dispersion and hydroxyl groups at the surface of metal oxide particles, inter-
action between unsaturated coordination sites on the metal oxide surface and
sulfonated groups, and non-specific interactions of the metal oxide with the
hydrophobic perfluorocarbon core. In the absence of any specific, few or weak
interactions, high-temperature processing is essential, as for recast Nafion®
membranes [40], to establish entangling of the PFSA chains with each other
and with the inorganic particles, and thus the nature of the polymer in solu-
tion or dispersion can strongly influence the microstructure of the ultimate
composite membrane.

Some of the first work on Nafion®–metal oxide composites was performed
by Watanabe et al. [96, 97] who demonstrated that the addition of small
amounts of colloidal titania or silica to a dispersion of Nafion® in alcohols,
followed by recasting, led to membranes giving higher current density in an
H2/O2 fuel cell than Nafion®-112 or recast Nafion® of the same thickness.
This observation was attributed to an improvement in water retention prop-
erties as a result of interaction of water with the metal oxide surface, both
reducing electro-osmotic drag and enhancing back-diffusion of water. In re-
lated work, subsequent thermal treatment of dried composite Nafion®–SiO2
(aerosil 200) and Nafion®–TiO2 (anatase, rutile) membranes was made at
160 ◦C [98, 99]. Other authors have developed this approach [100], in particu-
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lar for application in DMFCs where, although the presence of oxide particles
can lead to higher cell resistance, particularly at normal temperatures of
operation, this effect can be compensated by a lower rate of methanol per-
meation due to a barrier effect and increased tortuosity path for methanol
crossover.

Water physisorption properties depend on the surface characteristics of
metal oxides, surface functional (hydroxyl) groups acting as hydrophilic cen-
tres available for hydrogen bonding and dipole–dipole interactions. An ap-
proach to quantification of these characteristics can be made via surface
acidity properties and the particle size and surface area. Various studies have
compared the efficacy of Al2O3, TiO2, ZrO2 and SiO2 as additives in com-
posite membranes prepared with Nafion® [99, 101, 102] or other sulfonated
polymers such as sPEEK. It has been reported that for membranes based
on Nafion®–alumina, the DMFC voltage at low current densities was sig-
nificantly lower than for those containing zirconia or silica, which suggests
inhibition of the electrochemical reactions at the interface by alumina species.
This is possibly due to local release of aluminium ions from the oxide at
low pH. Water self-diffusion coefficients determined from pulsed field gradi-
ent spin-echo 1H NMR experiments from ambient temperature to 150 ◦C are
slightly lower for Nafion®–SiO2 than for Nafion® below 100 ◦C, and slightly
higher than for Nafion® above 100 ◦C, while those of Nafion®–Al2O3 are more
markedly lower throughout the temperature range [103]. At 145 ◦C, the max-
imum power densities were also appreciably different being, in decreasing
order, SiO2 > ZrO2 > neutral Al2O3 > basic Al2O3, which is the same order as
the point of zero charge on the oxide surface, i.e. directly related to the dens-
ity of charged sites available at the low pH environment of Nafion® [101, 104].
Incorporation of zeolites chabazite and clinoptilolite in Nafion® substantiates
these results [105], by showing that whereas the DMFC resistance of unfilled
recast Nafion® is lower than that of composite membranes below 100 ◦C, be-
tween 120 and 150 ◦C the cell resistance of the Nafion®–zeolite composites is
significantly lower (anode back-pressure up to 3.5 atm abs. at 140 ◦C). These
observations are reflected in the values of maximum power density obtained
with recast Nafion® and Nafion®–zeolite-based MEAs.

It has recently been argued that effects induced by the presence of metal
oxide particles other than water retentive properties are also, if not more,
relevant to high-temperature PEMFC operation. In particular, the glass tran-
sition temperature Tg of dried composite membranes was observed to in-
creased in Nafion®–SiO2, Nafion®–ZrO2 and Nafion®–TiO2 (100–120 ◦C)
compared to dried recast Nafion® (92 ◦C). Although exact values might differ
from those in situ in a fuel cell environment depending on hydration condi-
tions, the trend is to a higher Tg in the composite membranes. This increase
in Tg reflects increased polymer stiffness, as expected if a specific interac-
tion exists between components. Interface interactions are potentially more
abundant as the metal oxide particle size is reduced, and it is noteworthy (al-
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though is not mentioned by the authors) that the composite membranes in
this study giving higher cell potential at 130 ◦C and RH below 90% than recast
Nafion® have a particle size in the nanometre range (membranes of inferior
fuel cell properties having particles in the micron range). Coordination bond-
ing between sulfonate groups and unsaturated coordination sites on the metal
oxide surface was considered as being the most likely interface interaction,
in particular with SiO2 and TiO2 particles [102]. Hydrogen-bonding interac-
tions between the sulfonate groups and surface hydroxyl groups are, however,
probably more prevalent at the interface, although less specific in nature.

More specific interaction between the polymer and inorganic components
can be introduced by surface functionalisation of metal oxide particles in an
approach first described by Rozière, Jones and co-workers [67, 68]. Colloidal
silica was reacted with aminophenyltrimethoxysilane to give particles coated
by aminophenyl groups. In this system, protons are transferred from sul-
fonic acid to amine groups. The specific acid–base (sulfonic acid–amine) or
ionic (SO–

3–NH+
3 ) interactions favour charge-driven dispersion of basic silica

throughout the polymer, self-assembling and cross-linking polymer chains
and inorganic particles. Furthermore, once protonated, the charged silica
particles tend to repel each other, and their agglomeration is avoided. The
influence of the degree of functionalisation on silica dispersion can be seen
from the scanning electron micrographs shown in Fig. 11 for membranes
based on sPEEK and containing 20 wt. % silica. Without functionalisation,
dispersion of an aqueous colloidal silica suspension in sPEEK dissolved in
NMP gives membranes in which silica is aggregated and heterogeneously dis-
tributed. On addition of 10–20 wt. %. of aminophenyltrimethoxysilane (with
respect to the amount of colloidal silica), the distribution of silica becomes
progressively more and more homogeneous, and individual silica particles
are seen at high magnification, being 10 nm in diameter. It was observed that

Fig. 11 Scanning electron micrographs of sPEEK–silica membranes containing 20 wt. %
colloidal silica surface functionalised with aminophenyl cross-linking groups: a no
surface functionalisation, b colloidal silica/aminophenyltrimethoxysilane 90/10 wt. %,
c colloidal silica/aminophenyltrimethoxysilane 80/20 wt. %
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the mechanical properties of non-functionalised sPEEK–silica and function-
alised sPEEK–silica membranes are quite different. In the absence of surface
functionalisation, the maximum strength drops from 40 MPa for sPEEK to 10
and 5 MPa for sPEEK–SiO2 with 10 and 20 wt. % silica, respectively. However,
for ionically cross-linked membranes, the maximum strength reaches values
of ca. 35 and 30 MPa, respectively, for nanocomposite membranes with 10 and
20 wt. % silica.

Proton transfer from sPEEK to aminophenyl groups reduces the effective
IEC of the nanocomposite membrane and ultimately the proton conduction
properties, and a compromise must be found between the charge-driven par-
ticle dispersion and the need to maintain an adequately high IEC. In the above
membranes, an increasing difference was observed between the effective IEC
determined by titration and the value calculated assuming proton transfer to
each amino group, as the number of aminopropyl groups increased. This sug-
gests that particle/polymer spatial organisation is an important factor, and it
is possible that protons are transferred preferentially where sulfonic acid sites
of sPEEK are in close proximity to the silica particle surface. In agreement
with this, the observed proton conductivity of the nanocomposite membranes
is only slightly lower than that of sPEEK in the studied temperature range to
100 ◦C.

It is recalled that ionic cluster sizes in Nafion®–silicon oxide membranes
prepared by permeation of TEOS into Nafion®-117 were reported to be of
similar size to those of an unmodified membrane [50]. It is thus of par-
ticular interest that SAXS investigations of Nafion®–SiO2, Nafion®–TiO2 and
Nafion®–Al2O3 membranes prepared by recasting with metal oxide particles
show the Bragg spacing attributed to cluster-to-cluster spacing to be smaller
than that of comparison recast Nafion®, for the same hydration number
(Fig. 12) [102]. It has been proposed that a decrease in the cluster-to-cluster
distance correlates with cluster size, smaller separations being associated
with larger cluster sizes [106]. On this basis, hydrated silica- and titania-
containing membranes prepared by recasting from colloidal suspensions are
characterised by larger ionic clusters, and it is postulated that these larger
ionic clusters enable lower cell resistance and improved fuel cell current–
voltage response under elevated temperature, low humidity conditions in
which the polymer is placed under significant external stress by the cell test
frame [102].

Heteropolyacids (tungstophosphoric, silicotungstic, tungstomolybdic
acids) containing Keggin ions [(M1M2

12O40)3–] or lacunary Keggin-type struc-
tures have attracted considerable interest as the inorganic component of
composite membranes because of their low cost, commercial availability (in
some cases), and high proton conductivity when fully hydrated. In the solid
state, the above heteropolyacids (HPAs) exist as distinct 6, 14, 21 and 28(29)
hydrates that are increasingly hygroscopic and increasingly proton conduct-
ing. Above 80 ◦C under ambient RH, the conductivity drops by up to a factor
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Fig. 12 Bragg spacing from SAXS as a function of water content in recast Nafion®,
Nafion®–SiO2 and Nafion®–TiO2 membranes. Reproduced with permission from [102].
© (2006) American Chemical Society

of 103 [107–109] and thus such systems need to operate under locally high RH
to be effective in increasing the proton conductivity. It is possible that the high
temperature/low RH conductivities of composite systems incorporating HPAs
described in some reports [110] could result from the presence of phospho-
ric acid formed by decomposition of phosphorus-containing HPAs. The main
drawback, however, to the use of HPAs as a component of PEMFC membranes
is their solubility in water, which means that, in principle, membranes incorpo-
rating HPAs should not be allowed to come into contact with liquid water, such
as is generated on load or temperature cycling in situ. It is considered that even
if HPA moieties interact with the sulfonic acid/sulfonate groups of the polymer
host, the strength of these interactions will not be high enough to avoid elution
in the presence of a water flux.

Savadogo [111, 112] and others [113, 114] have developed composite mem-
branes based on Nafion® and HPAs introduced either by soaking Nafion®
membranes in a solution of HPA, or by casting a suspension containing
Nafion® dispersion and dissolved HPA. These reports concur in the observa-
tion that silicotungstic acid (STA) gives more highly conducting composite
membranes and superior fuel performance than those incorporating either
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phosphomolybdic or phosphotungstic acids (PTA), both at full humidifica-
tion, and at higher temperature/lower humidity (sample temperature 120 ◦C,
gas humidification 90 ◦C) operation conditions. It is reported that water up-
take from the liquid phase by all Nafion®–HPA composites is greater than
that of Nafion®-112, -115 or -117 [111], while uptake from the vapour phase
by composite and non-composite membranes is similar. For Nafion®-based
membranes containing PTA, the inorganic particles were of micron size, even
at low (10 wt. %) loading [114] and, after immersion in H2SO4 at 85 ◦C for 3 h,
followed by water washing (85 ◦C, 1 h), PTA was almost completely leached
out [115]. Partial exchange of the protons of PTA for NH4, Cs, Rb or Tl signifi-
cantly alleviated this loss to water, and Nafion®–Cs/H-PTA membranes were
reported to have a conductivity of 0.016 S cm–1 at 120 ◦C/35% RH, the same
as unmodified Nafion® determined under the same conditions. Although this
result seems encouraging, the longer-term stability of the conductivity needs
to be considered, since the metal ions can potentially exchange with protons
of sulfonic acid groups of Nafion®, and could also lead either to polarisa-
tion and/or to an increased rate of membrane or MEA degradation, and the
advantages of this stabilisation should be more clearly shown. Composite
membranes using molybdenum-based HPAs are electrochemically unstable
due to redox transitions in the fuel cell operating range, with migration of the
HPA to the cathode catalyst layer [114].

In sulfonated poly(arylene ether sulfone) (BPSH) composite membranes
with PTA, small shifts in IR signals arising from the stretching vibrations
ν(W=O) and ν(W–O–W) in the Keggin structure of (PW3O40)3– ions when
incorporated in a composite membrane were interpreted as resulting from in-
teraction with polymer sulfonate groups via H3O+ ions [116]. As developed
above, these interactions are certainly responsible for the homogeneity of the
distribution of the inorganic phase, which is present as particles 30–50 nm in
diameter; in a control polymer without sulfonic acid functions, particles were
in the 3 µm range. Membranes containing 30–50-nm particles had higher
tensile strength than a reference BPSH membrane without inorganic com-
ponent, as is expected for a material reinforced mechanically by hydrogen-
bonding interaction. The loss of PTA from these membranes after contact
with water vapour (100 ◦C, 15 h) depended upon the degree of sulfonation of
the polymer, being 4, 0, 2, 3 and 18 wt. % from membranes with 0, 20, 30, 40
and 60% sulfonation, respectively. These data illustrate both the importance
of polymer functionalisation in reducing extraction of PTA, and the need for
judicious choice of the degree of sulfonation so as to avoid excessive water up-
take and dissolution of the HPA. HPAs have also been used as a support for
Pt particles, and incorporated into sulfonated PEEK [117] to provide sites for
potential catalytic recombination of permeated hydrogen and oxygen [96].

Formation of HPA composites with a basic polymer such as polybenz-
imidazole (PBI) could in principle be favourable, since stronger hydrogen
bonding between the two components could delay elution of the HPA by wa-
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ter. On the other hand, the HPA will tend to be more susceptible to hydrolysis
in this environment, possibly leading to local formation of phosphoric acid
that can enhance conductivity at high temperature/low RH, but be eluted in
the presence of water. Composites of HPAs with AB-PBI doped with phos-
phoric acid have also been reported [118]. Other efforts have been made to
stabilise HPA, in particular by grafting to the surface of (modified) metal
oxide particles, generally either by reacting the HPA with an alcoholic solu-
tion of TEOS, or with an organosilyl derivative, and varying the ratio of PTA
to SiO2. PBI [119] and sPEEK-based composite membranes [120] with silica-
supported HPA have been described. The approach seems to only partially
resolve the problem; in the above study, sPEEK membranes containing STA
supported on an organo-silica and aerosil led to a reduction in the amount of
HPA bled out (water, 55 ◦C, 24 h) to around 15 wt. % from around 80% in the
reference sPEEK–HPA [121]. However, the sPEEK was highly sulfonated, with
high water uptake, indeed favouring not only loss of the inorganic material
but also dissolution of the polymer itself. This approach may represent a way
forward, but more convincing results are required to show that supported
HPAs are effectively stabilised against water solubility in an ionomer environ-
ment. Other studies, in particular the work of Honma and co-workers, have
developed the approach of composite membranes based on the incorporation
of HPAs into cross-linked hybrid silicate–polyether matrices [122–127], with
covalent bonding between HPA and the organic skeleton [128]. These are con-
sidered beyond the scope of this article, and readers are referred to a recent
overview [129].

Preparation of composite membranes with natural, synthetic and modified
clays is attracting renewed interest. So-called swelling clays delaminate in wa-
ter and give objects of high surface/volume ratio which, if oriented parallel to
the membrane surface, will provide physical barriers to fuel crossover. Other
solvents also authorise this exfoliation phenomenon, in particular when the
organophilicity of the interlayer regions of the clay is increased. This is
generally achieved by ion exchange with alkylammonium species, the pres-
ence of which will also enhance ionic interaction with a sulfonated polymer
matrix, although it will tend to lower proton conductivity. Such properties
are observed with Nafion®–organo-montmorillonite composite membranes
containing only 1 wt. % clay [130], for which methanol permeability was re-
duced by an order of magnitude compared with Nafion®-117, and which
allowed operation in a DMFC using 10 M methanol, when a power density
of ca. 100 mW cm–2 was obtained at 70 ◦C. The loss of sulfonic acid groups
was delayed to higher temperature, while maximum strength and elonga-
tion at break were reported to be higher for membranes containing up to
15 wt. % montmorillonite than for reference recast Nafion®, observations that
are compatible with enhanced cohesion at the polymer/clay interface. Simi-
larly, mechanical reinforcement in hexadecyltrimethylammonium-exchanged
montmorillonite–sPEEK is revealed by significant reduction in water up-
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take [131]. Ionic interactions via positively charged alkylammonium ions link
together the macroanionic montmorillonite layers and macroanionic poly-
mer in these systems. In other work, synthetic and natural clays modified
to covalently graft imidazole to their surfaces via alkyl or alkyl ether spacer
groups have been used as inorganic components in composite membranes
with sPEEK [132]. Imidazole and other nitrogeneous heterocycles, in par-
ticular when immobilised on a polymer backbone, have attracted interest
over recent years as amphoters able to act as centres for proton transfer in
the same way as water [133]. Although interesting as a reference system, the
above grafting to clays [132] occurs via a nitrogen atom of imidazole, which
is less favourable for proton transfer, and in addition the long-term stability
of the spacer groups in a fuel cell environment is uncertain. It has also been
reported that surface functionalisation of montmorillonite to give pendant
sulfonic acid groups followed by dispersion in Nafion® leads to membranes
and corresponding MEAs [134, 135] that give a maximum power density of
ca. 70 mW cm–2 at 40 ◦C with 2 M methanol, and it is interesting to note that
this is lower than the performance obtained with Nafion®–montmorillonite
composites having surface functionalisation with basic groups [130].

Despite the low-cost advantage of natural clays, the dependence of exact
composition on source and the possible presence of metal ion contaminants
effectively exclude them from use as fuel cell membranes. As described in
Sect. 2, metal(IV) phosphates have a layer structure which, under particular
conditions (solvent, temperature) spontaneously delaminates to give a col-
loidal suspension of nominally single layers. In the particular case of α-ZrP,
a procedure of intercalation of propylamine to 50% saturation of the ion-
exchange sites, followed by de-intercalation gives a colloidal suspension when
the recovered proton form ZrP is dispersed in water [136]. A recent report
describes the formation of composite membranes by addition of α-ZrP dis-
persed in a solution of propylamine/PBI/DMF to sPEEK/DMSO [137]. These
conditions are not expected to favour delamination/dispersion, although
the presence of both PBI and micronic ZrP effectively reduces methanol
crossover. It was earlier observed that colloidal suspensions of α-ZrP with
particles of ca. 100 nm thickness and a few µm2 surface area, when dis-
persed in DMF and used to prepare composite membranes with sulfonated
polyetherketone (sPEK) [138], led to a decrease in conductivity with increas-
ing zirconium phosphate loading up to 20 wt. %. This result, and those of
other authors on composites of exfoliated α-ZrP in Nafion® [139], is in con-
trast with that obtained when α-ZrP is precipitated in situ (Sects. 2 and 4),
and is certainly a consequence of the orientation of rather large particles
having a layer surface perpendicular to the direction of proton transport.
Much smaller particle size, X-ray amorphous ZrP, when exfoliated, forms
gels with organic solvents in which the average thickness of the particles is
25–80 nm [140] and that can readily be dispersed in ionomer solutions and
cast to form nanocomposite membranes. Using Nafion® as polymer compon-
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ent, a “stability map” identifying the temperature and RH conditions under
which the conductivity value is stable for 150 h indicates that there is a high
temperature gain for Nafion®–ZrP nanocomposite membranes of 20 ◦C over
the polymer-only membranes, attributed to the greater stiffness of mem-
branes incorporating ZrP [78].

Zirconium (titanium) phosphate sulfophenylphosphonates are members of
the same family. Here, some of the phosphate groups are replaced by sul-
fophenylphosphonate, giving a general formula:

Zr(O3POH)2–x·(O3PC6H4SO3H)x·nH2O, Zr(SPP)x .

Hybrid membranes based on sPEEK containing 40 wt. % of exfoliated zirco-
nium phosphate sulfophenylphosphonate (x = 1 and 1.5 in the above formula)
and added to sPEEK solutions show conductivities lying between those of the
individual polymer and inorganic components, being > 10–2 S cm–1 at 90%
RH and 100 ◦C [29]. In comparison, composite Nafion®–titanium phosphate
sulfophenylphosphonate membranes prepared by bulk mixing were reported
to give conductivities lower than either of the components separately [141].
Amorphous zirconium phosphate sulfophenylphosphonate, Zr(SPP)x (with
x = 1 to 1.3 in the above formula) can also be obtained as DMF-swollen gels
that can be dispersed in a DMF-based polymer solution to give membranes
in which the inorganic domains are 20–200 nm in size [93, 142]. The conduc-
tivity of composite membranes sPEK-Zr(SPP)1.3 containing 10 and 20 wt. %
of inorganic material was higher than that of sPEK (IEC 0.95 meq g–1) in the
range 80–110 ◦C, and at 90% RH, by a factor of 5 and 10, respectively. Inter-
facial effects between the polymer and Zr(SPP)1.3 in these systems were as-
sumed to be negligible, and it was proposed that inorganic-rich or continuous
inorganic component conduction pathways run through the membrane [142].
Zirconium phosphate sulfophenylphosphonate contributes very effectively to
proton conductivity in composite and nanocomposite membranes, but is less
stable to hydrolysis than zirconium phosphate, and the benefits it brings in
terms of conductivity enhancement may be lost or reduced in a fuel cell
with time of operation. Another report has been made of Nafion–Zr(SPP)
composite membranes, but comparison with other reports [31] and with the
foregoing results is difficult since the composition and characterisation con-
ditions are somewhat incomplete [143].

Other layered phosphates have also been used in composite membrane
formation. For example, layered phosphoantimonic acid (H3Sb3P2O14·xH2O)
dispersed in sulfonated polysulfone has been reported to increase conduc-
tivity, lower permeability to oxygen and reduce water uptake, properties
that were attributed to interaction between the inorganic and polymer com-
ponents [144]. Finally, boron phosphate has interesting characteristics that
merit special mention. Although best known for its properties as an acid cat-
alyst, BPO4 is a proton conductor under certain conditions that allow local
formation of (di)hydrogen phosphate groups and/or phosphoric acid. Best
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conduction properties are observed in samples of low degree of crystallinity,
but this parameter requires careful control since amorphous BPO4 is highly
hygroscopic and tends to water solubility. Addition of boron phosphate to
a sPEEK solution gave microporous composite membranes in which sub-
micron particles of BPO4 were embedded in the pore walls [145], presum-
ably resulting from phase inversion with water associated with the inorganic
phase. Note that dispersion of a powder into a solution, followed by phase in-
version, leads to entrapment of the inorganic phase in the pore walls, unlike
the microporous sPEEK membranes incorporating in situ prepared ZrP de-
scribed above, where the inorganic material is located as a coating on the pore
surfaces or within the wall. Further, no mention was made of an improved
dimensional stability, although the conductivity of composites sPEEK–BPO4
was in every case significantly increased over that of sPEEK. Boron phosphate
stabilised with silica has been incorporated into polyimide by incorporation
into polyamic acid followed by thermal treatment [146].

4
Preparation of Composite Membranes Using Polymer Solutions
or Dispersions as Reaction Medium for In Situ
Formation of the Inorganic Component

An important limitation of the use of a pre-formed membrane as template
for inorganic particle growth, as described in Sect. 2, is the content of in-
organic material that can be formed. The approach by which metal ions
are introduced into the ionomer membrane by ion exchange is in effect
limited by the IEC of the constituent polymer. Since excessive increase in the
IEC is detrimental to the mechanical stability of the membrane in contact
with water, simply boosting the degree of sulfonation displaces the problem.
Using sPEEK of IEC 1.3 meq g–1, up to 30 wt. % of ZrP may be formed by
ion exchange/precipitation [29]. When the inorganic component is formed
within a polymer solution there is in principle no limit to the composi-
tion, within the bounds of solubility considerations of the inorganic pre-
cursors in the solvent system used. While this approach has been largely
developed for the preparation of hybrid inorganic–organic membranes for
other applications, it has as yet been relatively little used in the fuel cell
membrane field. Some of the first work in this area using Nafion® was car-
ried out by Zoppi and Nunes, when Nafion®–silica membranes containing
6–54 wt. % silica were prepared by addition of TEOS (and, in some cases
1,1,3,3-tetramethyl-1,3-diethoxydisiloxane, TMDES, to introduce flexible seg-
ments) to propanol/water Nafion® dispersions. The Nafion® microstructure
forms at the same time as the condensation/polymerisation of the silica
and, although diverse morphologies were observed, the particle size was



Development of Inorganic–Organic Membranes for Fuel Cell Applications 253

generally large and in the micron range, with polymer-rich regions in the
membranes devoid of silica. Even at only moderate levels of inorganic con-
tent, these Nafion®–SiO2 membranes were reported to be brittle, while in-
corporation of 15–20 wt. % TMDES improved flexibility and elasticity [147].
In dry argon, the conductivity of Nafion®–SiO2 membranes prepared ac-
cording to this approach and dried under vacuum at 30 ◦C for 1 week was
< 10–5 S cm–1 [148], a set of conditions outside of the PEMFC application win-
dow for membranes based on current PFSA. A similar approach has been
developed in recent work, with important differences in that DMAc was used
as reaction medium (recovery of “dry” Nafion® from propanol/water and re-
dispersion in DMAc) and the cast membranes were thermally treated at up
to 120 ◦C [149]. The water uptake at 20 ◦C of these membranes increased
with silica content (5–15 wt. %), but the proton conductivity followed an op-
posite trend that was pursued throughout the measurement range to 80 ◦C.
Despite this, DMFC performance at 60 ◦C was higher with the MEA based
on Nafion®–SiO2 (5 wt. %) than reference recast Nafion® due to reduced
methanol crossover.

The size of Nafion aggregates in suspension relative to dissolved molecu-
lar inorganic precursors does not favour formation of nanoscale integration
of components, in particular when no specific interaction operates between
them that could lead to an increase of the interface region, and act to avoid
segregation of the inorganic and organic phases on removal of solvents from
a cast film. Sulfonated polyaromatic polymers, on the other hand, form solu-
tions in a variety of solvents having a range of dielectric constants, and this
provides a process parameter of which use can be made in generating hybrid
membranes comprising different inorganic component morphologies. This
route was further opened up by Rozière, Jones and co-workers by adjunc-
tion of molecular inorganic precursors having polarity opposite to that of the
polymer to favour self-assembly by ionic interaction. An acid-catalysed sol–
gel type reaction takes place between TEOS and aminophenyltrimethoxysi-
lane (APTMOS) in a solution of sPEEK (e.g. in NMP) to give silicon oxide in
which the surface is functionalised by aminophenyl groups. Our work showed
that for silica contents in the range up to ca. 25–30 wt. %, small cluster-type
morphology is observed, the size of which depends on the relative amounts
of silicon source (TEOS) and cross-linking agent (APTMOS). For example,
elongated particles of length 50 to 100 nm are formed in hybrid membranes
containing 20 wt. % silicon oxide prepared with TEOS/APTMOS in weight
ratio 9:1, while on increasing the proportion of APTMOS (TEOS/APTMOS
weight ratio 8:2) growth is limited to much smaller spherical silica particles
around 10–20 nm in diameter.

This ionic cross-linking –NH+
3 ––O3S– no longer suffices in ensuring high

dispersion above inclusion of ca. 30 wt. % silica, in the absence of other
favourable factors. In the present work, high dielectric constant solvents were
used to solvate ion pairs via electrostatic interactions without hindering ionic
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Fig. 13 The dependence of water uptake at 25, 80 and 120 ◦C on silica content of sPEEK–
silica membranes

interaction at the interface [26]. In this way, with the use of DMSO as sol-
vent (dielectric constant 30), transparent sPEEK–silicon oxide membranes
could be obtained containing up to 50 wt. % SiO2. The importance of the
ionic cross-linking in controlling membrane swelling in water is demon-
strated by the results shown in Fig. 13, in which the water uptake at 25, 80
and 120 ◦C is plotted as a function of the weight percent of silica in the
nanocomposite membrane. Water uptake for unmodified sPEEK membranes,
although moderate at 25 ◦C, is high (90–150 wt. %) at between 80 and 120 ◦C.
In sPEEK–silica membranes, water uptake at these temperatures is sharply
attenuated when the silica content is above ca. 30 wt. %, and approaches at
120 ◦C a value close to that of unmodified sPEEK membrane at 25 ◦C. This de-
crease in water uptake, most marked at high temperature, is important in the
context of the recognised contribution of membrane swelling/contraction cy-
cles to mechanical fatigue and membrane failure in an operating fuel cell. The
explanation for these observations is found at a microstructural level, since
all evidence points to the presence of interpenetrating inorganic and polymer
networks. From TEM, homogeneously distributed inorganic and organic re-
gions were identified, each having dimension ca. 4 nm. After removal of the
sPEEK constituent from the nanocomposite membrane (thermal treatment or
dissolution), the inorganic component could be recovered as a self-supported
film (Fig. 14) that nitrogen adsorption–desorption measurements revealed
to be mesoporous, with pore dimension 4–5 nm. The inorganic nanoporous
structure is a replica of the organisation that the sPEEK polymer adopted
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Fig. 14 a Self-supported silica film recovered from hybrid sPEEK–silica (50 wt. %) after
thermal removal of sPEEK component. Film thickness: 40 µm. b Nitrogen adsorption–
desorption isotherms of silica film

in the nanocomposite membrane, and the elevated silica surface area (BET
surface area 740 m2 g–1) provides good evidence for a highly extensive in-
terface region between inorganic and organic polymer components. In this
arrangement, sPEEK is essentially “confined” within a continuous reinforcing
silica network formed in situ, which limits water swelling and dimensional
change. However, even at much lower silica content the ionic interaction
still influences the mechanical properties: the maximum strength of a sPEEK
membrane of 39 MPa drops by a factor of 5 when 10 wt. % silica is formed in
situ from TEOS only, but including a proportion of 9:1 or 9:2 TEOS/APTMOS
increases the strength to 32 and 37 MPa, respectively. An MEA based on
sPEEK–silica (10 wt. %) has provided one of the first examples of long-term
fuel cell operation of a sulfonated polyaromatic membrane when 1000 h of
operation were achieved under conditions of full humidification at 90 ◦C,
a cell voltage of 600 mV being produced under constant current density of
0.5 A cm2 [150].
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The proton conductivity in sPEEK–silica membranes depends on both
their silica content and the proportion of APTMOS ionic cross-linking agent
since, as described above for hybrid membranes incorporating aminophenyl-
functionalised colloidal silica, the membrane effective IEC is affected by the
presence of basic aminophenyl groups. Figure 15 displays proton conductivity
over the temperature range to 100 ◦C of membranes containing up to 50 wt. %
silica. Using a new fluorine-containing PBI, covalent bonding between func-
tionalised silica and benzimidazole nitrogen has given a hybrid membrane
with high modulus and low methanol crossover, although insufficient proton
conductivity [151].

The in situ construction of the inorganic component within a cast poly-
mer solution is not limited to metal oxides and in practice a range of other
inorganic materials can be formed depending on the choice of precursor(s)
incorporated in the polymer solution, and the nature of post-treatment fol-
lowing solvent removal. Rozière and Jones and co-workers have developed
nanocomposite membranes in which zirconium phosphate is formed from
zirconyl propionate introduced into a DMAc solution of sPEEK, by immersion
of the cast film, after solvent removal, into phosphoric acid. This approach
provides a robust synthetic route that can be generalised to other ionomers,
and allows the amount of ZrP to be readily varied, even up to ca. 40–50 wt. %.

In common with the sPEEK–silica systems described above, the morph-
ology of zirconium phosphate formed from a multicomponent solution con-

Fig. 15 Temperature dependence of proton conductivity at 100% RH of sPEEK (a) and
sPEEK–silica membranes containing 20 (b) and 45 wt. % (c) silica
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taining zirconyl propionate and sPEEK can be induced to evolve from discrete
particulate to an extended network as the zirconium phosphate content in-
creases. The self-supported films of ZrP that are recovered when sPEEK is
removed from the composite membrane again provide a means of interpret-
ing, in terms of interpenetrating sPEEK–ZrP networks, the reduced water up-
take and dimensional change of sPEEK–ZrP membranes. Mesoporous, high
surface area zirconium phosphate is being sought for applications in separa-
tion and catalysis [152], and this route, in addition to its utility for fuel cell
ionomer membrane preparation, also represents an original approach to such
a material (BET surface area 390 m2 g–1, pore diameter 5 nm), moreover in
a shaped and self-supported form.

sPEEK–ZrP membranes prepared in this way and containing 20 wt. %
ZrP have been operated in DMFC single cells with air and oxygen feeds
at temperatures up to 150 ◦C, using non-commercial electrodes of metal
loading 1.2 mg cm–2 (anode, PtRu; cathode, Pt) [153]. The power density
increases with temperature up to 150 ◦C using an oxygen feed, with par-
ticularly strong performance improvement between 100 and 110 ◦C. The
maximum power density, reached at a potential close to 0.4 V at 150 ◦C,
increases from 70 mW cm–2 (with air oxidant, 50 mW cm–2) at 90 ◦C to
180 mW cm–2 at 150 ◦C (Fig. 16). With air as oxidant, the maximum power
density (130 mW cm–2) was obtained at 130 ◦C. These observations are of
particular note given the low catalyst loading, and the results compare
favourably with those that were obtained in the same fuel cell hardware using
Nafion®-117 and E-TEK electrodes (2 mg metal cm–2) where, although the
maximum power density was higher (250 mW cm–2 with oxygen), the max-
imum power density decreased above 130 ◦C, with irreversible deterioration
of the Nafion®-117 membrane.

Particularly promising in the context of high-temperature fuel cell op-
eration is the exceptional long-term stability of a DMFC stack comprising
30 of the above MEAs. This DMFC stack (0.7 kW power with air feed) was
operated with daily load (open circuit to 0.4 A cm–2) and temperature cy-
cling (room temperature to 130 ◦C), with 8 h operation at 130 ◦C and shut-
down overnight. The stack was run in this way for two periods of a month,
with an interim shutdown for 1 month between runs. An initial oscillatory
behaviour, attributed to electrode stabilisation, progressed to stable power
output after around 20 days of temperature/load cycling, and recovery of
stack voltage was excellent even after the shutdown period of 1 month.
These results are remarkable both in the stability of stack performance and
the durability of the components under severe operating conditions (130 ◦C,
air and methanol mixture pressures, stop/start operation), and are all the
more encouraging in that no optimisation was made of the interface be-
tween membrane and electrodes. These results may be compared with those
obtained with Nafion®–ZrP prepared by ion exchange/precipitation in cast
Nafion membranes (Sect. 2.2), where power densities of ca. 90 mW cm–2 at
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Fig. 16 Single fuel cell characterisation at 90–150 ◦C of membrane electrode assemblies
prepared using sPEEK–ZrP (20 wt. % ZrP prepared in situ in sPEEK solution). Non-
commercial electrodes, 1.2 mg cm–2 PtRu anode, 1.2 mg cm–2 Pt at cathode. 1 M methanol
feed, 2.5 bar; oxygen, 3 bar. Measurements at � 90 ◦C, � 100 ◦C, � 110 ◦C, •120 ◦C,
� 130 ◦C, � 140 ◦C, ♦ 150 ◦C. Unbroken line is current density vs. cell voltage; dashed
line is power density vs. cell voltage

130 ◦C (Pt/Ru 1.85 mg cm–2 at the anode, 0.37 mg cm–2 Pt at the cathode,
methanol 1.5 M) and 260 mW cm–2 at 140–150 ◦C have been reported for
Nafion-117–ZrP with air feed, but no information was provided on MEA
durability [72, 76].

In a related approach, Alberti and Casciola described the addition of
a solution in propanol of zirconyl propionate, phosphoric acid and sul-
fophenylphosphonic acid to PFSA or sPEK in suspension/solution [86].
The removal of solvents from cast films leads to membranes giving sig-
nals characteristic of O3POH and O3PC6H4SO3H groups, at positions ex-
pected for ZrSPP, presumably of very low particle size since no char-
acteristic X-ray diffraction lines were observed. The proton conductiv-
ity of sPEK (IEC 0.9 meq g–1) increased from 2×10–4 to 7×10–4 and
5×10–3 S cm–1 for membranes containing 20 and 33 wt. % ZrSPP, respec-
tively, at 100 ◦C and 70% RH. Even the better value is at the lower limit for
fuel cell use, but use of a sPEK of slightly higher IEC would overcome this
difficulty.
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5
Conclusions and Outlook

There is increasing evidence that the main advantage conferred by the pres-
ence of an inorganic component, in terms of both fuel cell performance at
higher temperature and lower RH, and MEA durability and lifetime, lies in
improvement in mechanical properties. This effect is a result both of spe-
cific interactions between the inorganic and organic components of which
hydrogen bonding is the most ubiquitous, and of an internal scaffolding
effect played by the presence of inorganic particles and networks, which ex-
ercises a stabilising influence on the ionic cluster volume, which is then less
susceptible to changes in degree of hydration. Charge-driven assembly of
inorganic and organic components of different polarity (sulfonic acid func-
tionalised polymer, basic functionalised inorganic material, or vice versa),
or of different relative acidity, allows highly dispersed and homogeneous
nanocomposites to be obtained. Hydrogen bonding and ionic cross-linking
are most effective and most prevalent when the organic/inorganic interface
region is extensive, a condition satisfied when the inorganic phase is present
as nanometric particles or as an extended system forming a co-continuous
network with the organic polymer. Different strategies for nanocomposite
fuel cell membrane preparation may be distinguished, broadly divided into
those making use of a cast membrane as a template for inorganic particle
growth, and those in which an inorganic material is either added to, or
formed within, a polymer solution or dispersion. While the former makes use
of existing hydrophilic regions as preferential sites for particle growth within
an existing membrane architecture and microstructure, the latter opens up
the opportunity of modifying or orienting the resulting microstructure, by
mutual adaptation of the inorganic structure and polymer chain organisa-
tion. In this sense, the preparation route is critically important in defining
the properties of the final membrane, as are thermal post-treatments when
use has been made of a polymer dispersion. In general, proton conductivity
is less sensitive to membrane preparation route than are mechanical prop-
erties and membrane lifetime, and conductivity measurements taken alone
inadequately predict MEA fuel cell performance and durability. Many recent
reports have succeeded in their endeavour to identify under which conditions
inorganic–organic membranes provide properties superior to those shown
by the polymer-only counterpart, and there is every reason to be optimistic
that MEAs based on nanocomposite membranes have a role to play in the
highly strategic operation conditions of low RH at 110–130 ◦C. Current hur-
dles persist: membrane electrical resistance and long-term durability under
fuel cell operation and, in this context, in-depth studies of ageing and degra-
dation under realistic operation conditions are still needed to enable further
materials improvements and alignment with current targets.
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